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A B S T R A C T

Aluminum alloys are widely used in lightweight applications but frequently suffer mechanical degradation at 
high temperatures due to phase coarsening. This study presents a novel Al-6.5Ni-1.4Fe-0.9Zr (wt.%) near- 
eutectic alloy, designed using thermodynamic principles and non-equilibrium solidification modeling to opti
mize both printability and mechanical performance. Fabricated via laser powder bed fusion, the alloy exhibits 
fine grains in both the horizontal and vertical planes, refined by Zr-induced nucleation, thereby minimizing 
microstructural anisotropy. The as-built alloy achieves a yield strength of 395 MPa and ultimate tensile strength 
of 560 MPa, primarily attributed to its refined ~300 nm cellular microstructure and high dislocation density. 
After 100 h of thermal exposure at 350 ◦C, the alloy maintains stable hardness and demonstrates superior heat 
resistance. In situ synchrotron X-ray diffraction was used to analyze dislocation density evolution using the 
Williamson-Hall method, revealing increased dislocation accumulation during tensile loading and partial re
covery after aging. Nanosized L12-Al3Zr precipitates with coherent interfaces contribute to thermal stability, 
exhibiting a low coarsening rate of 6.1 nm3/s at 400 ◦C. These findings underscore the potential of the Al-6.5Ni- 
1.4Fe-0.9Zr alloy for high-performance applications in environments where long-term thermal stability and 
mechanical integrity are crucial.

1. Introduction

Aluminum (Al) alloys, owing to their high specific strength, are 
widely used as lightweight structural material in the sector of aircraft, 
automobile, automation and consumer electronics to reduce weight and 
save cost without sacrificing properties and service cycle, possessing 
more competitiveness than titanium alloys, copper alloys, and steels at 
ambient temperature [1,2]. Conversely, the superiority will vanish at 
elevated temperature, particularly over 200 ◦C, attributing to thermally 

induced precipitate coarsening and resultant softening, eventually 
leading to strength collapse [3–5]. Given the critical role that Al alloys 
play, applicable strengthening principles call for implementation.

Research on powder-based additive manufacturing (AM) of Al alloys 
is rapidly increasing due to its ability to produce complex component 
shapes, reduce weight, liberate design limitation, and enhance me
chanical properties. Regarding the laser powder bed fusion (LPBF), 
~822 publications were found in LPBF produced Al alloys from 2009 to 
2019 investigated by Kusoglu et al. [6]. About 65% publications were 
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near-eutectic Al-Si-(Mg) compositions, which results from minimizing 
solidification range and thereby reducing hot tearing susceptibility 
[7,8]. Eutectic reaction was shown to be a practical strategy to enhance 
the LPBF processability. Considering the 2000 series (Al-Cu) alloys that 
suffer cracking by LPBF, Pauly et al. increased the Cu content to Al-33Cu 
(wt.%) and achieved crack-free eutectic microstructure [9]. However, 
the prevalent Al-Si-(Mg) and Al-Cu alloys via LPBF are challenged by 
high temperature. Uzan et al. explored that the yield strength (YS) and 
ultimate tensile strength (UTS) of LPBF produced AlSi10Mg sharply 
declined from 204 and 358 MPa to 70 and 73 MPa, respectively at 
300 ◦C, although the elongation (El) increased from 7.2 to 41.4% [10]. 
To enhance the high temperature performance of LPBF fabricated Al 
alloys, ceramic particles (TiB2 [11], TiCN [12], and TiC [13]) act as 
heterogeneous nucleation sites, resulting in grain refinement and 
enhanced mechanical properties, noting deficiencies from the brittle 
byproducts (like Al4C3 [14]) and damage to plastic-toughness. Recently, 
Al-TM (transition metal) with near-eutectic composition were supposed 
to show promising heat resistance due to high volume fraction of ther
mally stable phases, particularly Al3Ni [15] and Al11Ce3 [16], which 
provides sufficient strengthening phases and simultaneously ensures the 
LPBF processability. Deng et al. [15] obtained spherical nano-Al3Ni in 
LPBF produced Al-5.7Ni eutectic alloy, maintaining a YS of 137 MPa at 
300 ◦C, nearly twice as much as AlSi10Mg [10]. Furthermore, it was 
found that a nano thin layer of α-Al was sandwiched between each Al3Ni 
fiber and the surrounding Al matrix [17]. This Al shell illustrated the 
coherent orientation with the Al3Ni fiber, accordingly restricting the 
growth of the Al3Ni phase. However, there is still room for strength 
enhancement of Al-Al3Ni alloys when not only relying on eutectic Al3Ni 
phases. Fe has been proven to be effective via solid solution strength
ening, despite its low equilibrium solubility (0.025 at.%) [18]. For 
example, Mukai et al. produced Al-1.7Fe (at.%) alloy with supersatu
rated solid solution by non-equilibrium processing, achieving a high YS 
of 950 MPa [19]. Additionally, Al-1.75Fe-1.25Ni (wt.%) eutectic alloy 
by LPBF demonstrated excellent longstanding heat resistance under 
300 ◦C because of the stable rod-like Al9FeNi phases [20]. Nevertheless, 
large volume fraction of eutectic phases cannot withstand persistent 
thermal exposure at 400 ◦C or even higher temperature.

According to the literature, interfacial solute segregation has been 
demonstrated to be an effective method that couples the slow-diffusing 
solutes at the precipitates/matrix interfaces to inhibit the growth of 
strengthening phases. It was shown that Sc/Zr segregated at the in
terfaces with coherent orientations can stabilize the nanoprecipitates by 
reducing the interfacial energy and blocking the trans-interface diffu
sion, thereby resulting in enhanced mechanical properties and high 
creep resistance [21,22]. In particular, the synergistic effects of L12- 
Al3(Sc, Zr) strengthened α-Al phase and coarsening-resistant Al-Al11Ce3 
eutectic, due to interfacial Sc and Zr segregation, lead to excellent 1000 
h creep resistance at 400 ◦C in the as-cast Al-1.5Ce-0.14Sc-0.03Zr (at.%) 
alloy [21]. While Sc is a more potent strengthener than Zr attributing to 
the faster precipitation kinetics of Sc, Zr is more economically practical 
and has stronger interfacial segregation behavior, contributing to 
enhanced heat resistance [23,24]. Pandey et al. provided clear evidence 
of Zr segregation at the eutectic Al3Ni and Al matrix interface via atom 
probe tomographic technique, which improved the mechanical proper
ties and reduced the coarsening rate [25].

After a thorough analysis, we have designed a novel additively 
manufactured Al-6.5Ni-1.4Fe-0.9Zr (wt.%) alloy that integrates a large- 
volume fraction of heat-resistant eutectic Al3Ni phases and nano-sized 
L12-Al3Zr strengthening precipitates, making it highly promising for 
high-temperature applications. The sub-micron cellular eutectic phases 
not only ensure the processability of LPBF but also contribute signifi
cantly to the mechanical properties through precipitation strengthening, 
with Fe providing additional reinforcement. Meanwhile, the nano L12- 
Al3Zr precipitates enhance resistance to high-temperature coarsening, 
owing to the synergistic effect with the coherently strengthened α-Al 
phase. We investigate the microstructural characteristics, mechanical 

properties, and thermal stability of the LPBF-produced Al-6.5Ni-1.4Fe- 
0.9Zr alloy, with the Scheil-Gulliver solidification model [26] aiding in 
the design process. Furthermore, the evolution of dislocation density in 
the Al matrix during in situ loading, both in the as-printed and heat- 
treated states, is evaluated using high-energy synchrotron X-ray 
diffraction (SXRD). By revealing how cellular eutectic microstructure 
and coherent nanoprecipitates synergistically govern strength and 
thermal stability, this work advances cost-effective heat-resistant 
aluminum alloy development.

2. Materials and experiments

2.1. Materials fabrication

The pre-alloyed powder was prepared using the gas-atomized tech
nique from a mixture of pure Al, Al-10Ni, Al-10Fe, and Al-10Zr master 
alloys. The stoichiometric composition of the Al-Ni-Fe-Zr powder was 
obtained via the inductively coupled plasma-atomic emission spec
trometry (ICP-AES) and listed in Table 1, abbreviated as Al-6.5Ni-1.4Fe- 
0.9Zr. Fig. 1(a) shows the spherical powder shape with a Hall flow rate 
of 55.25 s/50 g (ISO 4490). Additionally, the particle size distribution, 
with Dv(10) = 23.1 µm, Dv(50) = 39.4 µm, and Dv(90) = 62.8 µm, is 
presented in Fig. 1(b). The cross sections of the powders exhibit a 
mixture of cellular (Fig. 1(c and d)) and lamellar (Fig. 1(e and f)) 
structures. Sample printing was performed with an SLM®125 HL printer 
(SLM Solutions, Germany) with a 400 W IPG Yb fiber laser under high 
purity argon atmosphere. An Al alloy plate (125 × 125 × 25 mm) was 
used as a building substrate with a preheating temperature of 200 ◦C. A 
process window was explored with laser power ranging from 200 to 380 
W and scanning speed from 600 to 2600 mm/s, while the layer thickness 
and hatch spacing were fixed at 30 µm and 100 µm, respectively. As 
shown in Fig. S1 of the Supplementary Materials, the highest relative 
density reached 99.5% and the maximum Vickers hardness reached 
~177.1 HV at 380 W and 1800 mm/s. The specimens printed with this 
parameter set were used for subsequent microstructural characteriza
tion and mechanical testing. Fine cellular structures were consistently 
observed across the different LPBF parameter sets investigated, see 
Fig. S2. A 67◦ layer rotation and stripe scanning strategy were adopted 
to achieve high density fabrication. After printing, the specimens were 
removed from the building substrate by wire electrical discharge 
machining (WEDM).

2.2. Microstructure characterization

Optical microscopy (OM) images were collected on an Olympus 
VANOX-T AH-2. The sample microstructures were observed using a 
scanning electron microscope (SEM, Tescan LYRA, Czech Republic) with 
a backscattered electron (BSE) detector and an electron backscatter 
diffraction (EBSD) system. Samples for OM and SEM were initially 
prepared by mechanical grinding with SiC abrasive paper to achieve a 
flat surface, followed by polishing to a 1 µm finish using colloidal silica. 
OM samples were subsequently etched for 3 to 5 s using Keller's reagent 
(a solution of 2.5 ml HNO3, 1.5 ml HCl, 1 ml HF, and 95 ml distilled 
water). For SEM and EBSD analysis, electropolishing was performed 
using a mixture of perchloric acid and ethanol in a 9:1 vol ratio at 15 V 
and − 30 ◦C for 10 to 20 s. Transmission electron microscopy (TEM, 
JEOL JEM-2200FS, Japan) was performed to analyze the precipitate 
morphology and crystallography information. Nanoscale 

Table 1 
Chemical composition of the Al-Ni-Fe-Zr powder.

Elements Ni Fe Zr O Al

Wt.% 6.45 1.37 0.85 0.05 Balance

F. Li et al.                                                                                                                                                                                                                                        Materials & Design 265 (2026) 115997 

2 



microstructural characterization was conducted using an FEI Talos 
F200X S/TEM operated at 200 kV, coupled with energy dispersive x-ray 
spectroscopy (EDS) for local chemical composition analysis. In addition, 
the NanoMEGAS ASTAR system integrated with the TEM was used to 
enable automated crystal orientation and phase mapping at the nano
scale. TEM specimens were prepared by focused ion beam (FIB) slicing 
(FEI Helios G4 CX dual-beam microscope, USA).

2.3. Heat treatment and mechanical testing

Rectangular samples of LPBF fabricated Al-6.5Ni-1.4Fe-0.9Zr alloy 
were cut in the dimension of 6 × 6 × 3 mm and subsequently aging- 
treated at 250, 300, 350, and 400 ◦C for 0–100 h holding time. 
Following ASTM E384-08a, microhardness tests were performed at 300 
g load for 10 s. Fifteen measurements were taken for each sample. To 
investigate the mechanical performance of both the as-fabricated spec
imens and those aged for 6 h at 300 and 400 ◦C, dog-bone tensile 
samples were prepared with their long axes parallel to the laser scanning 

direction. These samples were cut to gauge dimensions of 11.5 × 3.5 × 1 
mm using WEDM, after which the top, bottom, and lateral grip surfaces 
were ground with SiC abrasive papers up to 4000 grit. All tensile tests 
were conducted at room temperature (RT) using an MTS Alliance ma
chine at a strain rate of 1 × 10− 3 s− 1, with a video extensometer. 
Additionally, high-temperature tensile experiments were conducted at 
200, 300, and 350 ◦C on an Instron 5989 machine equipped with a 50 kN 
load cell at a strain rate of 1 × 10− 3 s− 1. Strain gauges measured 
deformation at 200 and 300 ◦C, while strain at 350 ◦C was calculated 
from crosshead displacement as the strain gauges could not function at 
this temperature.

2.4. In situ SXRD experiment

SXRD experiments were performed at the P07B High Energy Beam
line of PETRA III/DESY for phase identification and dislocation density 
calculation. To reveal the bulk microstructural information in trans
mission mode, a high-energy beam with a photon energy of 87.10 keV 

Fig. 1. (a) SEM image showing the powder morphology, (b) powder particle size distribution, BSE images showing (c, d) lamellar and (e, f) cellarer eutectic 
microstructure of powders, and (g) schematic set-up of in situ SXRD experiment.
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(equivalent to a wavelength of 0.14235 Å) was employed with a beam 
size of 700 × 700 µm2. A 2D PerkinElmer fast detector with a pixel size 
of 200 × 200 µm2 was utilized to acquire the Debye-Scherrer diffraction 
rings under various stress/strain levels. Before in situ experiments, LaB6 
standard was employed to calibrate instrumental peak broadening from 
the beamline optics, and determine the sample-to-detector distance 
(1226 mm). Fig. 1(g) provides an illustration of the SXRD experimental 
setup during in situ tensile testing. Following the acquisition of the 2D 
images, the raw data underwent post-processing through a hybrid 
approach involving Fit2D and Rietveld refinement using MAUD 
software.

3. Results

3.1. Alloy by design

To understand the solidification behavior of ternary Al-Ni-Fe alloy, 
Pandat® thermodynamic software was used to calculate the ternary Al- 
Ni-Fe eutectic point of 94.54Al-4.59Ni-0.87Fe (wt.%) as shown in Fig. 2
(a). The pseudo-binary phase diagram of Al-6Ni-xFe alloy reveals the 
change of phases with increasing Fe content (Fig. 2(b)). To avoid the 
formation of the coarse Al13Fe4 phase, the mass fraction of Fe should be 
lower than ~1.3 wt%. At the final stage of solidification, eutectic Al/ 
Al3Ni and thermally stable Al9FeNi phases are supposed to be present. 
The printability of eutectic alloys was further analyzed. Hot cracking 
susceptibility is a practical measure of LPBF printability, since cracks 
often form during the terminal stage of solidification and limit build 

integrity. It is quantified using crack susceptibility index (CSI), defined 

as the absolute slope 
⃒
⃒
⃒dT/d

(
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)1/2

⃒
⃒
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where εlocal is the local strain in the mushy zone, t is time, β is the so
lidification shrinkage, fS is the solid fraction, T is temperature, z is the 
axial direction, and vz is the liquid feeding velocity along grain boundary 
(GB). CSI is obtained by calculating the solidification path and then 
measuring the local steepness of the T versus 

(
fS
)1/2 curve close to 

complete solidification. The solidification path was calculated using 
Pandat® thermodynamic software based on the designed alloy compo
sition. A smaller CSI indicates lower hot cracking susceptibility and 
therefore better printability. A higher growth restriction factor (Q) value 
leads to smaller grain size and enhances mechanical properties due to 
refined microstructure, which is calculated by the following equation 
[27,28]: 

Q =

(
∂(ΔTCS)

∂fS

)

fS→0
(2) 

where ΔTCS stands for constitutional undercooling affecting grain 
nucleation and growth. The calculation results indicate that Fe solute 

Fig. 2. Design strategies of Al-Ni-Fe-Zr alloy: (a) The isothermal section diagram of ternary Al-Ni-Fe system, (b) Al-6Ni-xFe (x = 0–2 in wt.%) pseudo-binary phase 
diagram, (c) growth restriction factors and cracking susceptibility indexes of Al-6Ni, Al-6Ni-1.5Fe, Al-6Ni-1.5Fe-1Zr alloys, and (d) solidification range of Al-6.5Ni- 
1.4Fe-0.9Zr alloy based on the Scheil-Gulliver model. The phase diagrams (a, b) are generated by Pandat® software.
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contributes minimally to grain refinement, whereas Zr significantly 
enhances it.

The cracking susceptibility indexes and growth restriction factors of 
Al-6Ni, Al-6Ni-1.5Fe, and Al-6Ni-1.5Fe-1Zr alloys were calculated and 
plotted in Fig. 2(c). Compared with Al-6Ni-1.5Fe, binary Al-6Ni eutectic 

alloy demonstrates lower cracking susceptibility. Adding Zr significantly 
decreases the CSI, proving the feasibility of crack-free printing. Addi
tionally, the solute elements of Ni, Fe, and Zr have separate effects on the 
grain size in Al alloys. Evaluating the impact of solute additions on grain 
growth provides the fundamental prediction of the mechanical 

Fig. 3. Multiscale characterizations of as-printed Al-6.5Ni-1.4Fe-0.9Zr alloy. OM images (a) perpendicular to the BD and (b) paralleled to the BD. (c) SEM-BSE image 
and (d) corresponding enlarged image. STEM-HAADF micrographs and corresponding EDS maps (Al, Ni, Fe, and Zr) showing (e) cellular structure and (f) 
Al9FeNi particles.
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properties. As discussed above, the near-eutectic Al-6.5Ni-1.4Fe-0.9Zr 
alloy could have both good printability and competitive mechanical 
performance. The solidification behavior of the alloy is plotted in Fig. 2
(d). The possible thermostatic eutectic reaction (Liquid → α-Al + Al3Ni/ 
Al9FeNi) is found at the final stage of solidification, which substantially 
shrink the solidification range. Consequently, this reduction leads to a 
shorter duration of the mushy zone, thereby minimizing the thermal 
stresses that can cause solidification cracking.

3.2. Heterogeneous as-built microstructure

The multiscale characterizations in Fig. 3 demonstrate the crack-free 
printing and heterogeneous microstructure. Fig. 3(a and b) show the OM 
images of the as-fabricated samples viewed perpendicular and parallel 
to the building direction (BD), respectively. Both directions exhibit 
typical LPBF features solidified from semi-circular melting pool (MP) 
and scanning tracks are evident on the top plane that is perpendicular to 
the BD. The single-track diameter and hatching distance both are ~100 
µm, in good agreement with the processing parameters. The SEM images 
in Fig. 3(c and d) illustrate the mesoscale structure features at the 
melting pool boundary (MPB) and in the melting pool interior (MPI). 
Fig. 3(c) displays a distinct MPB with cellular structures formed due to 
the rapid solidification typical of LPBF, which enhances strength by 
refining grain size and limiting dislocation motion [29]. Fig. 3(d) reveals 
fine Al9FeNi precipitates at the MPB, which stabilize the microstructure 
at elevated temperatures by preventing grain coarsening. The STEM 
high-angle annular dark-field (HAADF) imaging combined with EDS 
mapping (Fig. 3(e and f)) provides a closer view of nanoscale chemical 
partitioning in the as-fabricated alloy. In Fig. 3(e), a submicron cellular 
morphology with an average diameter of ~300 nm is observed. In 
contrast to the fibrous morphology reported for cast Al-6Ni [30], the 
present alloy exhibits distinct cellular characteristics, where the cell 
interiors are Al-rich and the cell walls are enriched in Ni, consistent with 
an Al3Ni-rich eutectic network. A weak but detectable Fe enrichment is 
also observed along parts of the cell walls, which suggests that a small 
fraction of Al9FeNi is present within the wall network. Fig. 3(f) further 
reveals the Al9FeNi phase more clearly as regular plate-like particles 
with strong Fe and Ni signals, which corresponds well to the particle- 
rich region at the MPB seen in Fig. 3(d). The Zr map remains rela
tively uniform at the present spatial resolution, suggesting that Zr is 
predominantly retained in the Al matrix rather than concentrated in the 
Ni- and Fe-rich intermetallic phases.

The EBSD analyses of the LPBF processed Al-6.5Ni-1.4Fe-0.9Zr alloy 
demonstrate notable differences in microstructural features between the 
cross sections perpendicular and parallel to the BD, see Fig. 4. The in
verse pole figure (IPF) maps in Fig. 4(a and e) and the grain size dis
tribution charts in Fig. 4(c and g) indicate that the grains oriented 
perpendicular to the BD are finer and more equiaxed, with an average 
size of 3.4 µm, compared to the slightly larger average grain size of 4.3 
µm along the BD. This refined grain structure can be attributed to the 
rapid cooling rates and the effective grain refinement action of Zr during 
solidification. Zr enhances grain nucleation by forming fine dispersoids 
that inhibit grain growth, resulting in a more uniform and refined 
microstructure. The Kernel average misorientation (KAM) maps in Fig. 4
(b and f) provide additional insights into the local misorientation dis
tribution, which is generally proportional to an increased geometrically 
necessary dislocation (GND) density. The blue regions in the KAM maps, 
primarily at the MPB or where MPs overlap, indicate low local misori
entation and thus a relatively low GND density, while the green areas, 
found in the MPI, show higher misorientation and a higher GND density.

MPBs and overlap regions experience stronger thermal cycling, 
which can promote recovery in the Al matrix. As a result, stored 
deformation and local misorientation are reduced. MPIs undergo less 
thermal resetting, so strain gradients are more readily retained, giving 
higher KAM values and a correspondingly higher GND density. This 
difference is more pronounced on the cross section perpendicular to the 

BD, due to the directional solidification pattern and higher cooling rates, 
which lead to a more heterogeneous dislocation distribution. As seen in 
Fig. 4(d and h), PF images further reveal differences in crystallographic 
texture between the two directions. The stronger texture observed 
perpendicular to the BD suggests a preferential grain orientation due to 
the layer-by-layer nature of the LPBF process, which aligns grains along 
the thermal gradients. Moreover, the finer grain structure achieved 
through Zr addition reduces the degree of microstructural anisotropy 
and improves mechanical isotropy. As shown in Fig. S3, tensile loading 
parallel to the BD gives slightly higher strength, whereas loading 
perpendicular to the BD results in better ductility. The strength advan
tage along the BD is attributed to texture-controlled slip resistance, 
while the equiaxed grain morphology in the perpendicular direction 
promotes more uniform strain accommodation and delays strain local
ization, hence improving ductility.

The as-printed alloy exhibits a submicron cellular microstructure as 
seen in Fig. 5(a). The NanoMEGAS ASTAR technique provides TEM- 
based orientation and phase mapping, serving as a TEM-EBSD 
analogue, and reveals that adjacent cells present distinct crystallo
graphic orientations rather than a single continuous orientation field 
(Fig. 5(b)). The GB map in Fig. 5(c) shows that high-angle boundaries 
delineate the cell walls and outline individual cells, whereas low-angle 
boundaries are concentrated within the cell wall regions, giving the 
cellular network a GB-like character that can hinder slip transfer and 
contribute to Hall-Petch-type strengthening. The phase map in Fig. 5(d) 
further presents an Al-rich cell interior and Al3Ni concentrated along the 
walls, so deformation is constrained not only by misorientation 
boundaries but also by Al/Al3Ni phase interfaces distributed along the 
cellular walls. A HRTEM image of the Al matrix is shown in Fig. 5(e), 
with an accompanying SAED pattern that confirms the crystalline nature 
of the matrix along the [011] zone axis. Fig. 5(f) presents the corre
sponding IFFT of the HRTEM image, revealing the distribution of dis
locations induced during the rapid solidification process.

3.3. Artificial aging

The Vickers microhardness of LPDF printed Al-6.5Ni-1.4Fe-0.9Zr 
alloy samples was measured as a function of aging time from 0 to 100 
h at aging temperature ranged from 250 to 400 ◦C, as displayed in Fig. 6. 
At 250 ◦C, the hardness decreases least with aging time. The peak aging 
treatment at 300 ◦C for 1 h results in a microhardness of 181 ± 7 HV, 
compared to the as-built microhardness of 177 ± 11 HV. After peak 
aging, the hardness starts to decrease with longer isothermal exposure at 
300 ◦C. A similar trend is found for 350 ◦C aging, where all the hardness 
values are lower than the as-printed one. The Al-6.5Ni-1.4Fe-0.9Zr alloy 
undergoes further over-aging at 400 ◦C, resulting in a steeper decline in 
hardness. After 100 h of aging, the microhardness decreases by ~11% at 
250 ◦C and by ~18% at 350 ◦C. In contrast, by aging at 400 ◦C for 100 h, 
the Vickers microhardness decreases by ~32% to 121 ± 4 HV, which is 
comparable to LPBF Al-5.5Fe-0.8Mo-0.9Si-0.8Zr under the same con
dition (~32.4%) [31], as summarized in Table S1. After 100 h of aging at 
350 ◦C, the hardness decrease is ~18%, which remains lower than the 
~28.5% reported for LPBF Al-5.9Ni-0.3Sc after 50 h [32], and is com
parable to the ~17% decrease reported for LPBF Al-1.8Fe-1.3Ni after 48 
h [20], despite the longer exposure time in the present study. Therefore, 
the present alloy shows good hardness retention during long-term 
thermal exposure.

Thermal exposure at 400 ◦C for 100 h leads to significant micro
structural coarsening in the LPBF Al-6.5Ni-1.4Fe-0.9Zr alloy compared 
to the as-printed state. As seen in Fig. 7(a), the overall cellular structure 
observed in the as-built alloy has evolved, and the precipitates have 
coarsened. The intermetallic phases, particularly Al9FeNi, have grown 
substantially, as seen in Fig. 7(b), with larger and more widely spaced 
particles, contrasting with the finer, more uniformly distributed rod-like 
precipitates characteristic of the rapid solidification in the as-built alloy. 
Fig. 7(c) highlights the formation of nano-sized Al3Zr particles, which 
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Fig. 4. EBSD results of the as-built specimens (a-d) normal to the BD and (e-h) along the BD. (a, e) IPF maps, (b, f) KAM maps, (c, g) grain size distribution charts, and 
(d, h) Pole figure (PF) images.

F. Li et al.                                                                                                                                                                                                                                        Materials & Design 265 (2026) 115997 

7 



remain relatively stable at high temperatures and help to inhibit grain 
growth.

TEM analyses in Fig. 8 reveal the characteristic structures of Al3Zr, 
Al3Ni, and Al9FeNi phases in the sample after 400 ◦C over-aging for 100 
h. HRTEM image in Fig. 8(a) shows the nanoscale L12-Al3Zr precipitates. 
The incident electron beam is parallel to the [0 0 1] zone axis of the Al 
matrix and L12-Al3Zr. The corresponding FFT pattern in Fig. 8(b) pre
sents the superlattice reflections of Al3Zr phase and demonstrates that 
the precipitate is fully coherent with the matrix for [001]Al//[001]Al3Zr. 
When imaged along [11 3]Al zone axis, HRTEM micrograph in Fig. 8(c) 
and diffraction spots in Fig. 8(d) further provide evidence that the Al3Zr 

precipitates are also coherent for [11 3]Al//[113]Al3Zr and therefore there 
is a cube-on-cube orientation relationship between precipitate and ma
trix. To obtain the characteristic structure at Al/Al3Ni, HRTEM images in 
Fig. 8(e and f) were taken from [211]Al3Ni zone axis showing inapparent 
orientation relationship with Al matrix. As observed in Fig. 8(g), elec
tron diffraction patterns of orthorhombic Al3Ni were indexed using the 
CrysTBox software [33]. Fig. 8(h) was taken at the Al/Al9FeNi interface 
under the [1 31]Al zone axis, which is parallel to the [010]Al9FeNi zone 
axis. The indexed diffraction spots of Al and Al9FeNi phases are depicted 
in Fig. 8(i) and (j), respictively.

3.4. In situ SXRD analysis

SXRD is a powerful tool in material science for accurately identifying 
phases and quantitatively analyzing crystal structures, owing to its su
perior resolution and high-intensity X-ray source. Fig. 9 displays the 
SXRD patterns for the as-printed and heat-treated samples. Based on the 
peak positions, compositional elements, and intensities, as well as the 
PDF cards from the ICDD database (#03-065-2869, #00-002-0416, 
#04-014-7251 and #04-015-2439), four main phases have been iden
tified as α-Al, Al3Ni, Al9FeNi and Al3Zr.

Further analysis of mechanical responses demands the knowledge of 
dislocation density, which is calculated by classical Williamson-Hall 
method based on the full width at half maximum (FWHM) of the 
diffraction peaks. The peak broadening of diffraction reflection is mainly 
attributed to the average crystallite size (D) broadening and strain (ε) 
broadening [34–36]: 

Fig. 5. (a) STEM-HAADF image of the submicron cells in the as-printed alloy. Precession electron diffraction in TEM was performed using the NanoMEGAS ASTAR 
system in the same region to obtain cellular-scale orientation, boundary and phase information: (b) orientation map with GB, highlighting orientation differences 
between adjacent cells; (c) GB map where green lines mark low-angle GBs of 2–15◦ and black lines mark high-angle GBs above 15◦, indicating that cellular 
boundaries exhibit similar GB feature; (d) phase map with Al in the cell interior and Al3Ni concentrated along the cell walls. (e) High-resolution TEM (HRTEM) image 
of the Al matrix, with the inset displaying the corresponding selected area electron diffraction (SAED) pattern. (f) The inverse fast Fourier transform (IFFT) of (e) 
showing dislocation distribution in the Al matrix. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of 
this article.)

Fig. 6. Evolution of Vickers microhardness for the as-built Al-6.5Ni-1.4Fe- 
0.9Zr alloy during aging treatments from 0.5 to 100 h at 250–400 ◦C 
temperatures.
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βcosθhkl = 4εsinθhkl +
Kλ
D

(3) 

where β denotes the FWHM of SXRD spectrum (radian), θhkl is the Bragg 
angle of the diffraction peak, K is a constant 0.9, and λ is the diffraction 
wavelength. The values of D and ε at every applied strain can be 
calculated by the intercept and slope from the linearly-fitted lines of 
βcosθhkl as a function of 4sinθhkl. In the Williamson-Hall analysis, the 
crystallite size represents the average length scale over which the crystal 
lattice remains coherently diffracting, a domain that can be subdivided 
by dislocation structures and subgrain boundaries within a single grain. 
It is therefore not equivalent to the EBSD grain size in Fig. 4, the latter 
being a geometric measure of orientation-defined grains delimited by 
high-angle boundaries. In addition, stacking fault broadening is not 
separated in basic Williamson-Hall treatment and, if present, is folded 
into the fitted crystallite size and microstrain terms as extra reflection 
dependent broadening. Given the high stacking fault energy of Al, its 
contribution should be minor in the present alloy. The dislocation 
density (ρ) can be determined by the following equation [36]: 

ρ = 16.1
(ε

b

)2
(4) 

Fig. 10 shows the evolution of dislocation density in the LPBF Al- 
6.5Ni-1.4Fe-0.9Zr alloy during in situ tensile deformation, comparing 
the as-built condition with heat-treated conditions at 300 ◦C and 400 ◦C. 
The FWHM curves in Fig. 10(a, d, and g) provide basic insights into 
microstructural changes, revealing broadening of diffraction peaks as 
strain increases, which indicates higher micro strain and defect density 
in the material. The FWHM values are plotted as a function of true strain 
for different crystallographic planes of Al matrix (indexed as (1 1 1), (2 
0 0), (2 2 0), and (3 1 1)). These four reflections correspond to the 
strongest peaks of the α-Al matrix and were selected to ensure good 
counting statistics and minimal interference from minor intermetallic 
peaks in this Al-rich alloy. Their spread across a wide 2θ range provides 
sufficient data points to constrain the Williamson-Hall linear fit and 
separate crystallite size and microstrain broadening contributions. As 
true strain increases, the FWHM generally rises, particularly for the (2 2 
0) and (3 1 1) planes, which indicates an increase in dislocation density 
due to the accumulation of plastic deformation. The linear fits in Fig. 10
(b, e and h), based on Williamson-Hall plots, allow for the separation of 
strain-induced broadening from crystallite size effects. The slope of the 
fit corresponds to strain, while the intercept reflects changes in crys
tallite size. Such approach helps quantify the evolution of dislocation 
density as a function of strain.

In the as-built condition (Fig. 10(c)), the dislocation density in
creases sharply up to around 3.5 × 1015 m− 2 with increasing strain, 
especially after 2% true strain. The rapid rise in dislocation density 

indicates that the LPBF process induces a highly strained microstructure, 
which is typical due to the rapid solidification and cooling rates inherent 
in LPBF. When subjected to heat treatment at 300 ◦C for 6 h (Fig. 10(f)), 
the dislocation density still increases during loading, but the maximum 
density is significantly lower than that in the as-built state, suggesting 
partial recovery and dislocation annihilation. This behavior is likely due 
to the relaxation of internal stresses and recrystallization processes 
occurring during the heat treatment. At 400 ◦C for 6 h (Fig. 10(i)), the 
dislocation density increases at a slower rate during tensile straining and 
reaches a peak around 2.5 × 1015 m− 2, indicating further recovery and 
softening of the alloy. The reduced dislocation accumulation reflects a 
more thermodynamically stable microstructure, primarily due to the 
coarsening of precipitates and a reduction in the density of cellular 
structures. Such heat treatments at elevated temperatures typically alter 
phase stability and precipitate distribution, reducing dislocation density 
and improving ductility at the potential expense of strength [37,38]. 
These observations demonstrate the influence of post-processing on the 
mechanical performance of LPBF Al alloys, showcasing how heat 
treatments can be used to fine-tune the microstructure for optimized 
strength and ductility.

3.5. Tensile properties

The representative engineering strain–stress curves in AM Al-6.5Ni- 
1.4Fe-0.9Zr alloy are plotted in Fig. 11(a). The tensile properties of 
YS, UTS, and El are extracted from these curves. For the as-built sample, 
the YS, UTS, and El are 395 ± 27 MPa, 560 ± 26 MPa, and 4.3 ± 1.3%, 
respectively. After aging treatments, the YS and UTS generally decrease, 
while the El increases. Aging at 300 ◦C for 6 h reduces the YS by 6% to 
370 ± 13 MPa and the UTS by 9% to 511 ± 14 MPa, while increasing the 
El by 69% to 7.2 ± 1.5%. After 400 ◦C aging for 6 h, the YS further 
declines to 351 ± 14 MPa, the UTS reduces to 436 ± 8 MPa, while the El 
improves to 9.6 ± 0.9%. The strength reduction after aging is mainly 
associated with intermetallic coarsening, which is limited after 300 ◦C 
aging but becomes evident after 400 ◦C aging compared with the as- 
printed state, see Fig. S4. A direct comparison of the tensile properties 
of the present LPBF Al-6.5Ni-1.4Fe-0.9Zr alloy with other Al-Ni based 
alloys fabricated by multiple methods is listed in Table 2. The Al-6.5Ni- 
1.4Fe-0.9Zr alloy in this work possesses enhanced mechanical properties 
and a better balance of strength and ductility compared to the other Al- 
Ni based alloys. To enable a more direct strength-ductility comparison in 
the as-printed condition, Fig. 11(c) plots YS against tensile elongation 
for a range of LPBF eutectic Al alloys, including Al-Ni, Al-Ce, and Al-La 
based systems. The as-printed Al-6.5Ni-1.4Fe-0.9Zr alloy reaches a YS of 
~395 MPa, positioning it at the high-strength end of the dataset. 
Notably, this value is higher than those reported for Sc-containing LPBF 
Al-5.9Ni-0.3Sc (~320 MPa) [32], Al-5.6Ni-0.7Sc-0.1Zr (~368 MPa) 

Fig. 7. BF-TEM micrographs of the LPBF Al-6.5Ni-1.4Fe-0.9Zr alloy after thermal exposure at 400 ◦C for 100 h: (a) Overview, (b) coarsened precipates, and (c) nano- 
sized Al3Zr particles.
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[39], and Al-10Ce-0.4Sc-0.2Zr [40] benchmark, highlighting that the 
present alloy design achieves competitive strength while avoiding reli
ance on costly Sc additions.

The engineering stress–strain responses at 25, 200, 300 and 350 ◦C 
(Fig. 11(b)) reveal a strong temperature dependence of the load-bearing 
capacity. Using the room-temperature UTS of ~560 MPa as the baseline, 
the alloy retains 353.9 MPa at 200 ◦C, 194.9 MPa at 300 ◦C, and 100.8 

MPa at 350 ◦C. When benchmarked against other eutectic Al alloys 
processed by AM, the present alloy shows competitive high-temperature 
strength among the Sc-free alloys as listed in Table 3. The UTS of 194.9 
MPa at 300 ◦C exceeds most reported Sc-free Al-Ni and Al-Ce alloys, such 
as LPBF Al-5.6Ni-0.9Ti-0.9Zr (134.3 MPa) [49], LPBF Al-8.6Cu-0.5Mn- 
0.9Zr (~150 MPa) [51], WAAM Al-15Ce-3 Mg (~86.1 MPa) [52], and 
LPBF Al-10.5Ce-3.1Ni-1.2Mn (~155 MPa) [53], while remaining 

Fig. 8. TEM characterization of the sample aged at 400 ◦C for 100 h. HRTEM images and corresponding FFT showing [001]Al//[001]Al3Zr (a, b) and [11 3]Al// 
[113]Al3Zr (c, d) coherent orientations. (e) HRTEM image of Al/Al3Ni interface, (f) enlarged view of Al3Ni, and (g) corresponding FFT of (e). (h) HRTEM image of Al/ 
Al9FeNi interface and corresponding FFT for Al (i) and Al9FeNi (j).
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comparable to LPBF Al-10Ce (194 MPa) [40]. However, the UTS at 
300 ◦C remains below that of Sc-modified counterparts: LPBF Al-5.6Ni- 
0.7Sc-0.1Zr reaches 212 MPa [39] and LPBF Al-10Ce-0.4Sc-0.2Zr ach
ieves 233 MPa [40]. The better high-temperature strength of Sc- 
containing alloys is attributed to Sc segregation at the Al-Ni cell wall 
interface, which can reduce the interfacial energy between the inter
metallic phase and the Al matrix, thereby lowering the thermodynamic 
driving force for coarsening. Despite this gap, the combination of strong 
room-temperature strength and high-temperature performance 
exceeding most Sc-free AM eutectic alloys makes the Al-Ni-Fe-Zr 
composition a promising, cost-effective candidate for heat-resistant 
applications.

To better understand the fracture mechanism, Fig. 12 displays the 
fracture morphology for the as-built and aged specimens. All fracture 
surfaces exhibit the same spherical gas-driven pores, characterized by a 
round shape, smooth inner surface, and fine size. Unfortunately, gas- 
driven pores are an intrinsic feature of AM technologies, which is 
difficult to eliminate by processing parameter optimization and post 
treatment [55]. Many rugged and jagged edges are observed in the as- 
printed sample (Fig. 12(a, b)), suggesting a brittle fracture behavior. 
Irregular ridges and big voids are distributed in the fractured sample 

Fig. 9. Synchrotron XRD patterns of as-built and heat-treated Al-6.5Ni-1.4Fe- 
0.9Zr specimens.

Fig. 10. Dislocation densities of the α-Al matrix derived from the SXRD patterns and Williamson-Hall method for the specimens of as-built (a–c), 300 ◦C/6h annealed 
(d–f) and 400 ◦C/6h annealed (g–i). (a, d, g) The raw FWHM of the Al phase; (b, e, h) Representative results of Williamson-Hall plots at various true strains; (c, f, i) 
Dislocation densities.
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after 300 ◦C aging for 6 h (Fig. 12(c)). However, a high number of fine 
dimples are found in Fig. 12(d). These features indicate a combination of 
brittle and ductile fracture behavior. Aging at 400 ◦C for 6 h results in a 
smoother fracture surface (Fig. 12(e)). Moreover, there are lots of 
precipitated Al9FeNi particles (Fig. 12(f and g)), contributing to 
enhanced ductility. Macroscopically, the last tensile failed sample pre
sents a necking region at the middle part (Fig. 12(h)). Aging treatment in 
Al alloys significantly enhances tensile properties through precipitation 
hardening, which increases strength and hardness. However, under 
tensile stress, these hardening phases can cause stress concentrations, 
leading to localized plastic deformation and necking. The fracture 
morphology in the necking region typically exhibits cup-cone fracture 
with deep dimples. These dimples, characteristic of ductile fracture, 
form due to the coalescence of micro-voids [56,57].

4. Discussion

4.1. Mechanism of cellular structure formation

In the LPBF Al-6.5Ni-1.4Fe-0.9Zr alloy, the formation of a cellular 
eutectic structure, with Al3Ni forming the cell walls around the α-Al 
phase, is primarily driven by rapid solidification conditions. The high 
cooling rates characteristic of LPBF create a steep thermal gradient (G) 
and a fast solidification rate (V), which are essential for stabilizing the 
solid–liquid interface and promoting the development of a fine 
microstructure.

According to the Jackson-Hunt model [58], the cellular spacing (λ) 
within the eutectic structure is inversely proportional to the product of 

the thermal gradient and the solidification rate, as expressed by the 
following equation: 

λ∝(G⋅V)−
1
2 (5) 

This relationship suggests that as the cooling rate increases, the cellular 
spacing decreases, resulting in a more refined cellular structure. The 
high cooling rates in LPBF not only produce finer structures but also 
improve the uniformity of the cellular eutectic phases.

Furthermore, the distribution and concentration of solute elements 
such as Ni, Fe, and Zr during solidification significantly affect the sta
bility of the solid–liquid interface. Due to the differing solid–liquid 
partition coefficients of these elements, solute enrichment occurs at the 
solidification front. This enrichment results in constitutional super
cooling, which stabilizes the interface under rapid cooling conditions 
and promotes the growth of cellular structures.

The non-equilibrium solidification effects, particularly the Gibbs- 
Thomson effect, are crucial in further refining the microstructure. The 
Gibbs-Thomson effect describes the impact of interface curvature on 
undercooling, as expressed by the following equation [59,60]: 

ΔT =
2γSL

rΔSf
(6) 

where ΔT represents the undercooling, γSL is the solid–liquid interface 
energy, r is the curvature radius, and ΔSf is the entropy change upon 
solidification. In the context of LPBF, the high cooling rates lead to 
significant undercooling, which, in combination with the small 

Fig. 11. (a) Room-temperature tensile curves of the as-printed and aged specimens, (b) high-temperature tensile curves, and (c) comparison of YS and tensile 
elongation tested at room-temperature for the Al-6.5Ni-1.4Fe-0.9Zr alloy and other LPBF fabricated eutectic Al alloys, including Al-5.7Ni [15], Al-5.9Ni-0.3Sc [32], 
Al-5.6Ni-0.7Sc-0.1Zr [39], Al-3Ni-1Ti-0.8Zr [41], Al-7.5Ni [42], Al-7.5Ni-2Cu [42], Al-10Ce [40], Al-10Ce-0.4Sc-0.2Zr [40], Al-10Ce-8Mn [43], Al-11Ce-7 Mg [44], 
Al-15Ce-9 Mg [44], Al-8Ce-10 Mg [45], and Al-11.6La-4.1 Mg-0.6Mn [46] alloys.
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curvature radius at the cellular interfaces, further refines the cellular 
eutectic structure.

The solidification mechanisms ensure that the Al-6.5Ni-1.4Fe-0.9Zr 
alloy produced by LPBF develops a highly refined and stable cellular 
eutectic microstructure, characterized by finely and uniformly distrib
uted Al3Ni phases within the Al matrix. As seen in Fig. 3(e), the cell 
diameter of LPBF Al-6.5Ni-1.4Fe-0.9Zr alloy is approximately 300 nm, 
which is in the same submicron range as the as-printed cellular di
ameters reported for other LPBF Al alloys, including ~500 nm in LPBF 
AlSi10Mg with nano TiB2 [61] and ~350 nm in LPBF Al-9Cu-6Ce [62]
alloys. The refined microstructure contributes to enhanced mechanical 
strength and thermal stability, making the alloy highly suitable for high- 
temperature applications where material heat resistance is critical.

4.2. Ostwald ripening and thermal stability

Most cast and wrought Al alloys are unsuitable for structural appli
cations above 200 ◦C due to the instability of their strengthening pre
cipitates, which tend to coarsen and dissolve at elevated temperatures 
[63]. The as-built Al-6.5Ni-1.4Fe-0.9Zr alloy demonstrates excellent 
heat resistance, with only a slight decrease in hardness after 100 h of 
thermal exposure at 250–350 ◦C (see Fig. 6). Compared to the LPBF Al- 
5.9Ni-0.3Sc alloy studied by Ding et al. [32], which exhibited a signif
icant reduction in hardness after just 15 h at 350 ◦C and 400 ◦C due to 
precipitate coarsening, the Al-6.5Ni-1.4Fe-0.9Zr alloy maintains its 
hardness more effectively. Similarly, Yang et al. [40] observed a marked 
decline in hardness in an LPBF Al-10Ce alloy following prolonged high- 
temperature exposure at 350 ◦C. However, the addition of Sc and Zr to 
the LPBF Al-10Ce-0.4Sc-0.2Zr alloy improves heat resistance under 
exposure to 400 ◦C, attributed to the dispersive Al3(Sc, Zr) nanoparticles 
and the segregation of Sc and Zr at the Al/Al11Ce3 interface. When 
subjected to 400 ◦C thermal exposure, the microhardness of the LPBF Al- 
6.5Ni-1.4Fe-0.9Zr alloy follows three distinct stages: an initial decrease 
within the first hour, a plateau, and a subsequent drop after 16 h. These 
changes can be attributed to the following mechanisms: (1) Dislocation 
annihilation occurs during the initial 1 h, leading to a reduction in 
dislocation density and a corresponding decrease in hardness. (2) The 
formation of Al3Zr precipitates, which are coherently oriented with the 
Al matrix as observed in HRTEM images (Fig. 8(a and c)) and FFT pat
terns (Fig. 8(b and d)), helps maintain microhardness at prolonged 
exposure time. (3) Coarsening of Al3Ni particles, which becomes 
prominent after 16 h at 400 ◦C, results in a rapid decline in micro
hardness to 121.1 HV after 100 h as the cellular structure dissolves into 
larger, scattered particles (Fig. 7).

The precipitate growth and dissolution are significantly influenced 
by the kinetics of Ostwald ripening [64]. This process involves the 
preferential growth of larger phase domains at the expense of smaller 
ones, a phenomenon driven by the smaller surface-to-volume ratios of 
the larger domains. LSW coarsening theory quantitatively describes the 
Ostwald ripening and predicts the time-dependent average particle 
radius [65]: 

〈R(t)〉3
− 〈R(0)〉3

= Kt (7) 

where 〈R(t)〉 is the mean diameter at aging time t and K is the coarsening 
rate constant. Based on the particle size measurements from Fig. 3(e, f), 
Fig. S4(c, d), Fig. S5 and Fig. 7(a, b), the average particle diameter in
creases from ~35 nm in the as-built condition to ~64 nm at 6 h, ~109 
nm at 64 h, and ~120 nm at 100 h upon thermal exposure at 400 ◦C. The 
size evolution exhibits a clear two-stage behavior: faster coarsening in 
the early stage is attributed to rapid supersaturation depletion, followed 
by progressively slower growth as the ripening process becomes 
increasingly diffusion-limited. An LSW-based analysis reveals coars
ening rates of ~10.2 nm3/s (0–6 h), ~4.9 nm3/s (6–64 h), and ~3.3 
nm3/s (64–100 h), with an average of ~6.1 ± 3.5 nm3/s over 0–100 h. 
This coarsening rate is notably lower than those reported for other 

Table 2 
Comparison of room-temperature tensile properties of the present Al-6.5Ni- 
1.4Fe-0.9Zr alloy with other Al-Ni based alloys (WAAM: wire arc additive 
manufacturing, LMD: laser metal deposition).

Alloy (wt.%) Process YS 
(MPa)

UTS 
(MPa)

El (%) Ref.

Al-6.5Ni-1.4Fe- 
0.9Zr

LPBF 395 ±
27

560 ±
26

4.3 ±
1.3

This 
work

LPBF +
300 ◦C/6h

370 ±
13

511 ±
14

7.2 ±
1.5

This 
work

LPBF +
400 ◦C/6h

351 ±
14

436 ± 8 9.6 ±
0.9

This 
work

Al-6.5Ni Cast 200 ± 9 308 ±
14

~14 [25]

Al-6.5Ni-0.5Zr Cast 255 ±
13

350 ±
11

~12 [25]

Al-5.7Ni LPBF 278 ± 5 407 ± 6 9.5 ±
0.3

[15]

Al-5.9Ni-0.3Sc LPBF 320 445 ~5.5 [32]
Al-4.3Ni-2.8 Mg WAAM 141.4 

± 9.8
318.7 
± 2.3

14.4 ±
3.0

[47]

Al-3Ni-1Ti-0.8Zr LPBF 266 ± 1 331 ± 9 17 ± 1 [41]
​ LPBF +

300 ◦C/4h
335 ±
10

345 ± 7 10 ± 3 [41]

Al-4Ni-2Cu-1.3Fe- 
0.7Mn-0.7Zr- 
0.5Cr-0.15Sc

LPBF 578 725 3.1 [48]

​ LPBF +
530 ◦C/1h

373 537 10.3 [48]

Al-5.6Ni-0.9Ti-0.9Zr LPBF 421.7 480.4 ~8.5 [49]
​ LPBF +

325 ◦C/12 h
494 550.7 ~10 [49]

Al-7.5Ni LMD 185 ±
11

268 ±
15

13.4 ±
1.9%

[50]

Al-7.5Ni LPBF 354 ±
1.2

484 ±
0.8

5.4 ±
0.69

[42]

Al-7.5Ni-2.0Cu LPBF 363 ±
0.7

545 ±
2.0

10.1 ±
0.34

[42]

Table 3 
Comparison of high-temperature UTS retention between the Al-6.5Ni-1.4Fe- 
0.9Zr alloy and other eutectic Al alloys.

Alloy (wt.%) Process Temperature 
(◦C)

UTS 
(MPa)

Ref.

Al-6.5Ni-1.4Fe- 
0.9Zr

LPBF 200 353.9 This 
work

​ 300 194.9 This 
work

​ 350 100.8 This 
work

Al-5.6Ni-0.9Ti- 
0.9Zr

LPBF 200 350.2 [49]
​ 250 264.6 [49]
​ 300 134.3 [49]

Al-5.6Ni-0.7Sc- 
0.1Zr

LPBF 200 394 [39]
​ 250 337 [39]
​ 300 212 [39]

Al-8.6Cu-0.5Mn- 
0.9Zr

LPBF 200 ~275 [51]
​ 300 ~150 [51]

Al-4.5Mn-1Mg- 
0.8Sc-0.6Zr

LPBF 200 361 [54]
​ 250 240 [54]
​ 300 136 [54]

Al-15Ce-3Mg WAAM 220 132.7 ±
3.6

[52]

​ 250 121.9 ± 2 [52]
​ 300 86.1 ± 2 [52]

Al-10.5Ce-3.1Ni- 
1.2Mn

LPBF +
450 ◦C/2h

300 ~155 [53]

​ 400 ~100 [53]
Al-10Ce LPBF 300 194 [40]

​ 400 80 [40]
Al-10Ce-0.4Sc- 

0.2Zr
LPBF 300 233 [40]
​ 400 131 [40]
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strengthening phases in Al alloys, such as Al2Cu in cast Al-4.8Cu alloy 
[66] and Si in LPBF Al-12Si alloy [67].

The low coarsening rate of the Al-6.5Ni-1.4Fe-0.9Zr alloy can be 
attributed to a combination of critical factors. The alloying elements of 
Ni, Fe, and Zr form stable dispersoids within the Al matrix, remaining 
thermodynamically stable at elevated temperatures. The low diffusivity 
of Ni in Al at 400 ◦C (DNi/Al = 2.05 × 10− 15 m2/s [68]) effectively re
stricts diffusion-driven coarsening of the dispersoid phases. Meanwhile, 
the low solubility of Ni in Al (0.023 at.% [69]) minimizes the dissolution 
of these dispersoids, maintaining a fine microstructure over time. Note 
that Zr significantly enhances the coarsening resistance by segregating 
at the α-Al/Al3Ni interface, which reduces interface energy and inhibits 
atomic migration [25]. Zr segregation prevents the breaking or spher
oidization of Al-Al3Ni network. Stable phase formation, low diffusivity, 
and enhanced interface stability work synergistically, making the LPBF 

Al-6.5Ni-1.4Fe-0.9Zr alloy a strong candidate for applications 
demanding long-term thermal stability.

4.3. Strengthening contribution

Table 2 lists the excellent YS of 395 MPa observed in the as-built Al- 
6.5Ni-1.4Fe-0.9Zr alloy compared to other Al-Ni alloys, attributed to its 
fine cellular structure. The strengthening mechanisms in the as-printed 
condition are discussed to evaluate the contributions and identify the 
predominant factors. Notably, precipitation hardening from the Al3Zr 
phase in the as-built sample is negligible since no aging treatment was 
conducted. The rapid solidification of the LPBF process traps most Zr 
elements in solid solution, suppressing precipitate formation. Table 4
provides a summary explaining the variables used to estimate the YS. 
Overall, the primary factors contributing to the YS of the as-built alloy 
are: (1) grain boundary strengthening, (2) solid solution strengthening, 
and (3) dislocation strengthening, and (4) Orowan strengthening, see 
Table 5.

LPBF offers a significant advantage in refining the fine cell structure, 
generating a dense network that effectively impedes dislocation move
ment and propagation, resulting in greater material strength [76]. The 
Hall-Petch equation typically characterizes the grain-boundary 
strengthening mechanism [77]: 

Δσcell = σ0 +
k̅
̅̅
d

√ (8) 

Fig. 12. SEM micrographs of fracture surfaces of (a, b) as-built, (c, d) 300 ◦C/6h aging, and (e, f) 400 ◦C/6h aging samples. (g) Corresponding BSE image of (f). (h) 
Top views of tensile failed samples.

Table 4 
Overview of the constants applied in this study for calculating the different 
factors influencing YS.

Symbols Meanings Values Ref.

σ0 Friction stress of Al 11 MPa [70]
k Strengthening coefficient 0.06 MPa⋅m1/2 [71]
d Average cell diameter 300 nm This work
M Taylor factor 3.06 [18]
v Poisson’s ratio of Al 0.347 [72]
w = 5b Interaction force parameter 1.430 nm [18]
b Burgers vector of Al 0.286 nm [73]
G Shear modulus of Al 25.4 GPa [74]
εNi Misfit strain for Ni − 3.13 ± 0.06% [18]
εFe Misfit strain for Fe − 4.52 ± 0.08% [18]
εZr Misfit strain for Zr 1.23 ± 0.12% [18]
α Constant 0.24 [75]
ρ Dislocation density 6.9 × 1014 m− 2 This work

Table 5 
Main YS contributions in the as-printed Al-6.5Ni-1.4Fe-0.9Zr alloy (Unit: Mpa).

Condition Δσcell Δσss Δσdis ΔσOro Exp.

As-built 119.4 38.9 139.8 100.8 395
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where σ0 is the friction stress of Al, k is the strengthening coefficient, and 
d is the average cell diameter. Based on Fig. 3(e) and Fig. 5(b–d), which 
shows an equivalent cell size of 300 nm, the contribution from cell 
boundaries is estimated to be ~119.4 MPa.

Solid-solution strengthening occurs when alloying elements are 
introduced into a metal matrix as solute atoms. These solute atoms, 
differing in size or shear modulus from the matrix atoms, generate 
localized strain fields. These fields interact with dislocations, hindering 
their movement and thereby strengthening the material [78,79]. Uesugi 
et al. [18] presented the application of the misfit strains to the estima
tion of increasing yield strength due to the solid solution strengthening: 

Δσss = M
(

3
8

)2/3(1 + v
1 − v

)4/3(w
b

)1/3
G ×

∑

i
|εi|

4/3ci
2/3 (9) 

where M is the Taylor factor, v is the Poisson’s ratio of Al, w is the 
interaction force parameter, b is the Burgers vector of Al, G is the Shear 
modulus of Al, εi the misfit strain for the solute i (Ni and Fe), and ci the 
concentration of solute i in solid solution. According to TEM-EDS results, 
the matrix contains Ni, Fe and Zr solutes at concentrations of 0.05, 0.04 
and 0.35 at%, respectively. The Δσss is calculated to be ~38.9 MPa.

During LPBF, the steep thermal gradients and rapid cooling generate 
significant thermal strains and residual stresses, which promote a high 
density of dislocations in the as-built microstructure. The contribution 
from dislocation strengthening was estimated using the Bailey-Hirsch 
relationship [80,81]:

Δσdis = MαGbρ1/2(10).where α is a constant, ρ denotes the disloca
tion density. Based on the synchrotron XRD results in Fig. 10(c), the 
initial dislocation density of the as-built sample before tensile loading is 
~6.9 × 1014 m− 2, corresponding to a contribution of ~139.8 MPa.

The strengthening effect associated with non-shearable Al3Ni/ 
Al9FeNi particles is treated separately via the Orowan bypass mecha
nism. While this mechanisms can be coupled in practice with the 
dislocation strengthening, the present decomposition adopts a first- 
order separation to quantify their relative contributions. For the Al3Ni 
and Al9FeNi intermetallic particles in the present alloy, the Orowan 
contribution is calculated using the following equation [40,79]: 

ΔσOro = M
0.4Gb

π
̅̅̅̅̅̅̅̅̅̅̅
1 − v

√

ln

[
2•
̅̅̅̅̅̅
2/3

√
•R

b

]

λ
(11) 

λ =

( ̅̅̅̅̅̅
3π
4f

√

− 1.64

)

R (12) 

where R denotes the mean particle radius (~18 nm), λ represents the 
edge-to-edge interparticle spacing, and f is particle volume fraction. 
With the particle volume fraction determined by TEM to be ~2.1%, the 
estimated Orowan strengthening increment is ~100.8 MPa.

After aging at 300 ◦C for 6 h, the yield strength decreases to 370 MPa 
and drops further to 351 MPa after aging at 400 ◦C for 6 h. The 
strengthening balance shifts during aging compared with the as-built 
state. The fine eutectic cell network that provides a major share of the 
as-built strengthening becomes less effective because the cellular 
boundaries are largely disrupted and fragmented during aging, while 
grain growth remains limited. Under this circumstance, the character
istic length scale for the Hall-Petch term should more appropriately be 
taken as the grain size rather than the cell diameter. During aging, Zr is 
expected to precipitate largely out of the supersaturated α-Al matrix, and 
the solubility of Ni and Fe in α-Al is intrinsically very limited. As a result, 
solid solution strengthening in the aged condition is negligible. Syn
chrotron XRD further indicates partial recovery after heat treatment, 
accompanied by a reduced dislocation density, thereby weakening the 

dislocation strengthening contribution. The main Orowan obstacles 
remain the non-shearable Al3Ni/Al9FeNi intermetallics, and aging does 
not introduce a large number of new intermetallic particles, while 
coarsening increases the effective spacing and reduces the Orowan 
increment. Meanwhile, L12-Al3Zr nanoprecipitates introduce additional 
strengthening through coherency and modulus mismatch, see Supple
mentary Materials for detailed analyses. As summarized in Fig. S6, the 
Al3Zr-related contribution is estimated to be comparable for 300 ◦C/6h 
and 400 ◦C/6h because Al3Zr shows limited coarsening even after 100 h 
exposure at 400 ◦C, and it accounts for ~38% of the total estimated 
strengthening in the aged state. Overall, the added Al3Zr strengthening 
is insufficient to offset the concurrent reductions in cell boundary, 
dislocation, and Orowan strengthening, which explains why the YS does 
not exceed the as-printed value after aging.

5. Conclusions

This study successfully demonstrates the design and fabrication of a 
high-strength, heat-resistant LPBF Al-6.5Ni-1.4Fe-0.9Zr near-eutectic 
alloy. The following conclusions can be drawn from the research: 

1. The novel Al-6.5Ni-1.4Fe-0.9Zr alloy was designed with a near- 
eutectic composition to optimize LPBF processability and reduce 
hot tearing susceptibility. The carefully balanced eutectic composi
tion allowed for crack-free manufacturing, resulting in a refined 
cellular microstructure (~300 nm) with uniformly distributed Al3Ni 
phases as well as scattered Al9FeNi phases. The rapid cooling rate in 
LPBF contributes to this microstructure by promoting cellular 
growth, effectively enhancing both strength and ductility at the 
microscale level

2. The as-built alloy shows a YS of 395 MPa, UTS of 560 MPa, and El of 
4.3%. EBSD analysis indicates an ultrafine grain distribution in the 
as-built state, with an average grain size of 3.4 µm perpendicular and 
4.3 µm along the BD, reducing anisotropy through Zr-induced 
nucleation. Aging treatment at 300 ◦C for 6 h decreases the YS to 
370 MPa, as the reductions in cell boundary, dislocation and Orowan 
strengthening outweigh the added Al3Zr strengthening contribution. 
After 400 ◦C aging for 100 h, the cellular structure decomposes into 
globular particles with an average diameter of ~ 120 nm

3. In situ synchrotron XRD analysis revealed that dislocation density 
significantly increases under tensile strain, enhancing mechanical 
strength through strain hardening. Aging treatments partially anni
hilate dislocations and foster interactions with precipitates, redis
tributing stress and enhancing ductility. This thermally moderated 
recovery optimizes substructure stability, producing a favorable 
balance of strength and ductility

4. The alloy maintains high hardness and microstructural integrity 
under thermal exposure at 250–350 ◦C for 100 h, demonstrating 
superior resistance to coarsening. After 400 ◦C aging for 100 h, a 
noticeable decline in hardness is observed due to the coarsening of 
Al3Ni phases, but the presence of nanosized L12-Al3Zr particles, 
mitigates this effect, maintaining a low coarsening rate of 6.1 nm3/s

5. This work shows that high strength retention and sustained high- 
temperature stability in LPBF Al alloys can be achieved by pairing 
a eutectic cellular microstructure with coherency stabilised in
terfaces, which together suppress thermally driven microstructural 
coarsening. It offers a practical strategy for the design of high- 
strength and heat-resistant Al alloys for thermally demanding service
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