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Abstract 

Magnesium (Mg) alloys typically exhibit anisotropic mechanical behaviors due to their hexagonal close-packed (hcp) crystal structures, 

often leading to tension-compression asymmetries. Understanding of the asymmetrical and related deformation mechanisms is crucial for 

their structural applications, particularly in the lightweight transportation industries. Nevertheless, the underlying deformation mechanisms 

(e.g., slip versus twinning) at each deformation stage during tension and compression have not been fully understood. In this study, we 

employed tensile and compressive tests on extruded Al and Mn containing Mg alloy, i.e., an AM alloy Mg-0.6Mn-0.5Al-0.5Zn-0.4Ca, during 

the synchrotron X-ray diffraction. Our results show that distinct deformation behaviors and mechanisms in tension and compression are 

associated with the strong texture in the extruded samples: (i) The tensile deformation is dominated by dislocation slips, with activation of 

non-basal 〈 a 〉 and 〈 c + a 〉 slip, but deformation twinning is suppressed. (ii) The compressive deformation shows early-stage tensile twinning, 

followed by dislocation slips. Twinning induces grain reorientation, leading to significant lattice strain evolution aligned with the texture. 

The pronounced tension-compression asymmetry is attributed to the favorable shear stress direction formed in the twinning system during 

compression, which facilitates the activation of tensile twins. During tension, the strain hardening rate (SHR) drops significantly after yielding 

due to limited activated slip systems. In contrast, the samples under compression exhibit significant increases in SHR after yielding. During 

compression, dislocation multiplication dominates the initial strain hardening, while twinning progressively contributes more significantly 

than dislocation slip at higher strains. This study improves our understanding of the tension-compression and strain hardening asymmetries 

in extruded AM Mg alloys. 

© 2025 Chongqing University. Publishing services provided by Elsevier B.V. on behalf of KeAi Communications Co. Ltd. 

This is an open access article under the CC BY-NC-ND license ( http://creativecommons.org/licenses/by-nc-nd/4.0/ ) 
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1. Introduction 

Mg alloys are widely recognized for their low density, 

high strength-to-weight ratio, and excellent damping proper- 

ties, making them attractive for the automotive and aerospace 

applications [ 1–4 ]. Nevertheless, the widespread use of Mg 
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alloys as structural materials remains limited due to a num- 

ber of inherent challenges, including limited plasticity, strong 

deformation anisotropy, and low absolute strength, particu- 

larly under complex loading conditions [ 5–8 ]. Their rela- 

tively poor formability and high anisotropy are associated 

with their hcp structure and a limited number of primary 

slip systems for plastic deformation [ 9–12 ]. Therefore, the 

enhancement of the ductility and a better understanding of 

the deformation anisotropy in Mg alloys are critical for 

their engineering applications in high-performance structural 

components. 

https://doi.org/10.1016/j.jma.2025.10.008 
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Alloying has been proven effective in improving the me- 

chanical properties of Mg alloys by refining grains and pre- 

cipitation strengthening [ 13–15 ]. Rare-earth-free Mg alloys 

have attracted growing interest due to their cost-effectiveness 

[ 16 ], for example, Mg alloys incorporating Ca, Zn, Al, and 

Mn [ 17–19 ]. Among them, the Mg-Mn-Al-Ca-Zn alloy dis- 

tinguishes itself with an optimal balance of high strength and 

exceptional ductility due to its fine-grained microstructure and 

uniformly distributed nano-precipitates [ 20–22 ]. For example, 

Mg-Zn-Ca-Al-Mn alloy processed by equal-channel angular 

pressing which exhibits excellent ductility and thermal stabil- 

ity [ 23 ], due to the segregation of Zn and Ca elements at grain 

boundaries and the formation of β-Mn particles precipitates. 

Additionally, the fine precipitates inhibit dynamic recrystal- 

lization growth during extrusion, promoting the development 

of ultrafine grains. However, this new Mg-Mn-Al-Ca-Zn alloy 

exhibits a noticeable tension-compression asymmetry, and its 

related deformation mechanism is not well understood. 

The high tension-compression asymmetry in Mg alloys 

[ 24 ] mainly results from the combined effects of the polar 

nature of deformation twinning and pronounced texture in- 

duced by thermomechanical processing [ 25 , 26 ]. For example, 

wrought Mg alloys typically develop a pronounced texture, 

with {0002} planes of most grains parallel to the processing 

direction [ 27 , 28 ]. During compression along this direction, 

tension twins with high Schmid factors and low critical re- 

solved shear stress (CRSS) are readily activated, leading to a 

lower compressive yield strength (CYS) [ 24 , 29 ]. In contrast, 

the c-axes are subjected to compressive stress during ten- 

sion, placing tension twins in a hard orientation and leading 

to a higher tensile yield strength (TYS) [ 30 ]. Therefore, the 

tension-compression asymmetry can be improved by weaken- 

ing the texture or suppressing the activation of twinning dur- 

ing deformation [ 31 , 32 ]. It is reported that grain refinement 

in the extruded Mg-1Al-1Ca-0.2Mn may weaken the texture 

and suppress twinning initiation, thus alleviating its tension- 

compression asymmetry [ 33 ]. In addition, strain partitioning 

amongst the variously oriented crystals is also considered a 

key factor contributing to tension-compression asymmetry in 

polycrystal Mg alloys, and plays a crucial role in determining 

yield strength (YS), ductility, and strain hardening behavior, 

though it remains poorly understood [ 34 ]. So far, the mech- 

anism underlying the tension-compression asymmetry in the 

fine-grained Mg-Mn-Al-Ca-Zn alloy has not been fully under- 

stood and warrants further investigation. Moreover, it is also 

essential to bridge the gap between macroscopic mechanical 

properties and microscopic deformation mechanisms in these 

Mg alloys. 

In this study, for the first time, we employed in-situ tensile 

and compressive experiments on the Mg-Mn-Al-Ca-Zn alloy 

in a synchrotron X-ray diffraction setup. The post-deformed 

specimens were analyzed using electron backscatter diffrac- 

tion (EBSD) and transmission electron microscopy (TEM), 

providing comprehensive insights ranging from microscopic 

grain structures to macroscopic mechanical responses, offer- 

ing precise analysis of key factors such as dislocation evolu- 

tion, twin activation, crystal orientations, and lattice strains. 

2. Materials and methods 

2.1. Materials 

The Mg-0.6Mn-0.5Al-0.5Zn-0.4Ca ingot was prepared by 

casting (raw materials: pure Mg (99.8 wt.%), pure Al 

(99.8 wt.%), pure Zn (99.8 wt.%), Mg-20Ca (wt.%) and Mg- 

3Mn (wt.%) master alloys). The ingot was turned to remove 

the oxidation surface and processed into a cylindrical ingot 

with a diameter of ∅ 80 mm. The ingot was annealed for 8 

h at 673 K and cooled in the furnace. Subsequently, hot ex- 

trusion was carried out at 673 K with a ram speed of about 

0.2 m/min and an extrusion ratio of 25:1. A cylindrical alloy 

rod with a diameter of 16 mm was obtained for the following 

experiments. 

2.2. In-situ synchrotron X-ray diffraction 

The in-situ synchrotron diffraction tension and compres- 

sion tests of the alloy were carried out at the High Energy Ma- 

terial Science, P07B beamline of the Deutsches Elektronen- 

Synchrotron (DESY) [ 35 ]. Fig. 1 presents the schematic illus- 

tration of the experimental setup. The in-situ tensile test was 

conducted at a crosshead speed of 0.3 mm/min. The tensile 

specimens were machined along with the extrusion direction 

(ED) of the alloy rod, and cylindrical samples with a gauge 

length of 25 mm and a diameter of 5 mm were prepared. 

To maintain an initial strain rate of 2 × 10−4 s−1 for both 

compression and tension, the compression test was performed 

at a crosshead speed of 0.12 mm/min at room temperature. 

The compression sample was prepared by machining along 

the ED of the alloy rod and machining it into a cylinder with 

a diameter of 5 mm and a length of 10 mm. All tensile, com- 

pressive, and EBSD specimens were sampled from the center 

of the extruded rod. The tensile and compressive tests were 

each conducted at least five times to ensure the reliability of 

the results. The reported values represent the average of at 

least five independent tensile or compressive tests. 

A monochromatized synchrotron X-ray beam with an en- 

ergy of 87 keV, a wavelength of 0.14235 Å, and a beam 

size of 0.7 × 0.7 mm ² was selected for the measurements. 

The sample-to-detector distance was calibrated by a standard 

LaB6 powder sample, and the Perkin Elmer XRD 1622 de- 

tector was utilized to collect diffraction patterns. The one- 

dimensional cake integration of synchrotron X-ray diffrac- 

tion patterns was performed using Fit 2D software. Subse- 

quently, Gaussian functions were employed to fit the diffrac- 

tion peaks associated with each crystal plane within the one- 

dimensional diffraction patterns. For example, Fig. 2 (a) il- 

lustrates the diffraction pattern of the tensile sample aligned 

parallel to the loading direction under the unloaded condi- 

tion. During the tension process, 109 diffraction patterns were 

recorded to analyze the diffraction peaks evolution of several 

typical crystal planes. As an example, Fig. 2 (b) demonstrates 

the diffraction peak evolution of {112̄ 0 } plane in Fig. 2 (a). 

It shows that the diffraction peak position gradually shifts 

to the left (indicating a decrease in the 2 θ ), while the full 
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Fig. 1. The schematic of the beamline setup for in-situ testing at HEMS P07B, with the mounted UTM positioned on horizontal and vertical linear translation 

stages. The synchrotron X-ray beam is monochromatized using a single-bounce monochromator, and its size can be adjusted through a collimator. A Perkin 

Elmer area detector captures diffraction patterns. The loading direction (LD) is parallel to the extrusion direction (ED). 

Fig. 2. (a) The X-ray diffraction pattern of the tensile sample in the direction parallel to loading direction. (b) Evolution of diffraction peaks of {112̄ 0 } plane 

in (a) during the tension process. 

width at half maximum (FWHM) increases. Additionally, the 

diffraction peak intensity initially increases and subsequently 

decreases. 

2.3. Analysis of synchrotron radiation X-ray diffraction data 

By analyzing the positions (2 θ ) of diffraction pattern, the 

interplanar spacing of the corresponding crystal planes can be 

determined. Diffraction occurs when the interplanar spacing 

dhkl of the lattice plane and the angle θhkl satisfy specific con- 

ditions. This condition is described by Bragg’s law ( Eq. 1 ): 

2dhkl sinθhkl = λ (1) 

where dhkl is the interplanar spacing of the {hkl} lattice plane, 

θhkl represents the diffraction angle of the {hkl} lattice plane, 

and λ denotes the wavelength. The lattice strain can be cal- 

culated by the following formula ( Eq. 2 ) based on the inter- 

planar spacing under different loads: 

εhkl =
(

dhkl − d i 
hkl 

)

/d i 
hkl (2) 

where dhkl represents the interplanar spacing under different 

loads, while d i 
hkl denotes the initial interplanar spacing. 

In general, the FWHM alone is not enough for the calcula- 

tion of the dislocation density, and the classical Williamson–

Hall equation is not valid in the case of dislocations. Thus, 

the modified Williamson-Hall (MWH) and modified Warren- 

Averbach (MWA) approaches ( Eq. 3 ) were applied, where the 

dislocation contrast factors were considered to properly eval- 

uate the dislocation density. These modified approaches have 

been widely validated and successfully applied in many previ- 

ous studies, confirming their suitability for the present analy- 

sis [ 36 , 37 ]. This dual-method strategy was employed to ensure 

accurate quantification while accounting for the anisotropic 

nature of dislocations in hcp Mg. The MWH equation was 

applied to the XRD data [ 38 , 39 ]: 

K = 0. 9 
L 

+
(

πM2 b2 

2 

)1 / 2 

ρ1 / 2 
(

KC̄1 / 2 
)

+ O
(

KC̄1 / 2 
)

(3) 

where K = 1/ d, L represents a grain size, ρ denotes the 

dislocation density, M represents the dislocation arrangement 

parameter for weakly correlated dislocations, b denotes the 

Burgers vector. The average dislocation contrast factors C̄ 

were calculated by the following formula ( Eq. 4 ) [ 40 ]: 

C̄ = C̄h00 

(

1 − q̄ 
h2 l2 +h2 k2 +l2 k2 

( h2 +k2 +l2 ) 

)

(4) 

where C̄h00 is the average contrast factor and q̄ is dependent 

on the dislocation type obtained using the ANIZC software. 

For enhanced accuracy, the MWA method was subsequently 

employed. The Fourier coefficients of the diffraction peaks 

were analyzed using [ 41 ]: 

l nA( L) = l nAS ( L) − ρ πb2 L2 

2 
ln 

(

Re 
L 

)(

K2 C̄ 

)

+ o
(

K4 C̄2 
)

(5) 

where L represents the Fourier length, AS ( L ) represents the 

size Fourier coefficients and Re represents the effective outer 

cut-off radius. The dislocation density ρ and the effective 



5424 H. Chen, H. Chen, Y. Huang et al. / Journal of Magnesium and Alloys 13 (2025) 5421–5437 

outer cut-off radius Re were obtained by fitting the lnA ( L ) vs. 

L2 curve. The parameter M = Re 
√ 

ρ was then calculated and 

fed back into the MWH method for optimization. 

2.4. Microstructural characterization 

The microstructure was analyzed using EBSD on a JEOL 

JSM-7800F SEM with a step size of 0.2 µm. EBSD spec- 

imens were first ground with sandpaper and then mechani- 

cally polished using a 0.5 µm diamond spray polishing sus- 

pension. Subsequently, the electropolishing was carried out at 

253 K using a solution containing 5% perchloric acid and 

95% ethanol for 30 s with a voltage of 20 V. The microstruc- 

ture of the alloy was further analyzed using a Talos F200S 

TEM. The preparation of TEM samples involved the follow- 

ing steps. First, a 0.5 mm-thick slice was wire-cut from the 

alloy and gradually ground to 50 µm using sandpaper. Next, 

the sample was thinned using a Gatan PIPS691 argon ion 

milling instrument. The ion milling process started at 4.2 kV 

and 5 °, then continued at 2 kV and 2 ° for 30 min after hole 

appeared. 

3. Results 

3.1. Microstructure of extruded alloy 

Fig. 3 illustrates the microstructure of the extruded Mg 

alloy. The inverse pole figure with respect to the sample X- 

direction (IPF-X) in Fig. 3 (a) shows the incomplete dynamic 

recrystallization occurred in the Mg alloy matrix. The mi- 

crostructure consists of uncrystallization regions aligned along 

the ED and uniformly distributed fine equiaxed recrystallized 

grains. Previous studies identified the presence of Al8 Mn5 and 

(Mg, Al)2 Ca particles in the alloy [ 42 ]. After extrusion, their 

fragmentation and uniform dispersion enhanced recrystalliza- 

tion nucleation and inhibited grain growth, resulting in a re- 

fined grain structure [ 43 ]. A grain size distribution map for 

the recrystallized grains was generated by analyzing EBSD 

data, excluding grains smaller than 0.5 µm. The extruded al- 

loy exhibited an average recrystallized grain size of 1.73 µm 

( Fig. 3 (b)). The pole figure reveals a maximum texture in- 

tensity of 10.82 ( Fig. 3 (c)). The small equiaxed recrystallized 

grains in the IPF exhibit relatively random orientations, with 

〈101̄ 0 〉 or 〈112̄ 0 〉 directions of most grains aligned parallel to 

the ED. In contrast, coarse grains refer to incompletely recrys- 

tallized grains that are larger than the fully recrystallized fine 

grains and distinct from uncrystallized regions. EBSD analy- 

sis ( Fig. 3 c) shows that these coarse grains exhibit a strong 

extrusion fiber texture with the 〈101̄ 0 〉 orientation parallel to 

the ED, which contributes to the maximum texture intensity 

observed in the pole figure. Quantitative analysis using Im- 

age Pro software revealed that the recrystallized area frac- 

tion is 84.2%, with the remainder consisting of such coarse 

grains. These grains may not suppress twinning as effectively 

as fine recrystallized grains, particularly under compression, 

where twinning is more easily activated. Fig. 3 (d) presents 

Fig. 3. Microstructures of the extruded alloy: (a) IPF-X map showing a bimodal microstructure; (b) grain size distribution; (c) pole figures with a maximum 

intensity of 10.82; (d) the distribution diagram of the Schmid factors. 
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Fig. 4. (a) Representative room temperature tensile true stress-strain curve of extruded Mg-0.6Mn-0.5Al-0.5Zn-0.4Ca alloys. (b) Strain hardening rate curve 

obtained during compression. (c) Lattice strains planes parallel to the tensile direction. (d) Lattice strains perpendicular to the tensile direction. The evolution 

of lattice strains can be divided into three regions. 

the Schmid factor distribution for various deformation modes 

in the extruded alloy. Basal 〈 a 〉 slip has lower Schmid factors 

than nonbasal 〈 a 〉 and 〈 c + a 〉 slips, making the latter easy to 

activate. In addition, the high Schmid factor of tensile twin- 

ning indicates it is likely to be activated during deformation. 

3.2. In-situ tension of the extruded Mg alloy 

The in-situ tensile stress-strain curve at room temperature 

of the studied alloy is shown in Fig. 4 (a). The extruded alloy 

exhibits a tensile yield strength of 320 MPa, a ultimate tensile 

strength (UTS) of 324 MPa, and a fracture elongation (FE) of 

12.2%. The alloy yields at a strain of 1.2%, marking the tran- 

sition from the elastic deformation stage (strain: 0 ∼ 1.2%) to 

the plastic deformation stage (strain: 1.2 ∼ 12.2%). Interest- 

ingly, the alloy did not exhibit apparent strain hardening fol- 

lowing yielding. In fine-grained Mg alloys, limited dislocation 

interactions weaken strengthening, and twinning is restricted, 

thereby reducing its strain-hardening rate (SHR). The SHR 

curve can be divided into three distinct stages ( Fig. 4 (b)). 

The first stage, known as the elastic-plastic transition, marks 

a sharp decrease in SHR and signifies the onset of plastic 

strain. In the second stage, SHR increases slightly until the 

strain rate reaches 5.2%. Finally, in the third stage, SHR grad- 

ually decreases. 

Fig. 4 (c and d) shows the lattice strains evolutions paral- 

lel and perpendicular to the tensile direction. Fig. 4 (c) shows 

the lattice strains parallel to the tensile direction exhibit an 

increasing trend. Based on lattice strain evolution, the curve 

can be divided into three distinct regions: the elastic defor- 

mation region (Region Ⅰ ), the elastic-plastic deformation re- 

gion (yield region, Region Ⅱ ), and the plastic deformation 

region (Region Ⅲ ). In Region Ⅰ , the lattice strain of each 

plane increases linearly with the strain. The nearly identi- 

cal slopes of the curves for each plane indicate that their 

Young’s moduli are approximately equal. At the start of Re- 

gion Ⅱ , the lattice strains begin to deviate from linearity, in- 

dicating the onset of grain yielding. The lattice strains of the 

{101̄ 1 } and {101̄ 2 } planes deviate from linearity earlier, sug- 

gesting that these planes are more prone to premature yield- 

ing and carry a lower load. In contrast, the {0002}, {112̄ 0 } 
and {101̄ 0 } planes yield simultaneously during the yielding 

process, carrying a higher load. The {101̄ 0 } planes exhibit 

the highest lattice strains and carry the maximum load dur- 

ing deformation. At the initial stage of Region Ⅲ , the lattice 

strains begin to decrease and then stabilize as the strain in- 

creases. Just before fracture, the lattice strains of all crystal 

planes decrease with strain, indicating that all lattice planes 

experience compressive stress due to contraction from elastic 

deformation. 
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The lattice strains perpendicular to the loading direction 

show a decreasing trend during tension due to the compres- 

sive stress ( Fig. 4 (d)). The evolution of lattice strains can sim- 

ilarly be divided into three regions. Differently, upon yielding, 

the lattice strains of the {101̄ 1 } and {101̄ 2 } planes are lower, 

whereas the lattice strains of the {0002} plane is the high- 

est. In general, the CRSS for basal slip in Mg alloys is the 

lowest, making it the first slip system to be activated under 

stress [ 44 ]. As a result, the {0002} plane is expected to carry 

the least load during deformation. Notably, in this study, the 

{0002} plane carries higher loads on both the crystal planes 

parallel and perpendicular to the loading direction. This atyp- 

ical load distribution is primarily attributed to the preferred 

orientation of grains [ 45 ]. The studied alloy exhibits a pro- 

nounced texture, with the {101̄ 0 } and {112̄ 0 } planes of most 

grains oriented perpendicular to the ED. Among the planes 

perpendicular to the loading direction, the {101̄ 0 } and {112̄ 0 } 
planes carry the highest load. Meanwhile, in the planes par- 

allel to the tensile direction, the {0002} planes are predom- 

inant, resulting in the {0002} planes carrying the highest 

load. In addition, although the CRSS for basal 〈 a 〉 slip is 

the lowest among all slip systems in Mg alloys, the activa- 

tion of basal slip is also influenced by its Schmid factor. In 

this study, the basal 〈 a 〉 slip system has a low Schmid factor 

( Fig. 3 (d)), resulting in reduced resolved shear stress. Con- 

sequently, basal slip is not readily activated during the early 

deformation stages, allowing {0002} planes to carry higher 

elastic stresses compared to more favorably oriented non-basal 

systems. 

Fig. 5 (a) shows the evolution of the FWHM of the XRD 

peaks with the increase of strain during tension. In the elas- 

tic region, the FWHM of almost all peaks decreases slightly 

with increasing strain. After yielding, the FWHM of all peaks 

increases rapidly. This shows fast defect generation or dis- 

location multiplication. As strain increases, the growth rate 

slows down. Near fracture, the FWHM of all peaks becomes 

almost constant. Fig. 5 (b) shows the evolution of dislocation 

density during tension. The initial dislocation density of the 

extruded alloy is 5.04 × 1014 m−2 . In Region Ⅰ (strain of 0 

∼ 0.35%), the dislocation density gradually decreases with 

increasing true strain. The observed reduction in dislocation 

density in Region I can be explained by two complemen- 

tary processes. First, short-range annihilation of opposite-sign 

dislocations can occur when mobile dislocations glide and an- 

nihilate each other, reducing the net Burgers vector content 

[ 46 , 47 ]. Second, reorganization/recovery of the initial dislo- 

cation network may take place. Under low applied stresses, 

dislocations can rearrange into more correlated, low-energy 

configurations such as dislocation walls, subgrain boundaries, 

or cells. Such rearrangement does not necessarily remove dis- 

locations, but it increases their spatial correlation and reduces 

the XRD peak broadening attributed to random dislocations. 

As a result, XRD analysis may report an apparent decrease in 

dislocation density even though a large population of dislo- 

cations remains [ 48 , 49 ]. Because the initial extruded alloy is 

only partially recrystallized (recrystallized fraction = 84.2%), 

the dislocation distribution is heterogeneous, which may fur- 

ther enhance such effects. With increasing tensile stress, the 

resolved shear stress surpasses the CRSS of specific slip sys- 

tems, activating additional dislocation slip. However, due to 

the pinning effect of the Cottrell atmosphere, the movement of 

dislocations is hindered, resulting in slow dislocation move- 

ment. Therefore, the dislocation density increases slowly in 

this region. Once a balance is established between disloca- 

tion annihilation and multiplication, the dislocation density in 

the alloy temporarily stabilizes. In the yield region (Region 

Ⅱ , strain of 0.35 ∼ 1.3%), the applied stress becomes suffi- 

ciently high for dislocations to overcome their constraints and 

move rapidly. At this stage, more slip systems are activated 

as the resolved shear stress exceeds their CRSS, rapidly in- 

creasing dislocation density. Notably, the dislocation density 

begins to increase rapidly at a strain of 0.35%, before the 

yield point (strain of 1.3%). It is attributed to certain planes, 

such as {101̄ 1 } , {101̄ 2 } , and {101̄ 3 } , begin to yield at this 

stage, indicating the initiation of dislocations. In Region Ⅲ , 

the generation of new dislocations slows down while existing 

Fig. 5. (a) Evolution of FWHM of the XRD peaks with the increase of strain during tension. (b) Evolution of dislocation density with true strain. Dislocation 

density evolves through three stages: Region Ⅰ (where dislocation annihilation dominates), Region Ⅱ (yield region, where rapid dislocation multiplication 

occurs), and Region Ⅲ (dislocation proliferation slows and reaches maximum density). 
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Fig. 6. (a) Evolution of diffraction intensity parallel to the tensile direction. (b) Evolution of diffraction intensity perpendicular to the tensile direction. 

Diffraction intensity stays stable, showing little grain orientation change. 

dislocations gradually proliferate until reaching their maxi- 

mum density. 

Fig. 6 shows the diffraction intensity evolution of each 

plane. Before loading, the extruded alloy exhibits a fiber tex- 

ture characterized by most grains with the 〈101̄ 0 〉 parallel 

to the ED and some with the 〈 0002 〉 parallel to the ED. 

These observations align with the EBSD results presented in 

Fig. 3 (d). Fig. 6 also demonstrates that the diffraction in- 

tensity of all planes does not change significantly throughout 

the whole tension process, indicating minimal variation in the 

grain orientation of the alloy during deformation. 

To further study the tensile deformation mechanism, the 

microstructure of the extruded alloy after 10% tensile strain 

was characterized using EBSD ( Fig. 7 ). The BC map reveals 

that few twins form during deformation. Combined with the 

synchrotron X-ray diffraction results, the lattice strain of the 

{101̄ 2 } plane deviates from linearity before yielding, indicat- 

ing easier yielding and the lower load carried during tension. 

This suggests that tensile twins are more readily activated dur- 

ing deformation. Previous studies indicate that tensile twins 

tend to form in deformed Mg alloys due to their low CRSS 

[ 50 ]. However, this is somewhat different from the EBSD 

observation results. This is primarily attributed to the influ- 

ence of texture, which subjects the C-axis of most grains to 

compressive stress. The high CRSS needed for compression 

twins makes their activation challenging [ 51 ]. Only a limited 

number of grains experience tensile stress along the C-axis, 

forming tensile twins in a few grains. Furthermore, the fine 

grain of the alloy also inhibits the activation of twins to a 

certain degree, contributing to this behavior. Fig. 7 (d) illus- 

trates the distribution of Schmid factors for the tensile sample. 

Texture results in low Schmid factors for basal slip, mostly 

below 0.3, while non-basal 〈 a 〉 and 〈 c + a 〉 slips show values 

mainly above 0.3. 

Fig. 8 presents the TEM images of the extruded alloy af- 

ter 10% tensile deformation. Owing to the fine grain size and 

high CRSS for twinning, dislocation slip serves as the main 

deformation mechanism in the alloy. The TEM image of the 

large grain interior reveals some dislocations ( Fig. 8 (a)). Us- 

ing the " g ·b = 0 is invisible" criterion, dislocation types were 

identified through two-beam diffraction. Under g = 0002, a 

significant number of dislocations are visible, implying they 

are either 〈 c 〉 dislocations or 〈 c + a 〉 dislocations containing 

〈 c 〉 components, as indicated by the red and yellow arrows 

in Fig. 8 (c). Some of these dislocations were also observed 

under g = 011̄ 0, as shown by the red arrows in Fig. 8 (d), 

confirming that they are 〈 c + a 〉 dislocations because 〈 c 〉 dis- 

locations are extinguished under this condition. Conversely, 

the dislocations highlighted by the yellow arrows in Fig. 8 (c) 

are absent in Fig. 8 (d), indicating they are 〈 c 〉 dislocations. 

It demonstrates that the activation of 〈 c 〉 and 〈 c + a 〉 dislo- 

cations is a crucial deformation mechanism in the alloy. A 

few 〈 a 〉 dislocations, which remain visible under g = 011̄ 0, 

are also observed in Fig. 8 (b). Additionally, the TEM image 

of the fine-grain interior reveals a higher density of disloca- 

tions ( Fig. 8 (e)). Many dislocations can still be seen under 

g = 0002 ( Fig. 8 (f)), suggesting activation of 〈 c 〉 or 〈 c + a 〉 
dislocations. Dense dislocation tangles were observed in both 

coarse and fine grains after deformation, which is consis- 

tent with the increased dislocation densities obtained from 

the MWH/MWA analysis. 

3.3. In-situ compression of extruded alloy 

Fig. 9 (a) shows the room-temperature compressive stress- 

strain curve of the extruded alloy. The compressive yield 

strength of the extruded alloy is 236 MPa, while the ultimate 

compressive strength reaches 432 MPa, with an FE of 11.3%. 

The alloy behaves differently under tension and compression, 

indicating asymmetry. Fig. 9 (b) shows that the SHR curve 

during compression can also be divided into three stages, like 

those observed in the tension process. 

The lattice strains evolution of crystal planes during com- 

pression was determined by analyzing the plane spacing mea- 

sured under different strain levels, as illustrated in Fig. 9 (c and 

d). Crystal planes perpendicular to the loading direction expe- 

rienced compressive stress, resulting in a decreasing trend in 

interplanar spacing. The lattice strains evolution can similarly 
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Fig. 7. EBSD results of the extruded alloy with a tensile deformation strain of 10%: (a) IPF-X map; (b) BC map indicating limited twin formation; (c) pole 

figures with a maximum intensity of 10.79; (d) the distribution diagram of the Schmid factors. 

be segmented into those three regions. In Region Ⅰ (elastic 

region), the lattice strains of most planes increase linearly 

with the strain, and the slopes are consistent. Notably, the 

interplanar spacings of the {0002} planes remain nearly un- 

changed, indicating that these crystal planes exhibit minimal 

lattice strains. It is primarily attributed to the strong fiber tex- 

ture of the extruded alloy, where most {0002} are aligned 

with the loading direction, and few are oriented perpendicu- 

larly. At the start of Region II, crystal planes begin to yield, 

and their lattice strains are significantly lower than those at 

the tensile yield point. For instance, the {101̄ 0 } planes yield 

at a strain of about 0.002, compared to 0.0076 in tension 

( Fig. 4 (c)). In Region Ⅲ (plastic deformation region), the 

lattice strains of crystal planes (other than {0002}) continue 

to increase at a nearly constant rate with increasing strain, and 

this trend persists until final fracture. Notably, after yielding, 

the lattice strains of the {0002} gradually increases, even- 

tually reaching the maximum and carrying the highest load. 

This phenomenon will be further explored in Section 4.1.1 . 

Crystal planes parallel to the loading direction experienced 

tensile stress, resulting in an increasing trend in interplanar 

spacing. In Region Ⅰ (elastic region), the lattice strains of 

most crystal planes increase linearly with the strain, showing 

a uniform slope. The {0002} plane deviates from linearity 

before yielding due to its low CRSS, which facilitates basal 

slip under tensile stress. In Region Ⅱ (elastoplastic region), 

lattice strain deviates from linearity for all planes, with the 

{101̄ 0 } planes yielding earlier, followed by the {101̄ 2 } and 

{101̄ 1 } planes. In Region Ⅲ (plastic deformation region), the 

{101̄ 0 } , and {101̄ 2 } planes exhibit higher lattice strain, indi- 

cating they carry the highest load during deformation. 

Fig. 10 (a) shows the evolution of the FWHM of the XRD 

peaks with increasing compression strain. Fig. 10 (b) shows 

the evolution of dislocation density during compression. The 

initial dislocation density of the compression specimen is 

5.19 × 1014 m−2 , comparable to that of the tensile specimen. 

The dislocation density evolution during compression closely 

mirrors that observed in tension. Initially, there is a slight de- 

crease in dislocation density (Region Ⅰ ), followed by a rapid 

increase after yielding (Region Ⅱ ), and then it stabilizes grad- 

ually (Region Ⅲ ). However, when approaching failure, the 

dislocation density of the alloy increases rapidly again (Re- 

gion Ⅳ ). It can be attributed to local stress concentrations that 

develop during late-stage compression. Such stress concentra- 

tions commonly arise from intensive twin nucleation/growth, 

twin–twin and twin–grain boundary interactions, and the for- 

mation of localized deformation bands (micro-shear bands), 

all of which promote enhanced dislocation nucleation and 

multiplication locally. Previous experimental and review stud- 

ies have documented these processes in Mg and other hexag- 

onal metals: twins generate strong local stress fields and inter- 

act with lattice dislocations, promoting dislocation emission 

and pile-up at twin tips and twin boundaries; these interac- 

tions in turn can nucleate localized shear bands and localized 

high dislocation density regions that give rise to the observed 

rapid increase in bulk dislocation content [ 52 , 53 ]. 
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Fig. 8. Bright-field TEM image of the extruded alloy with a tensile strain of 10%: (a) Bright-field TEM image of a large grain; (b) same grain viewed along 

the 〈112̄ 0 〉 zone axis; (c) two-beam image of the large grain with g = 0002; (d) two-beam image of the large grain with g = 011̄ 0; (e) fine grain imaged 

along the 〈112̄ 0 〉 zone axis; (f) two-beam image of the fine grain with g = 0002. 
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Fig. 9. (a) Representative room temperature compressive true stress-strain curve of extruded alloy. (b) Strain hardening rate curve obtained during compression. 

(c) Lattice strains parallel to the compression direction. (d) Lattice strains perpendicular to the compression direction. The lattice strains evolution can be 

divided into Region Ⅰ (elastic region), Region Ⅱ (the elastic-plastic region), and Region Ⅲ (plastic deformation region). 

Fig. 10. (a) Evolution of FWHM of the XRD peaks with the increase of strain during compression. (b) Dislocation density evolution with strain. The dislocation 

density evolution can be divided into Region Ⅰ (elastic region, with a slight decrease in dislocation density), Region Ⅱ (a rapid increase after yielding), Region 

Ⅲ (plastic deformation region, where it gradually stabilizes), and Region Ⅳ (failure region, with a rapid increase before failure). 

Fig. 11 shows the diffraction intensity evolution of each 

crystal plane. Before the start of compression loading, the ex- 

truded alloy exhibits a fiber texture, characterized by a large 

number of grains with 〈101̄ 0 〉 parallel to the ED, and some 

with 〈 0002 〉 perpendicular to the ED. In Region Ⅰ (strain: 0 ∼
0.7%), the diffraction intensity of the crystal planes remains 

almost unchanged in both the parallel and perpendicular direc- 

tions relative to the loading direction. The alloy is still elas- 

tically deforming, and stress and strain distribute uniformly. 

Grain boundary movement is restricted, limiting changes in 

grain orientation and texture. When the strain exceeds 0.7%, 

the diffraction intensity of the {0002} plane begins to in- 
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Fig. 11. (a) Evolution of diffraction intensity parallel to the compression direction. (b) Evolution of diffraction intensity perpendicular to the compression 

direction. The evolution of grain orientation can be divided into Region Ⅰ (elastic region, with stable diffraction intensity), Region Ⅱ (elastic-plastic transition 

region, where grain orientation shifts rapidly), and Region Ⅲ (plastic deformation region, where orientation stabilizes). 

crease rapidly along the loading direction, while that of the 

{101̄ 0 } plane decreases. Conversely, in the direction perpen- 

dicular to the loading direction, the diffraction intensity of the 

{0002} plane rapidly decreases, while that of the {101̄ 0 } and 

{112̄ 0 } planes increase. These changes indicate a rapid shift 

in the grain orientation of the alloy. In Region Ⅲ (strain: 

8 ∼ 11.3%), the diffraction intensity of each plane in both 

directions shows little variation, indicating that the grain ori- 

entation is largely stabilized. As the strain increases, plastic 

deformation within the grains continues to accumulate un- 

til it reaches a state of strain saturation. Once saturation is 

achieved, the deformation within the grains stabilizes, result- 

ing in the stabilization of grain orientation. 

Fig. 12 presents the EBSD characterization of the alloy af- 

ter compression. Fig. 12 (b) shows numerous tension twins in 

the compressed alloy. Such twins can cause grain rotations of 

86 °, leading to significant changes in the orientation of grains 

[ 54 ]. Initially, most grains have their c-axes perpendicular to 

the loading direction. After undergoing a rotation of 86 °, their 

c-axes align nearly parallel to the loading direction. This phe- 

nomenon is illustrated in Fig. 12 (a and c), where the IPF map 

and pole figures show that the c-axes of most grains align with 

the loading direction. The maximum texture intensity of the 

compressed alloy reaches 52.61, indicating the development 

of a strong texture. Fig. 12 (d) illustrates that basal 〈 a 〉 slip has 

a higher Schmid factor in the compressed sample compared 

to the tensile one. The difference in the Schmid factor be- 

tween the compression and tension samples is primarily due 

to changes in the grain orientation during compression. The 

Schmid factors for non-basal and 〈 c + a 〉 slips are primarily 

distributed within the range greater than 0.2, showing negli- 

gible differences compared to the tensile sample. In contrast, 

after compression, grain rotation and texture evolution lead to 

many grains aligning their c-axes with the tensile direction, 

significantly increasing the resolved shear stress and Schmid 

factor of {101̄ 2 } twinning. 

4. Discussion 

4.1. Deformation mechanisms 

4.1.1. Evolution of lattice strains 

The evolution of lattice strains in different crystal planes 

during deformation is influenced by the initial texture. Dur- 

ing tensile deformation, the grain orientation remains nearly 

unchanged, resulting in a stable texture. This stability en- 

sures a consistent and predictable evolution of lattice strains. 

In general, basal 〈 a 〉 slip in Mg alloys has the lowest CRSS 

and is expected to be activated first, which would normally 

result in the {0002} planes carrying the least load during de- 

formation. However, the studied alloy exhibits a strong tex- 

ture that markedly reduces the Schmid factor of the basal 〈 a 〉 
slip system ( Fig. 3 (d)), thereby suppressing its activation in 

the early stages of straining. As a result, the {0002} planes 

are unable to effectively release the applied stress through 

basal slip and instead sustain relatively high elastic stresses. 

This atypical stress partitioning indirectly facilitates the acti- 

vation of non-basal slip systems, which play a more signif- 

icant role in accommodating plastic deformation. Thus, the 

higher load observed on the {0002} planes is not a direct 

indication of basal slip activity, but rather a consequence of 

texture-induced suppression of basal slip and the associated 

promotion of non-basal slip. During compressive deformation, 

the evolution of lattice strains exhibits interesting phenomena 

due to changes in texture. Notably, after yielding, the 〈 0002 〉 
lattice strain along the loading direction increases gradually, 

indicating that it carries an increasing load. As shown in 

Fig. 11 , it is primarily attributed to changes in grain orien- 

tation after yielding. Specifically, the {0002} planes of most 

grains gradually shift from parallel to the loading direction 

to perpendicular. Consequently, the {0002} planes eventu- 

ally exhibit the largest lattice strains and carry the highest 

load. 
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Fig. 12. EBSD results of the extruded alloy after compression: (a) IPF-X map; (b) BC maps extensive tensile twinning; (c) pole figures with a maximum 

intensity of 52.61; (d) the distribution diagram of the Schmid factors. 

4.1.2. Dislocation slips versus deformation twinning 

In-situ synchrotron X-ray diffraction results ( Fig. 5 and 

Fig. 10 ) reveal a significant activation and continuous prolif- 

eration of dislocations during both tension and compression 

processes. From the TEM results ( Fig. 8 ), not only are 〈 a 〉 
dislocations activated, but 〈 c 〉 and 〈 c + a 〉 dislocations also 

play a significant role during tension. In addition, more dis- 

locations are activated inside the fine grain, resulting in a 

higher dislocation density. Previous research has shown that 

in fine-grained materials, 〈 c 〉 and 〈 c + a 〉 slip mechanisms are 

more readily activated to accommodate deformation, whereas 

larger grains tend to rely on twinning for deformation adapta- 

tion [ 55 ]. When the grain size is smaller than about 5.5 µm, 

twinning activation is suppressed, making it easier to observe 

a higher level of dislocation activity in fine grains [ 56 ]. The 

finer grain and texture of the studied alloy hinder the initia- 

tion of basal slip and tension twins, which have lower CRSS. 

Instead, it necessitates the activation of non-basal 〈 a 〉 slip and 

〈 c + a 〉 slip with higher CRSS, making dislocations more 

likely to dominate the deformation. The activation of these 

dislocation slips, especially 〈 c + a 〉 dislocations, facilitates 

crystal slip and plastic deformation, significantly improving 

the plastic deformation capability and its ductility [ 57 , 58 ]. 

After yielding during compression, the grain orientation of 

the alloy undergoes significant changes, which confirms the 

extensive activation of tensile twinning. EBSD results of com- 

pressed alloy also show the initiation of tensile twins leads to 

changes in grain orientation and the development of a strong 

compression texture ( Fig. 12 (c)). In AM magnesium alloys, 

texture evolution during deformation can arise from low an- 

gle grain rotations due to dislocation accumulation or from 

twin formation. However, as shown in Fig. 6 , the diffraction 

intensity of planes remains almost unchanged during room- 

temperature tension. Similarly, Fig. 3 (c) and Fig. 7 (c) show 

that the overall texture intensity changes little after tensile 

deformation. As a result, the possibility of texture evolution 

caused by grain rotation or low-angle boundary formation 

during room-temperature deformation is minimal. Therefore, 

the texture evolution during room-temperature deformation is 

mainly caused by twin formation. Accordingly, the increase 

in diffraction peak area can be attributed to the formation 

of new twins, and estimating the twin volume fraction from 

XRD peak area is justified. Fig. 13 shows the variation in 

{101̄ 2 } tension twin volume fraction during compression. This 

fraction was estimated by dividing the increase in the area 

of the 〈101̄ 0 〉 peak by the area of all peaks [ 59 ]. This ap- 

proach is well established and reliable, as the formation of 

{101̄ 2 } tensile twins rotate the c-axis by ∼86 °, producing a 

measurable and systematic increase in the intensity of the 

〈101̄ 0 〉 peak. The peak areas were integrated over a small az- 

imuthal range (near the peak apex), which approximates the 

peak height. Although this may slightly underestimate the ab- 

solute twin volume fraction, it ensures a consistent and repro- 

ducible trend with strain. Importantly, this method does not 

assume that all grains rotate into an identical orientation after 

twinning. Instead, it captures the relative intensity change as- 
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Fig. 13. The volume fraction of {101̄ 2 } twins as a function of true strain 

during compression. 

sociated with twin-related reflections, which reliably reflects 

the extent of twinning. While possible sources of error in- 

clude peak overlap, incomplete detection of all twin variants, 

and heterogeneity in grain orientation, these factors mainly af- 

fect the absolute value rather than the observed trend. There- 

fore, the calculated twin volume fraction provides a robust 

and reliable measure of the evolution of twinning with strain. 

The volume fraction of the tension twin increases rapidly fol- 

lowing the onset of yielding and then gradually stabilizes as 

deformation progresses. It indicates that tension twins dom- 

inate the grain deformation at the onset of plastic deforma- 

tion during compression. Although twinning dominates at this 

stage, it does not suppress dislocation activity; instead, it pro- 

motes dislocation generation and accumulation through mul- 

tiple mechanisms such as stress concentration, slip activation, 

and dislocation–twin interactions [ 60 ], leading to a rapid in- 

crease in dislocation density. Compared to tensile sample, 

compressed sample exhibits a higher Schmid factor for basal 

〈 a 〉 slip, indicating easier activation during compression. The 

high Schmid factors for non-basal 〈 a 〉 slip and 〈 c + a 〉 slip 

suggest that these slip systems are also activated during com- 

pression. In the final stage of plastic deformation, tension twin 

formation saturates, and grain orientation gradually stabilizes. 

According to the phenomenon of sharp increase in disloca- 

tion density again in the final deformation stage ( Fig. 10 (b)), 

it suggests that plastic deformation is gradually dominated by 

dislocations again. 

4.2. Tension-compression asymmetry 

The extruded alloy exhibits a tensile yield strength of 

320 MPa, a UTS of 324 MPa, and a FE of 12.2% ( Fig. 4 (a)). 

The compressive yield strength is 236 MPa, the ultimate 

compressive strength is 432 MPa, and the strain is 11.3% 

( Fig. 9 (a)). The alloy begins to yield at a strain of 1.2% 

under both tension and compression. Notably, the CYS/TYS 

ratio is 0.74, indicating distinct differences in the yield be- 

havior under tensile and compressive loading. Fig. 4 (c and d) 

and Fig. 9 (c and d) show that the yielding crystal plane ex- 

hibits less lattice strain in compression compared to tension, 

which aligns with the phenomenon where CYS is lower than 

TYS. 

The above results suggest a fiber texture in the alloy, with 

c-axes mainly aligned perpendicular to the loading direction. 

During tension, the easiest activated basal 〈 a 〉 slip system has 

a hard orientation with a low Schmid factor. Activating the 

basal 〈 a 〉 slip requires a higher load, thereby increasing the 

yield strength. When basal 〈 a 〉 slip is hard to activate, the 

early activation of low-CRSS tensile twinning becomes key. 

This can lower the yield strength if tensile twinning starts 

at low stress. Fig. 12 (b) shows that profuse tensile twins are 

present in the compressed sample. It can be attributed to the 

lower CRSS required for tensile twinning, making it easier 

to be activated during compression loading. In contrast, as 

shown in Fig. 7 , the extruded alloy exhibited few tension 

twins after tensile testing. Tensile twins are hard to initiate 

when compressive stress is applied along the grain’s c-axis. 

Furthermore, twinning initiation is also significantly reduced 

due to the alloy’s fine grain size [ 61 ]. The extensive activa- 

tion of tension twins with lower CRSS results in a lower yield 

strength under compression. The activation of tension twins 

can cause grain rotations of 86 °, leading to significant changes 

in the orientation of grains affected by these twins [ 62 ]. The 

compressed alloy’s maximum texture intensity reaches 52.61, 

showing a strong texture, while Fig. 3 (d) and Fig. 7 (c) in- 

dicate little change in texture distribution and intensity after 

tension. 

The activation of {101̄ 2 } tensile twinning can promote 

strain hardening of the sample through texture hardening and 

the Hall-Petch effect caused by grain refinement [ 63 , 64 ]. The 

extensive activation of tension twins contributes to the for- 

mation of a strong texture in the alloy, which re-orients the 

grains into hard orientations [ 65–67 ]. It becomes challenging 

for plastic deformation to proceed via basal slip. The primary 

deformation mechanisms of the grains involve the glide pyra- 

midal I and II slip systems [ 68 ]. Fig. 7 (d) and Fig. 12 (d) 

show that the Schmid factors of non-basal 〈 a 〉 and 〈 c + a 〉 
slips after compression are lower than that of the tensile sam- 

ple, indicating that higher stress is required to activate them. 

Consequently, these tensile twins formed during compression 

inhibit the activation of slip, making it more difficult for the 

grains to slip and deform [ 69 ]. This inhibition leads to a 

higher SHR during compression. 

In typical AZ-series Mg alloys, tensile twinning is read- 

ily activated under both tension and compression, which re- 

sults in relatively low yield asymmetry [ 70 ]. In contrast, the 

studied alloy shows a much higher tensile yield strength and 

lower compressive yield strength, leading to more pronounced 

asymmetry. This distinct behavior originates from the fine- 

grained microstructure, which suppresses twinning during ten- 

sion but still allows its extensive activation during compres- 

sion. Compared with ultrafine-grained Mg alloys (e.g., with 

grain sizes of ∼0.5 µm [ 33 ], where twinning is suppressed 
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even in compression and thus yield asymmetry is reduced, 

the present alloy represents an intermediate state with ex- 

ceptionally large tensile–compressive asymmetry. Specifically, 

while grain refinement is sufficient to suppress twinning in 

tension, it is not fine enough to inhibit twinning in compres- 

sion, thereby resulting in an exceptionally large degree of 

tensile–compressive yield asymmetry. 

4.3. Strain hardening mechanisms 

During tension, the SHR drops sharply after yielding, even 

reaching negative values, and then slightly increases, indicat- 

ing the occurrence of softening behavior in the early stage 

( Fig. 4 (b)). Tensile deformation is primarily accommodated 

by dislocation slip, especially basal slip. However, due to the 

scarcity of slip systems in hcp crystals, the overall plasticity 

is inherently restricted. In contrast, during compression, the 

SHR increases significantly after yielding and reaches a peak 

of approximately 5600 MPa at around 6.8% strain ( Fig. 9 (b)). 

In this case, {101̄ 2 } tensile twinning is rapidly activated, par- 

ticularly in the early stages (before ∼6.8% strain). This is 

consistent with previous studies, which have shown that in 

cases of single-peak strain hardening, {101̄ 2 } twinning is typ- 

ically exhausted at around 6.8% strain, corresponding to the 

peak observed in the strain hardening curve [ 71 ]. The acti- 

vation of twinning introduces extra deformation mechanisms 

and leads to pronounced crystallographic reorientation, which 

enhances SHR and promoting further deformation by reori- 

enting grains in favor of basal and non-basal slip activation 

[ 72 , 73 ]. In addition, twin boundaries act as effective barriers 

to dislocation motion, increasing strain hardening and result- 

ing in the continuous increase of the SHR [ 74 ]. 

Twinning and dislocation slips are both activated during 

compression and contribute to the increase in true stress. 

Therefore, their specific contributions to strain hardening can 

be quantified. Many previous studies have successfully em- 

ployed the classical superposition principle to estimate the 

flow stress of metals under large elastoplastic deformation 

[ 75 , 76 ], and we follow this widely accepted methodology in 

the present work. The true stress is constructed by combin- 

ing the contributions from solid-solution strengthening, grain 

boundary strengthening, precipitation strengthening, disloca- 

tion strengthening, and twinning strengthening. The true stress 

( σ ) during compression can be estimated using the following 

equation [ 76 ]: 

σ = σ0 + σss + σgb + σppt + σdis + σtwin (6) 

where σ 0 is the intrinsic lattice friction stress, σ ss the contri- 

bution from solid solution strengthening, σ gb grain boundary 

strengthening, σ ppt precipitation strengthening, σ dis disloca- 

tion strengthening (strain hardening or Taylor hardening), and 

σ twin strengthening due to twinning. Among these, σ 0 , σ ss , 

σ gb and σ ppt remain essentially constant during deformation 

and are therefore treated additively, as is commonly done in 

yield strength calculations. Beyond yielding, the increase in 

true stress primarily originates from the evolution of dislo- 

cation density ( σ dis ) and the activation of twinning ( σ twin ), 

which progressively enhances the true stress. As a result, the 

true stress σ during compression can be expressed as: 

σ = σy + σdis + σtwin (7) 

where the σ y is the yield strength which includes contri- 

butions from solid solution strengthening, grain boundary 

strengthening, precipitation strengthening, and initial disloca- 

tion strengthening, and �σ dis is the strain hardening contri- 

bution from generated dislocations during compression. �σ dis 

can be calculated using the Taylor formula: 

σdis = MαGb
(√ 

ρ − √ 
ρ0 

)

(8) 

where M = 2.1 as a representative Taylor factor for polycrys- 

talline Mg alloys, G = 16.6 GPa as the shear modulus of Mg 

alloys, and α = 0.20 as a constant commonly adopted in pre- 

vious studies to account for the interaction strength among 

dislocations [ 77 , 78 ]. ρ0 is the initial dislocation density, and 

ρ is the dislocation density during compression ( Fig. 10 (b)). 

Therefore, strengthening contribution from twinning ( σ twin ) 

can be estimated by the difference between the true stress 

( σ ) and σ y + �σ dis [ 63 ]. 

Fig. 14 (a) shows the true stress increase from dislocations 

and twins during compression, and Fig. 14 (b) displays these 

contributions as a percentage of true stress. Dislocations mul- 

tiply rapidly after yielding, and the initial hardening is pri- 

marily attributed to dislocation activity. At a strain of approx- 

imately 5%, the contribution of dislocation hardening to the 

true stress reaches its peak value of 9.5%. In contrast, twin- 

ning contributes negligibly to hardening when the strain is 

below 5%. As the strain continues to increase, twins gradu- 

ally expand, and their contribution to true stress rises sharply. 

At the point of failure, twinning hardening contributes 43% 

of the true stress. 

Fig. 13 shows that twinning initiates immediately after 

yielding (at a strain of around 1.2%), and its volume frac- 

tion increases rapidly. However, its hardening effect does not 

become significant until the strain exceeds 5%. This indi- 

cates that while twins nucleate and grow shortly after yield- 

ing, they do not immediately contribute to hardening. In the 

early stages, twins may mainly act to accommodate deforma- 

tion by reorienting the lattice rather than impeding dislocation 

motion. It is only when the twin boundaries become more 

widespread and start interacting with dislocations or other 

twins that they significantly contribute to the material’s re- 

sistance to deformation, thereby contributing to strain hard- 

ening. In the later stage (after a strain of 8%), the twin volume 

fraction remains nearly constant ( Fig. 13 ). However, the hard- 

ening effect induced by twinning continues to increase during 

this stage ( Fig. 14 ). This can be attributed to enhanced inter- 

actions between twins and dislocations, increased obstruction 

of dislocation motion by twin boundaries. As a result, it can 

be concluded that the hardening effect induced by twinning 

primarily originates from the formation of twin boundaries, 

which act as practical barriers to dislocation motion. These 

boundaries hinder dislocation glide and accumulation, thereby 

enhancing the strain-hardening behavior. This is consistent 

with previous studies [ 79 ], which reported that the strength- 



H. Chen, H. Chen, Y. Huang et al. / Journal of Magnesium and Alloys 13 (2025) 5421–5437 5435 

Fig. 14. (a) Dislocation and twinning contributions to true stress increase during compression. (b) Relative strengthening effects of dislocations and twinning, 

expressed as percentages of true stress. 

ening role of twinning arises primarily from the barriers im- 

posed by twin boundaries against dislocation motion rather 

than from twin nucleation itself. Similar to their conclusions, 

we also observe that the twin volume fraction saturates in 

the later stages of compression, but the hardening contribu- 

tion of twinning continues to increase due to sustained twin–

dislocation interactions. More recently, Li et al. [ 63 ] empha- 

sized that the hardening contribution of twinning in Mg alloys 

is highly complex, involving multiple mechanisms. Specif- 

ically, they reported that lenticular-shaped twins can effec- 

tively subdivide grains and trigger a dynamic Hall–Petch ef- 

fect, while long-range back stresses from dislocation pileups 

near twin boundaries and short-range basal–prismatic dislo- 

cation transmutation provide additional, albeit limited, contri- 

butions. Despite a twin volume fraction approaching ∼40%, 

they found that dislocations remained the dominant hardening 

mechanism. Our results provide a clear explanation for this 

phenomenon, showing that the strengthening effect is not di- 

rectly correlated with twin volume fraction. Instead, only after 

the twin boundaries become sufficiently developed do they be- 

gin to strongly interact with dislocations, leading to a marked 

increase in hardening. Compared with existing studies, our 

work thus provides new quantitative evidence that the onset 

and saturation of twinning volume fraction are temporally de- 

coupled from its strengthening effect, thereby deepening the 

mechanistic understanding of twin–dislocation interactions in 

fine-grained Mg alloys. In addition, Fig. 14 shows that twin- 

ning contributes up to 43% of the true stress in the late stage 

of compression, while dislocation glide remains the primary 

carrier of plastic deformation. As indicated in Fig. 13 , ten- 

sile twinning initiates in the early stage of deformation, but 

its hardening effect becomes significant only after sufficient 

twin boundaries are formed. In the later stage, although the 

twin volume fraction saturates, these boundaries increasingly 

impede dislocation motion, leading to sustained strengthen- 

ing. Thus, the high twinning contribution does not imply 

a replacement of dislocation slip, but rather reflects strong 

twin–dislocation interactions, with twin boundaries acting as 

effective barriers that enhance strain hardening. 

5. Conclusion 

In this study, we have investigated the tension-compression 

asymmetry and related plastic deformation mechanisms of 

an extruded Mg-0.6Mn-0.5Al-0.5Zn-0.4Ca alloy using in-situ 

tensile and compressive tests while performing synchrotron 

X-ray diffraction. The main conclusions are as follows: 

(1) The lattice strains during tension and compression are sig- 

nificantly influenced by the initial texture. During tension, 

grain orientation remains nearly unchanged, resulting in 

stable lattice strain on different planes. In contrast, the 

{0002} planes of most grains shift from being parallel to 

being perpendicular to the loading direction during com- 

pression, with lattice strain evolving according to the pre- 

ferred orientation. 

(2) Both tension and compression induced the significant ac- 

tivation and proliferation of dislocations. Slip is the dom- 

inant deformation mechanism during tension, with exten- 

sive activation of non-basal 〈 a 〉 and 〈 c + a 〉 slips, while 

deformation twinning is suppressed. During compression, 

tensile twinning dominates early plastic deformation, while 

dislocation slips dominate later stages. 

(3) The alloy shows tension-compression asymmetry 

(CYS/TYS = 0.74). During compression, tensile twinning 

is more readily activated, reducing the yield strength. 

Basal 〈 a 〉 slip requires a higher stress to be activated 

during tension, but it is easier to be activated during 

compression due to a higher Schmid factor. 

(4) During tension, the strain hardening rate (SHR) drops 

sharply after yielding due to limited available slip sys- 

tems and grain boundary sliding. In contrast, compression 

exhibits a significant increase in SHR after yielding, pri- 

marily driven by twin boundary formation, texture evolu- 

tion, and dislocations multiplication, with twinning playing 

a dominant role at higher strains. 

(5) Dislocation multiplication dominates the initial strain hard- 

ening during compression, while twinning progressively 

contributes more significantly to the plastic deformation 
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at higher strains. At failure, twinning accounts for approx- 

imately 43% of the true stress, demonstrating that twin 

boundaries serve as crucial barriers to dislocation motion 

and are the primary source of strain hardening at later de- 

formation stages. 
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