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Fe-Mn-Al-C steels are of interest because of their low weight and the wide tunability of their strength-ductility
combinations. Despite their high mechanical strength, these advanced steels, particularly when equipped with
a multiphase microstructure, are often prone to hydrogen embrittlement (HE), a phenomenon characterized by
the abrupt loss of the materials’ load-bearing capacity resulting from H ingress. This motivates us to develop
strategies to make these alloys HE resistant. Here, we investigate and quantify the influence of interfacial B
segregation on the HE resistance in a typical high-Mn, high-Al lightweight steel with a two-phase austenite-
ferrite microstructure. Unlike the commonly reported beneficial role of B segregation in suppressing H-induced
damage in single-phase alloys, we reveal that B segregation in the studied steel can lead to both detrimental and
beneficial effects. On the one hand, it suppresses H-induced cracking along austenite-ferrite phase boundaries,
primarily due to segregation-mediated interface strengthening. On the other hand, B segregation appears to
promote H diffusion, increasing H contamination across wider microstructure regions and facilitating HE by H-
induced cleavage fracture within ferrite—an alternative damage mode to interface cracking. The ingress and
penetration of microstructures by H are closely connected with the kinetics and trapping features of H transport
along grain boundaries (GBs, y/y and a/a) and phase boundaries (a/y). We observe that interfacial H diffusion
can be enhanced in B-doped steels, due to the repulsion and competition between segregated B and H atoms, as
exemplified by ab initio calculations. The interplay between these two effects, resulting from interfacial B
segregation, leads to an overall diminished HE resistance in the studied material compared to its B-free coun-
terpart. These findings underscore the mechanistic complexity of B segregation in influencing HE resistance in
multiphase steels, highlighting its dual role that must be accounted for in the development of future H-tolerant
alloys.

1. Introduction

There is a growing demand for steels with high strength, improved
energy absorption and lower mass density, to reconcile environmental
needs with improvement of passenger safety in the automotive sector.
Hence, intense efforts are devoted to the development of advanced high-
strength steels (AHSSs) [1,2]. One approach lies in incorporating Al (up
to 12 wt. %) into Fe-Mn-C steels, enabling low mass density at main-
tained formability and strain hardening, without compromising safety,
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e.g. in terms of the material’s energy adsorption capability [3,4]. This
alloy design concept matured into the family of Fe-Mn-Al-C lightweight
steels. These steels can be classified into three categories based on their
microstructures: ferritic [5], austenitic [6-8] and austenite-ferrite
duplex [8-10]. Of these, steels with a two-phase microstructure are
tunable for a broad spectrum of strength-ductility combinations. They
typically contain a high Mn content (18-30 wt. %) to stabilize the
austenite phase to ambient temperatures and below [8,9]. This also
reduces the stacking fault energy and thus gives access to high strain
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hardenability due to the activation of transformation-induced plasticity,
twinning-induced plasticity and/or extensive dislocation planar slip
within the austenite, enabling an excellent strength-ductility product
[2-4,6-11]. However, with increasing strength levels in AHSSs, a severe
issue of hydrogen embrittlement (HE) arises. This is defined as the
abrupt degradation of a material’s load-bearing capacity when exposed
to H [9,12-14], which raises strong concerns for the application of these
steels.

In contrast to single-phase materials, effective strategies for miti-
gating HE in lightweight multiphase steels remain scarce [9,12,13]. This
is primarily due to the multiple phases and hetero-interfaces present in
these steels, leading to complex and often competing H transport phe-
nomena, H trapping and H-induced damage modes as well as embrittling
mechanisms associated with the different phases and interface types,
features that are difficult to predict, balance and control. Despite these,
fundamental understanding of H-induced damage mechanisms in these
materials remains limited, with only a few studies available to date [12].
In this regard, our preceding study of a high-Mn, high-Al
austenite-ferrite lightweight steel underpinned H-induced intergranular
cracking at austenite-ferrite phase boundaries and cleavage cracking
within the ferrite phase, which jointly act as the governing embrittle-
ment mechanisms [9]. The intergranular fracture was attributed to the
H-enhanced decohesion mechanism at phase boundaries. The latter
damage effect was associated with decohesion and plasticity-mediated
embrittlement within ferrite phase.

Commonly documented HE mitigating strategies in high-strength
steels include second-phase/precipitate trapping [15,16], grain refine-
ment [17-19], grain boundary (GB) engineering [20-22] and solute
segregation/heterogeneity engineering [14,23-25]. Among these ap-
proaches, solute segregation engineering has been developed to opti-
mize the intrinsic properties of interfaces, aiming to suppress H-induced
interface failure. Notably, B stands out due to its vital role in enhancing
GB cohesive strength, exerting a profound influence on HE resistance
improvement in various materials, including Ni-based alloys, martens-
itic steels and medium-entropy alloys [26-28]. In addition to the
enhancing effect on interface cohesive strength, B segregation at in-
terfaces was also reported to facilitate slip transfer, which effectively
relieves the forward stress imposed by dislocation pile-ups at grain
boundaries [26,27]. These factors, associated with B segregation, have
been shown to be effective in mitigating HE, as validated by numerous
studies [26-29]. However, these studies have primarily focused on
single-phase materials, where failure is mostly driven by H-induced
intergranular decohesion along GBs. In multiphase steels with more
complex H-induced damage modes, on the other hand, the effectiveness
of interface B segregation remains ambiguous. It is hence highly moti-
vated to establish a better understanding of the influence of B segrega-
tion on the HE behavior in these materials.

In this study, we focus on a B-doped high Mn lightweight steel with
an austenite-ferrite two-phase microstructure. Contrary to the previ-
ously reported advantageous effect of B segregation at austenite GBs,
this study reveals an unexpected and counterintuitive outcome, where B
doping plays a detrimental role on the alloys’ overall HE resistance,
despite the suppressed H-induced interface cracking. This unforeseen
result challenges our established understanding and highlights the
complexity of the interactions between B, H and the multiple interfaces,
including grain- and phase boundaries (y/y, a/a and o/y) of multiphase
alloys, particularly in terms of the role of segregated B on H trapping and
H transport.

To address these phenomena and their interplay, we first examined
the segregation behavior of B at both ferrite and austenite GBs and at
phase boundaries through correlative transmission Kikuchi diffraction
(TKD) electron microscopy and atom probe tomography (APT) analyses
[9,30,31]. A combination of damage characterization and ab initio cal-
culations of B and H segregation energy at a ferrite GB was used to
investigate the effect of B segregation on the HE behavior. A funda-
mental microstructure-informed design concept for H-tolerant alloys
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was also discussed in the final part of the paper.
2. Experiments
2.1. Material and processing

A B-doped high-Mn and high-Al lightweight steel with a nominal
chemical composition of Fe-19.8Mn-9Al-0.64C-0.009B wt. %, was
fabricated. The melt was prepared in a vacuum induction furnace and
cast into a 4 kg ingot. Following homogenization at 1100°C for 2 h, the
ingot was hot-rolled to a thickness of approximately 3.2 mm at 1100°C,
followed by air cooling to room temperature. The hot-rolled sheets were
next cold rolled to a final thickness of ~1.6 mm. Specimens prepared
from cold-rolled sheets were annealed at 1100°C for 10 min under Ar
atmosphere and quenched in water to room temperature. A B-free
reference steel for comparison was prepared applying the same protocol.

2.2. Hydrogen charging and mechanical testing

Electrochemical H pre-charging was carried out using the three-
electrode method, where an aqueous solution containing 3 wt. % NaCl
and 0.3 wt. % NH4SCN was selected as the electrolyte. A platinum foil
was employed as the counter electrode and a KCl-saturated Ag/AgCl
electrode served as the reference electrode. The applied current density
was 5 A/m?. The charging time ranged from 0 to 72 h to estimate the
effective H diffusivity. Samples for mechanical testing were charged for
24 h. Note that all pre-charged samples were ground prior to charging to
guarantee a clean and fresh surface. Tensile specimens were fabricated
with a gauge length of 4 mm, a gauge width of 2 mm, and a thickness of
1.2 mm. Slow strain rate tensile tests (10‘4 s"l) were performed on the
pre-charged and non-charged specimens using a Kammrath & Weiss
stage (GmbH, Dortmund, Germany). Digital image correlation (DIC) was
employed to measure both global and local strain and all tensile tests
were carried out at least 3 times.

A thermal desorption spectrometer (TDS, G8 GALILEO MS) equipped
with an infrared furnace and a mass spectrometer was used to quantify
diffusible H content and investigate the nature of H trapping and
desorption. Disk-shaped specimens with a diameter of 10 mm and a
thickness of approximately 1.2 mm were prepared, followed by me-
chanical grinding to remove the oxide layers. The time interval between
the completion of H pre-charging and the TDS analysis was kept within
15 min. Gas calibration using a standardized Ar-5 % Hj forming gas was
conducted before H measurement to ensure accurate quantification. The
desorbed H was collected using the mass spectrometer. The heating rate
was set to 16°C/min from room temperature to 800°C, followed by an
isothermal hold for 100 s.

2.3. Microstructure characterization

A ZEISS Sigma scanning electron microscope equipped with an
electron backscatter diffraction (EBSD) detector was employed to
characterize the microstructure, fracture surface and damage features.
For all microstructure characterization techniques, samples were pre-
pared following a standard metallographic procedure: grinding, dia-
mond polishing (3 pm and 1 pm) and final polishing using a 50 nm
colloidal silica suspension (OPS). EBSD was performed to characterize
the crystallographic orientation, phase constitution. The TSL OIM soft-
ware was used for data acquisition and analysis.

Synchrotron X-ray diffraction (SXRD) was used to qualitatively
assess the quantity of the soluble B in both, the B-free and B-doped steels.
The experiment was carried out at beamline P02.1 of PETRA III at
Deutsches Elektronen-Synchrotron (DESY) in Hamburg, Germany, using
a beam energy of 60 keV and wavelength of 0.2074 A (beam size: 1 mm
x 1 mm). The two-dimensional Debby-Scherrer patterns were conse-
quently integrated at 10° azimuthal sectors (85-95°) using a GSAS-II
software [32].
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Three-dimensional atom probe tomography (APT) was utilized to
study the elemental distribution and segregation behavior at various
interface regions. The APT specimens were site-specifically prepared
using a dual-beam scanning electron microscopy/focused ion beam
(SEM/FIB) instrument (FEI Helios Nano-Lab 600/600i) with a Ga
source. APT specimens were performed using the standard lift-out pro-
cedure [31]. TKD was performed to identify the interface location within
the specimen and ensure that the interface was near the specimen apex.
The measurement was conducted on LEAP 5000 XR (CAMECA In-
struments Inc.). Data were collected in a high-voltage laser pulsing mode
with a laser energy of 45 pJ and a pulse rate of 200 kHz. The mea-
surement temperature was kept at 60 K and the detection rate was set to
1 %. The collected APT data were analyzed using the AP Suite 6.1
software.

3. Results
3.1. Microstructure and hydrogen trapping behavior

Fig. 1 (a) displays the pseudo-binary phase diagram for the Fe-0.65C-
19.8Mn-xAl-0.009B (in wt. %) steel system. The temperature and
composition range of the austenite-ferrite two-phase domain well aligns
with the B-free reference alloy reported elsewhere [9]. The volume
fraction of the respective phases as a function of temperature is dis-
played in Fig. 1 (b) for both, the B-doped and B-free samples. The high
degree of similarity indicates that B addition does not perturb the global
phase equilibrium as no boride is observed. Note that these calculation
results based on bulk thermodynamics discard the presence of interfaces
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and hence cannot be utilized to infer local solute segregation tendency.
The as-annealed B-doped sample shows an austenite-ferrite two-phase
microstructure, as revealed by the EBSD phase and inverse pole figure
(IPF) maps in Fig. 1 (c). The volume fraction of the ferrite is determined
to be 28 vol. %, closely matching that of the B-free sample, 26 vol. %.
Compared to the average grain size of the ferrite (~5.2 um) in the B-free
sample [9], the ferrite in the B-doped material exhibits a similar average
grain size of ~6.6 um. The austenite in both steels has a larger grain size
than ferrite, with ~11.5 um for the B-free sample and ~12.3 um for the
B-doped sample (Fig. 1 (c)). SXRD analyses show that the FCC lattice
constants of both B-free (3.667 A) and B-doped (3.665 A) materials
remain comparable. Similarly, B doping does not change the lattice
parameters of the BCC phase, 2.905 A and 2.903 A for the B-free and
B-doped samples, respectively (Fig. S1). These observations, according
to Vegard’s linear mixture rule, imply a negligible difference in the
amount of soluble B within the B-free and B-doped dilute solution with
limited B solubility, well aligning with the APT analysis presented next.
Because of the high intrinsic stacking fault energy (>70 mJ/m? Fig. S2,
computational details follow [33]), the austenite phase is mechanically
stable, and no signs of mechanically-induced twinning or martensitic
transformation were observed within the resolution limits of SXRD and
EBSD [9,11,31].

3.2. B segregation at ferrite GBs, austenite GBs and hetero-interfaces
The spatially resolved local composition of B in both, the B-free

reference steel and in the B-doped steel was examined by APT. The phase
information and crystallographic feature of a representative B-free APT

Fig. 1. (a) Pseudo-binary equilibrium phase diagram for the investigated B-doped steel, Fe-0.65C-19.8Mn-xAl-0.009B (wt. %); (b) The equilibrium phase fractions as
a function of temperature in the B-doped and B-free materials. Calculations were conducted using Thermo-Calc software with the TCFE11 database; (c) Electron
backscatter diffraction (EBSD) imaging (phase plus image quality (IQ) maps and inverse pole figure (IPF) plus IQ maps) of the heat-treated lightweight steel with B (c)

and without B (d).



X. Dong et al.

specimen containing a phase boundary, probed by preceding TKD
analysis, are shown in Fig. 2 (a). The corresponding 3D-atomic mapping
in Fig. 2 (b) shows the atomic distributions of Fe, Al, Mn, and C,
revealing their partitioning between ferrite and austenite, as quantita-
tively depicted in the 1D concentration profiles in Fig. 2 (c). The atomic
map of B is also given in Fig. 2 (b), yet, it has to be noted that B in this
sample comes from metallurgical impurity (i.e., it was not intentionally
added). A minor enrichment of B (~0.06 at. %) at the phase boundary is
observed (Fig. 2 (c)), whereas the average B concentration is ~0.014
+0.006 at. % and ~0.010+0.005 at. % in the probed austenite and
ferrite from different regions, respectively, as shown in Table 1.

Similarly, the TKD analyses in Fig. 3 (a), including an IPF and phase
map, confirm the presence of a a/y phase boundary of the B-doped
sample. The APT analyses of this hetero-interface in Figs. 3 (b) and (c)
exhibit the solute partitioning between austenite and ferrite. The
chemical composition within the respective phases remains virtually
unchanged between samples with and without B doping. The B con-
centration within both, ferrite (~0.016+0.007 at. %) and austenite
(~0.015+0.007 at. %) is low, comparable to that observed in the cor-
responding phases in the B-free specimen (see Table 1). However, the B-
doped specimen shows a pronounced B segregation at the o/y phase
boundary, with a peak concentration of ~1 at. %, significantly higher
than that of the B-free reference sample (~0.06 at. %). These compari-
sons reveal that the addition of B in the studied steel primarily leads to
its segregation at phase boundaries without affecting the bulk B
concentration.

With respect to B segregation at GBs, corresponding APT results of a
representative austenite GB and a ferrite GB with a misorientation angle
of 36° and 20°, respectively, are shown in Fig. 4. We observe that B
enriches at the austenite GB, reaching a peak concentration of ~0.5 at.
%. Segregation at the ferrite boundary is similar (~0.54 at. %). No
segregation can be detected at both austenite or ferrite GBs in the B-free

B-free: phase boundary
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Table 1
Chemical compositions of B in austenite and ferrite of B-free and B-doped (0.009
wt. %) steels.

B-free samples B-doped samples

Austenite 0.010+0.005

0.014+0.006

0.015+0.007
0.016+0.007

B (at. %)
Ferrite

reference steel (data not shown here for conciseness). Note that no bo-
rides were detected in any of the measured APT specimens that were
prepared from different regions.

3.3. Hydrogen uptake and tensile results

Fig. 5 (a) displays the H desorption spectra for the B-free and B-
doped steels after electrochemical H pre-charging. For the same
charging condition (24 h), the B-doped sample exhibits a notably higher
amount of H (6.84+2.2 wt ppm) than the B-free sample with a very
similar microstructure (4.7+1.8 wt ppm). On the other hand, the
desorption profiles in terms of both shape and peak temperatures are
nearly identical for both samples. Although the interpretation of TDS
peaks and their associated trapping sites is generally quite challenging
for multiphase materials [34,35], we can eliminate from these data the
possibility of additional trapping sites being introduced by B doping.

Fig. 5 (b) depicts the relationship between H content and charging
time. To precisely describe the diffusion process, the diffusion coeffi-
cient of H can be estimated using the in-plane boundary condition
variant of Fick’s diffusion model, under the assumption that surface
concentration remains constant and the H diffusion coefficient is H
concentration (Cy)-independent [36,37]:
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Fig. 2. (a) Transmission Kikuchi diffraction analyses including phase map and inverse pole figure (IPF) and (b) corresponding atom probe tomography analyses
containing a a/y phase boundary in the B-free sample; (c¢) One-dimensional concentration profiles of Fe, Mn, Al, C and B across the phase boundary along the

cylindrical unit (diameter ¢: 25 nm) marked in (b).
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B-doped: phase boundary
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Fig. 3. (a) TKD imaging including phase map and IPF; (b) APT atomic mapping of a typical region containing a a/y phase boundary in the B-doped sample; (c) One-
dimensional concentration profiles of Fe, Mn, Al, C and B across the phase boundary along the cylindrical region with a diameter of 25 nm, indicated in (b).
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where C} represents the constant H concentration at the surface and 21
denotes the thickness of the sample. Dy refers to the H diffusion coef-
ficient and ¢ is the diffusion time. The total amount of H can be deter-
mined by integrating the concentration curve with distance, giving a H
content Cy as a function of time t:

diffusion coefficient Dy and the saturation level CY are unknown. The
experimentally obtained total amount of H, Cy, as presented in Fig. 5
(b), is utilized to determine these parameters using Eq. (4). Unlike in
BCC structures, achieving H saturation in FCC-based alloys is particu-
larly challenging due to the 4-6 orders of magnitude lower diffusivity of
H in the latter compared to the former phase [38,39], making it chal-
lenging to experimentally determine the saturation level. To address this
issue, two pending parameters Dﬁ/ "o B (the H diffusion coefficient with
and without B doping) and C}, are estimated by fitting the experimental
H content as a function of time. For the B-doped steel, the optimal fit
yields Df 9P ~ 8.3 x 10716 m2/s and C!! ~480 wtppm. In contrast,
the diffusion coefficient is determined as DE T ~ 3.0 x 1071® m?/s
under the assumption that the H saturation level is assumed to remain
unaltered in the B-free steel. It should be noted that this assumption is
reasonable given that the H uptake is primarily attributed to the dis-

(2n+Dm si

4 & (-1)" (2n+1)*12Dyt) [ .
i1t _
Cu(t) =Cy(1 ,,E:o ) exp( sin——;

72 42

During electrochemical charging, CH is generally assumed to be
equal to the H saturation level given the continuous and sufficient H
supply [36]. In this analytical solution, two key parameters, the

m(f(Zn;ll)n)} )

solved H within the austenitic matrix that is not influenced by B-doping
[40]. Nevertheless, this calculation suggests a much faster H diffusivity
within the B-doped two-phase steel compared with the B-free reference
case, which will be further explained in Section 4.2.
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(a) B-doped: austenite grain boundary
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Fig. 5. (a) The representative thermal desorption spectrum (TDS) profiles of H pre-charged samples with and without B doping. The heating temperature ranges from
room temperature up to 800°C at a heating rate of 16°C/min; (b) H concentration determined by TDS against charging time with fitting based on an analytical
solution of the Fick’s law; (c) Calculated H concentration profile along specimen’s thickness dimension for the investigated steels subjected to H-charging for 24 h at
room temperature. All measurements were conducted at least two times to ensure repeatability.

Furthermore, the inherently sluggish diffusion of H in austenitic
steels results in the formation of a steep concentration gradient profile
along the sample thickness direction. As shown in Fig. 5 (c), this gradient
is predicted based on Eq. (1), incorporating the saturation level and the
diffusion coefficients. The concentration profiles elucidate that H
diffusion remains insufficient to reach saturation after 24 h of charging
for both samples. However, due to the faster H diffusivity in the B-doped
sample, H is able to reach deeper region in this sample (~120 um after
24 h charging) compared with the B-free reference material (~70 pm).

The uniaxial slow-strain rate tensile properties of B-doped and B-free
samples, both with and without H pre-charging, are shown in Fig. 6 (a).
The yield strength, tensile strength and total elongation are clearly not
affected by B doping and associated interface segregation under the non-

charged condition. The detailed mechanical properties are summarized
in Table 2. Furthermore, the maximum local strain prior to fracture,
measured from the DIC, is also nearly the same between B-free and B-
doped samples in the absence of H, as shown in Fig. 6 (b). These findings
suggest that the addition of B imposes negligible impact on the tensile
properties without H pre-charging.

Fig. 6 (a) shows that the introduction of H does not affect the yield
strength for both B-free and B-doped samples. On the contrary, H pre-
charging reduces the apparent strain hardening, leading to a degrada-
tion in the tensile strength by ~100 MPa for the B-doped sample and
~30 MPa for the B-free sample (Fig. S3). This notable tensile strength
reduction is mainly attributed to the H-induced cracks on the specimens’
surfaces [9,41]. Compared to the B-free sample, these H-induced surface
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Fig. 6. (a) Mechanical response under uniaxial tensile loading of the B-free and B-doped high-Mn lightweight steels with and without H (strain rate: 1 x 10~ s). The
surface crack evolution as a function of strain, captured using the DIC camera at a frame rate of 0.1 Hz, is depicted in Fig. S4 (indicated by the red triangles); (b) Local
tensile strain profiles for the B-doped and B-free reference samples at the point just prior to fracture (the inset showcasing corresponding strain maps and arrows
indicating the regions where the profiles were taken). (DIC: digital image correlation) (Engineering stress-strain curves and local strain distribution of B-free
reference samples with and without H are reproduced from Ref. [9]).

Table 2
Mechanical properties of the B-free and B-doped materials (0.009 wt. % B) with and without H pre-charging, subjected to uniaxial slow strain rate tensile testing (1 x
10~ s, all values are obtained from at least three repeating experiments).

Sample Yield strength Tensile strength Total elongation ( %) Maximum local strain prior to fracture ( Ductility loss due to H ( %)
(MPa) (MPa) %)
B-free NoH 450+25 752+ 53 58.74+2.2 129.7+6.3 -
With H 440+16 727+ 26 42.2+1.6 61.5+4.1 28
B-doping No H 459+17 782+ 22 58.24+1.7 132.445.2 -
(0.009wt. %B)  With H 448+13 675+ 12 32.54+0.8 32.6+4.0 44

cracks are developed at an earlier stage (see Fig. S4) for the B-doped
sample, at a critical engineering strain of approximately 10 %, whereas
they are barely observed at a similar strain level in the B-free sample.
This early crack initiation also contributes to the profound drop in
elongation, reducing it to 32.5 %, whereas the H-charged B-free refer-
ence steel exhibits an average total elongation of 42.2 %. This corre-
sponds to a H-induced ductility loss of ~44 % for the B-doped sample
and ~28 % for the B-free reference sample. Pertaining to the local strain,
the maximum local strain prior to fracture in the H-charged B-doped
sample drops to ~32 % in contrast to ~60 % in the B-free case. These
comparisons reveal a higher susceptibility to HE in the B-doped sample.
This observation is in sharp contrast to previous studies in single-phase
materials, which generally reported a benefical effect of B segregation
on HE resistance [26,42-44].

3.4. Hydrogen-induced damage behavior

3.4.1. Fractography

To investigate the effect of B segregation on the HE behavior of the
steel variants, we studied the fracture and damage mechanisms in both
samples in more detail. Under H-free condition, both the B-free and B-
doped samples display a predominantly ductile fracture across the entire
fracture surface, characterized by the presence of dimples, as shown in
Figs. 7 (a) and (i). In contrast, under the presence of H, the fracture
surface of both steel types shows two distinct zones: a H-affected brittle
zone in the near-surface region (from where the H entered the steel) and
a ductile zone in the middle zone (far away from the entrance region of
H), as displayed in Figs. 7 (c)-(d) and (k)-(1). It is noteworthy that the
depth of the H-induced brittle region in the B-doped sample (~200 pm)

is approximately twice as large as that in the B-free reference material
(~120 pm). This finding is consistent with the higher diffusivity of H as
well as the higher HE susceptibility found in the B-doped sample. Under
the same charging conditions, a higher diffusion coefficient is deemed to
result in a greater diffusion distance of at least ~1.6 times, consistent
with the larger H-affected brittle region.

The detailed fractography within the H-affected region of the two
samples is shown in Figs. 7 (d)-(g) and (1)-(0). For both samples, H-
induced intergranular fracture and transgranular cleavage fracture are
observed. However, the relative proportion of these two fracture modes
is different between the two samples. In the B-free reference steel,
intergranular and transgranular cleavage fractures contribute equally to
the final embrittlement, each accounting for ~50 % of the brittle region
(Fig. 7 (h)). In contrast, for the B-doped sample, intergranular fracture
constitutes only ~20 % of the H-affected region, while cleavage fracture
dominates, comprising approximately 80 % due to the tortuous crack
path propagating preferentially through H-susceptible ferrite, while
deflecting from the more resistant austenite and interfaces (Fig. 7 (p)).
More specifically, this difference correlates with the interfacial B
segregation at ferrite GBs, austenite GBs and ferrite-austenite phase
boundaries and its influence on H-induced interface cracking along the
above interfaces, which will be discussed in Section 4.1.

3.4.2. H-induced cracking behavior

To further elucidate the H-related fracture behavior, nucleation sites
and propagation pathway of H-induced cracking were investigated across
the entire gauge section near the surface of H-charged and fractured
tensile specimens, with a total of 253 microcracks characterized. For both
samples, phase boundaries and ferrite act as critical sites for the formation
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Fig. 7. Fractography overview and detailed dimple-type fracture of H-free steels (a)-(b) without B and (i)-(j) with B, respectively. (c) and (k) Fractography overview
of the H pre-charged steels. (d)-(e) Magnified images taken from the rectangular frames marked in (c), showing the fracture details in different representative regions
in the B-free sample; (f) intergranular fracture; (g) transgranular cleavage fracture. (1)-(0) Magnified images taken from the rectangular frames in (k) and (m) of the B-
doped sample. Area fractions of different H-assisted fracture modes (h) without B and (p) with B. (IG: intergranular along grain boundaries and phase boundaries, TG:

transgranular cleavage with ferrite phase).

of H-induced cracking. Representative results of the B-doped sample are
shown in Fig. 8; the results in the B-free samples are similar and thus not
shown here for conciseness (see Fig. S5). The cracks within the ferrite
phase are generally observed along the {100} cleavage planes as H
accumulation reduces their cohesive strength below the critical stress
required for dislocation nucleation, promoting {100} cleavage decohe-
sion [9], as presented in Fig. 8. This observation matches the well-known
H-induced transgranular cleavage fracture mode, characterized by the
river patterns, resulting from the progressive decohesion of neighboring
{100} planes, on the fracture facets, Figs. 7 (g) and (o) [14,45]. To
quantify the susceptibility of various cracking incidents, we next reveal
statistical comparisons of the crack categories observed in both samples
(Fig. 9). Different from the B-free sample where H-induced ferrite cleav-
age cracking accounts for 40 % of the overall cracking events, H-induced
ferrite cleavage cracking is the major cracking type, increasing up to 85 %
of the total cracks, in the B-doped sample. This means that intergranular
cracking along both GBs (y/y and o/a) and phase boundaries (o/y) is less
important in causing embrittlement in the B-doped steel, with a minor
portion of only 15 % along phase boundaries and other GBs (Fig. 9). This
fraction is notably lower than the 60 % intergranular cracking detected in
the B-free reference steel (~35 % along phase boundaries, 14 % along
ferrite GBs and 11 % along austenite GBs). This observation matches well
with the fracture surface characteristics in the H-charged B-doped sample,
where only a minor portion of intergranular fracture along multiple in-
terfaces is observed (Fig. 7 (p), ~20 %). We thus conclude that the
addition of B and associated interface segregation change the H-induced

fracture mode from a mixed intergranular and cleavage fracture to a
transgranular-cleavage-dominated mode. With the foregoing insights, it is
possible to imply that B likely suppresses intergranular cracking, which
has indeed been extensively documented in previous studies [42-44].
However, the impact of B on ferrite cleavage cracking remains elusive and
requires further investigation.

4. Discussion

In contrast to previous studies highlighting the beneficial effect of B
on HE resistance in several types of single-phase steels [26,29,42-44],
we unexpectedly find that B segregation is rather detrimental to the
overall HE resistance of the studied austenite-ferrite two-phase light-
weight steel, despite the fact that one specific mechanism, namely, the
H-induced intergranular cracking along austenite and ferrite GBs and
phase boundaries is notably suppressed. In this section, we discuss this
dual role of B on the material’s HE behavior, elaborating two major
mechanisms: first, its effect on mitigating intergranular fracture along
these GBs and hetero-interfaces; and second, its promoting effect on H
diffusion and the resulting enhancement of H abundance and associated
local chemical potential, which ultimately deteriorates overall HE
resistance. Based on the established insights, we provide guidelines and
shed some insights on future H-tolerant alloy design based on segrega-
tion engineering.
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(a) Cracking micro-event: cleavage cracking & ferrite grain boundary cracking
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Fig. 8. Correlative secondary electron (SE) imaging and EBSD imaging (including phase plus IQ mapping and IPF) of representative cracks forming along (a)

cleavage plane inside ferrite and along ferrite grain boundaries (a/a) and (b) cleavage planes inside ferrite as well as along phase boundaries (o/y) in the B-
doped sample.
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Fig. 9. Schematic drawing and quantitative assessments of hydrogen-induced cracks near the specimen surface of the pre-charged and fractured lightweight steels
without B and with B. The inset schematically illustrates surface cracks for statistical analysis. The data of the B-free sample were taken from the previous study [9].
(IG: intergranular along grain- and phase boundaries, TG: transgranular cleavage inside ferrite phase).

4.1. The role of interface B segregation in H-induced intergranular these interface types to H-induced cracking. H-induced damaging along
cracking either the hetero-interfaces or GBs is generally ascribed to the HEDE
mechanism [9,41], as the reduction in the cohesive strength of these

Fracture and damage analyses in Section 3 reveal that the H-induced interfaces is a crucial requirement for advancing crack propagation,
intergranular cracking along multiple interfaces (y/y, o/a and /), is otherwise the nucleated cracks would get blunted. Compared to these
markedly suppressed in the B-doped sample in comparison to the B-free interfaces in the B-free sample, the key difference in the B-doped sample
reference material (Figs. 7-9), suggesting enhanced resistance of both of lies in the significant B segregation at these interfaces, as confirmed in
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Figs. 2-4. This B segregation is thus believed to be the core reason for the
improved H resistance of these interfaces. The underlying mechanism is
here addressed using ab initio calculations focusing on two aspects: (1)
the effect of B on interface cohesive strength of austenite GBs, ferrite GBs
and phase boundaries, and (2) the interplay between B and H.

4.1.1. The effect of B on interface cohesive strength

The role of impurities on interfacial cohesive strength of the afore-
mentioned multiple interfaces, can be generally determined according
to the theory of Rice and Wang [46] and Griffith’s original work (Egw)
on intergranular cracking which can be written as [42,46-49]:

no B/H

no B/H
Yfree surface

o B/H __
Egw ! =2 ~ Yy/y GB, a/a GB, a/y PB ®

o B/H

where 2;/}1 ce gurface represents the excess free energy per unit area of the

T¢
newly formed two free surfaces after intergranular fracture, while

no B/H
v/y GB, a/a GB, a/y PB

a/y phase boundary) per unit area. After impurity doping or segregation
of B or H, the equation can be modified as:

refers to the interfacial energy (y/y GB, a/a GB and

B/H seg. __ _no B/H B/H seg. B/H seg.
EGW = Vfree surface + Yfree surface — yy/y GB, a/a GB, a/y PB (6)
B/H seg. B/H seg. PENETY
where 7. oiiace and Yy/y GB. a/u GB, u/y PB indicate the free surface energy

per unit area and the GB (y/y and a/a) or phase boundary (a/y) energy
per unit area after B/H segregation, respectively. The change of Grif-
fith’s work due to B/H segregation can thus be estimated as follows:

/H seg. B/H seg. B/H seg.
AEgW - Ayfree surface A v/y GB, a/a GB, a/y PB @
where A B/H seg. _ ,B/Hseg.  noB/H A B/H seg. _
Yfree surface — free surface Yfree surface’ J/y/),l GB, a/a GB, a/y PB
B/H seg. no B/H

1/ GB. o/a GB, ofy BB — Vy/y GB, a/o GB, u/y PB" This theory emphasizes that

the role of segregated B/H atoms on brittle intergranular fracture can be
assessed by the change in Griffith’s work: a positive value of AEgy in-
dicates a suppressed intergranular cracking along both GBs (y/y and
a/a) and phase boundaries and vice versa.

It has been widely reported in the literature that B segregation can
enhance the cohesive strength of different types of interfaces, thus
resulting in an increase in Griffith’s work [42,47-49]. For example,
Kulkov et al. [42], using ab initio calculations, studied a £5(310) typed
GB in pure Fe. They found that B segregation at this ferrite GB reduced
the interfacial energy from 1.38 J/m? to -0.51 J/m?, while also
decreasing free surface energy from 4.89 J/m? to 4.59 J/m>. As a result,
Griffith’s work was increased by 46 % relative to the B-free system, from
3.51 J/m? to 5.1 J/m?, effectively impeding fracture along the ferrite
GB. They further attributed this to a chemical effect, where covalent-like
bonds between B and the nearest host atoms (Fe) at this boundary lead to
GB strengthening. A similar effect of B segregation has also been re-
ported for a £5(012)[100] symmetrical tilt GB in pure Al, where the
formation of Al-B bonds across the GB also leads to an enhancement in
fracture resistance [49,50]. Using a first-principle plane-wave pseudo-
potential method, Hu et al. [51] demonstrated that B increases the hy-
bridization of the bonds in and across a £5(210) GB in NisAl, thereby
strengthening its interfacial cohesion. They found that B segregation
increases the magnitude of the Griffith work term by 0.22 J/m?, which
results from a reduction of 0.84 J/m? in GB energy and of 0.62 J/m? in
surface energy. These findings support our basic understanding of the
main reasons behind the notable strengthening effect of B on various
types of austenite and ferrite GBs, here mainly due to the more pro-
nounced reducing effect of B on the GB energy in both phases in com-
parison to the free surface energy. However, the effect of B segregation
on phase boundaries is less understood. In light of these studies about
the strengthening influence of B on GBs, we can infer that B segregation
is expected to also play a comparable role in increasing the cohesion of
phase boundaries. This is to say that B segregation can be assumed to
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enhance the magnitude of Griffith’s decohesion energy, thereby signif-
icantly retarding phase boundary fracture, although this effect has not
been reported yet. Such interaction between B atoms and grain/phase
boundaries occurs independently of the presence of H, providing an
explanation for the suppressed intergranular fracture observed in the
investigated steel under H environments.

4.1.2. The effect of B on interface H trapping

It has been well documented in the literature that a critical H con-
centration is required to trigger decohesion at interfaces [9,41]. As a
result, reducing the H content at interfaces might also effectively pre-
vent H-induced intergranular fracture. We first performed ab initio cal-
culations to study the possible influence of B segregation on H trapping
at a ferrite GB (supplementary note). Given the fact that the consider-
ation of the paramagnetic state, which is the relevant magnetic ordering
state for austenite at room temperature within the density functional
theory framework is computationally very costly, the direct modelling of
the austenite GBs and austenite-ferrite hetero-interface has been omitted
in this study. Thus, in this work we focus on a £5(210)[001] GB in BCC
Fe where the magnetic state is ferromagnetic (Fig. 10). The trapping or
respectively segregation energies of H at both, B-free and B-doped ferrite
GBs were calculated and the results for different trapping sites are listed
in Table 3. It is revealed that for most tetrahedral H sites (To~T3), the
effective segregation energy of H becomes less negative (i.e., decreased
segregation tendency) when B is present at the ferrite GB. This result
suggests that fewer H atoms will segregate to this interface, as described
by the Gibbs adsorption isotherm (Eq. (8)) [52]:

X‘;I/“ GB Xg,bulk AE‘;{“ GB)

1 *X(:i/a GB ] — Xy Uk exp( -

keT €))

GB . .
where X{/* % and XUk refer to the atomic concentrations of solutes

(H) at the ferrite GB and in the BCC Fe bulk, respectively. AE‘;I/ * B is the
segregation energy and kg represents the Boltzmann constant. It should
be noted that B segregation is energetically highly favorable over H
segregation, due to its much more negative segregation energy (—0.271
~ —1.386 eV for B vs. —0.041 ~ —0.222 eV for H). This difference
suggests that the available sites within the ferrite GB will be primarily
occupied by pre-doped B atoms, which will hence exert a pre-occupation
or blocking effect which acts against the subsequent H segregation at the
same and even at neighboring sites, due to the B-H repulsion effect.
Although these calculation results have been mainly performed for
ferrite GBs due to their tractable ferromagnetic ordering state, we
believe that the same principle also applies to other types of interfaces,
such as austenite GBs and phase boundaries, an assumption which is
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Fig. 10. Schematic illustration of the symmetrical tilt £5(210)[100] grain
boundary in BCC-Fe. The grey spheres denote Fe atoms. Potential segregation or
trapping sites are highlighted by spheres of different colors. (O;: octahedral
sites, S;: substitutional sites, T;: tetrahedral sites, V;: voids) [31].
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Table 3
Segregation energies of H to various segregation sites as schematically illus-
trated (T tetrahedral sites) at B-free and B-doped BCC-Fe £5(210) [001] GB.

Segregation site Segregation energy of H to BCC-Fe £5(210)[001] GB (eV)

B-free GB B-doped GB B-doped GB
(B at voids) [28] (B at substitutional sites)
Ty —0.222 0.216 —0.271
Ty —0.041 0.226 —0.023
T3 —0.142 0.226 0.78

supported by corresponding literature reports [51,53-55]. For example,
a positive interaction energy of 0.17 eV between B and H was docu-
mented in FCC NigAl [51], unveiling the mutual repulsion between these
two elements. Similarly, a repulsive interaction between B and H in FCC
CrCoNi alloy has also been described by Ding et al. [53]. They demon-
strated that B can occupy the interstitial sites on austenite GBs, and the
surrounding sites are energetically much less favorable (prohibited) for
further H accumulation, enhancing HE resistance of the austenite GBs.
Based on these findings, it is plausible that the site competition between
B and H also pertains to phase boundaries in the investigated steels. This
is because grain- and phase boundaries are fundamentally similar
two-dimensional (2D) interfacial defects, irrespective of the micro-
structural or compositional differences between the adjacent regions.
The consequently reduced H concentration at the interface is another
reason accounting for the suppressed intergranular fracture observed in
the B-doped sample.

4.2. The role of B segregation on H diffusivity

We next focus on the unexpected and apparently quite detrimental
aspects of B addition and segregation. These effects are mainly due to the
increase in H diffusion when B is present, hence making larger sample
volume portions accessible to H, enlarging the H-affected embrittled
zone. Most of the microstructural features such as grain size and phase
fraction are unaffected by B and also, the solute content of B in the bulk
grain interiors is negligible as discussed above. Therefore, these effects
are attributed to the enhanced H diffusivity along the interfaces,
leveraging an altogether deeper sample penetration range (Figs. 1-5).
The analytical analysis based on the TDS results shows that the effective
H diffusion coefficient Dy in the B-doped sample is more than two times
higher than in the B-free reference material (8.3 x 1071 m?/svs. 3.0 x

1071 m?2/s). This doubling of the diffusion coefficient also gives rise to
a higher (overall) H concentration/accumulation in the B-doped sample,
which is consistent with the experimental observations as shown in
Fig. 5 (6.842.2 wt ppm vs. 4.7+1.8 wt ppm). As a result, a much larger
volume of the B-containing steel becomes accessible to H ingress and
uptake, causing embrittlement effects in deep sample regions that would
have remained otherwise unaffected by H. This means that although H-
induced intergranular cracking is indeed effectively suppressed by B
segregation on the interfaces, as elaborated in Section 4.1, the overall
much higher H penetration of the steel exceeds this protective effect.
Given that the addition of B mainly results in B segregation to interfaces,
while other microstructure characteristics remain largely unchanged
(Sections 3.1 and 3.2), the enhanced H diffusivity can be firmly attrib-
uted to the presence of B at these interfaces, which then doubles the
transport coefficient of H along them. More specific, we propose that this
counterintuitive effect results from the reduced availability and energy
depth of H trapping sites at B-decorated grain- and phase boundaries,
and the associated decreased H trapping energy.

Before delving into the underlying mechanisms, it should be noted
that the austenite phase of the studied material constitutes a volume
fraction of 72 % and percolates throughout the structure. The high phase
percolation suggests that H diffusion through the austenite matrix is an
inevitable process. However, it must be noted that it is generally re-
ported that H diffusion within the austenite phase is several orders of
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magnitude slower (2.4 x107'® m?/s at room temperature [56])
compared with that along interfaces (5.8 x 10712 m?/s for austenite
GBs [57]). This significant difference suggests the negligible role of
austenite bulk diffusion, while GB diffusion thus remains as the most
likely key factor governing the overall H diffusion range [56-58]. This is
supported by several studies on FCC materials including CoCrFeMnNi
high-entropy alloys [59,60] and Ni-based alloys [61,62]. In this regard,
we learn here that the overall H diffusivity can be highly influenced by
interface chemistry, as has also been demonstrated in earlier studies [60,
62,63]. For instance, in a recent study on FCC high-entropy alloy,
first-principles calculations suggest that solute Cr enhances H trapping
sites at FCC GB due to the attractive interaction between Cr and H,
resulting in decreased H diffusivity [60]. Based on ab initio calculations,
Hickel et al. [63] also demonstrated that strong H trapping at the FCC
11 GB can increase the migration energy required to escape the local
minimum, thus raising the diffusion barrier even along GBs.

With respect to the effect of B in the current study, a noticeable
enhancement in H diffusion is observed, in contrast to the preceding
literature which did not observe this important acceleration effect of B
on H diffusion. In contrast, previous research primarily focused on the
direct site occupation competition between H and B (or other elements)
as well as on repulsive and attractive forces, while overlooking their
implications for overall H diffusion along interfaces. This profound
accelerating effect observed in this study might stem from a combination
of the site competition effect and repulsive interaction between H and B
atoms at multiple grain- and phase boundaries. In view of the preceding
theoretical analyses and mechanistic discussion, we propose a general-
ized trapping energy spectrum to elucidate the energetic origin of the
facilitated H diffusion and thereby the overall detrimental role of
interfacial B segregation on HE resistance (Fig. 11). Based on this energy
landscape, it is expected that the majority of the H atoms fall into deeper
traps with high trapping energy in the B-free case, as depicted in Fig. 11
(a). Such an H interfacial site occupancy is indicative of lower diffusion
kinetics, as the energy penalty of mobilizing an interfacial H atom ap-
pears significant. With the occurrence of B segregation, the H trapping
behavior at interfaces undergoes certain changes as discussed in Section
4.1. In contrast to the B-free material, B segregation decreases the
availability of H trapping sites at both grain- and phase boundaries due
to the site competition between B and H atoms [53-55]. As sketched in
Fig. 11 (c), pre-doped B atoms occupy the potential H trapping sites. In
addition, the ab initio calculations (Table 3) show that B reduces the H
segregation energy at ferrite GB. Such B-induced reduction effect on H
segregation has also been reported for austenite GBs [51,55], thereby
lowering its GB decoration according to the Gibbs adsorption isotherm
[52]. That is, pre-doped B atoms tend to segregate to the deep trapping
sites owing to their high segregation energy compared to H, as reflected
in Fig. 11 (d). Consequently, most of the H atoms are constrained to
reside in shallower trapping sites associated with lower binding en-
ergies. This implies a smaller energy expenditure for (re-)mobilizing an
H atom, pushing it back into the diffusive H stream. As a result, the
effective overall H migration energy is correspondingly decreased as H is
predominantly confined to sites with lower de-trapping energy. In other
words, the simulations show that B segregation reduces the availability
of deep trapping sites for H by pre-occupying the high-energy traps, and
this effect forces H atoms towards occupying weaker trapping sites,
thereby also easing de-trapping which lowers the activation energy for H
diffusion, leveraging accelerated H diffusion and deeper sample pene-
tration [40]. This effective activation energy reduction constitutes a
factor two enhanced H diffusion rate along the interfaces, which ulti-
mately increases the speed of H uptake of the B-doped sample, leading to
an enhanced H availability and accumulation and thus exacerbating HE
resistance.
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Fig. 11. Schematic plot of energy landscape for interfacial H trapping and the corresponding atomic illustrations in (a)-(b) for the B-free sample and (c)-(d) for the B-
doped sample. The dashed lines represent the H diffusion energy barrier which solely depends on the structure of the interface and remains unperturbed by the

segregating atoms.
4.3. Implications for H-tolerant microstructure design

The segregation of B has increasingly been established as an effective
HE mitigating approach to protect metallic alloys from HE, due to its
effect on enhancing the cohesive strength of GBs. This approach has
found applications in a range of single-phase metallic alloys (e.g,
austenitic steels, martensitic steels, Ni-based alloys, intermetallics and
medium/high-entropy alloys [23-29]). The key to its effectiveness lies
in the fact that GBs are the most critical junctions and pathways for H
transport, trapping and attack, and the resulting intergranular fracture
along GBs is the main fracture mechanism under the influence of H. In
this case, the strengthening effect of B that protects and strengthens GBs,
can pose a beneficial influence on the materials’ overall HE resistance,
regardless of the enhanced H diffusion kinetics.

However, in stark contrast to previous investigations, B segregation
in the investigated steel is also demonstrated to be detrimental to HE
resistance. This counterintuitive and quite unexpected result is attrib-
uted to the austenite-ferrite microstructure and the associated multiple
origins of H-induced damage (austenite and ferrite GBs, phase bound-
aries and ferrite phase). For this type of lightweight steels where pipe
diffusion predominates, H-induced intergranular cracking is not the only
damage mode, which renders the B segregation strategy infeasible. The
reason is that the suppressed intergranular fracture does not necessarily
guarantee the alloy’s overall HE resistance, as other HE-related damage
modes may become dominant as a result of the accelerated H diffusion
and deeper sample penetration, leading to widespread H accumulation
and increased H availability over wider sample regions. This is indeed
observed in the studied B-doped sample, where H-induced ferrite
cleavage cracking along {100} planes is clearly more prevalent over
interface cracking (Fig. 9). In this scenario, the effect of B can become
rather detrimental on the alloy’s overall HE resistance due to the
enhanced H diffusivity, as it promotes a more abundant H accumulation
altogether throughout the material. Therefore, for the future develop-
ment of H-tolerant lightweight steels or similar alloys utilizing the B
segregation approach, it is crucial to consider not only the H-induced
fracture modes but also segregation-associated changes in H transport
kinetics and altogether H trapping decrease.
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5. Conclusions

We have investigated the role of interface B segregation on HE
resistance of two-phase austenite-ferrite lightweight steels (Fe-20Mn-
9Al1-0.6C-0.009B, wt. %). The effect of B segregation on multiple types of
H-induced microstructural damage modes and the B-H interaction and
its influence on H diffusivity were revealed and critically discussed. The
main conclusions are:

1. Both the B-doped and undoped steels exhibited comparable two-
phase microstructures, characterized by nearly identical volume
fractions of the constituent austenite and ferrite. B predominantly
segregated to both, grain- and phase boundaries. Its content in bulk
grains was negligible. Interfacial segregation in the B-free sample
was also negligible. In the absence of H, the mechanical properties
were unaffected by B. However, surprisingly, the addition of B
exacerbated the alloy’s overall HE resistance compared to the B-free
reference steel, with a ductility loss increasing from ~28 % (B-free)
to ~44 % (B-doped) in the presence of H.

2. Post-mortem fractographic and H-induced cracking analyses
revealed that B doping and its pronounced interface segregation at
ferrite GBs, austenite GBs and ferrite-austenite phase boundaries,
shifted the H-induced fracture mode from a mixed intergranular
damage mode along these interfaces (~60 %) and cleavage fracture
inside ferrite phase (~40 %) to a cleavage-dominated mode (~80
%). This transition unravelled a dual-role nature of B segregation in
H-induced damage: it mitigated intergranular fracture while cleav-
age fracture within ferrite became dominant.

3. The effectiveness of B segregation in impeding H-related intergran-
ular fracture was primarily attributed to its enhancing effect on
interfacial cohesive strength of grain- and phase boundaries, and the
suppressed H trapping at these interfaces caused by the repulsive
interplay with B, as evidenced by the ab initio calculations of the
effects of B at a ferrite GB.

4. The H-induced cleavage cracking within ferrite phase accounted for
~85 % of all probed cracking events (~40 % in the B-free reference
sample). This promoted cleavage fracture was associated with the
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accelerated diffusivity of H and the resulting increase in H abun-
dance and widespread accessibility as suggested by TDS and frac-
tography analyses. Such acceleration was explained by the reduced
available trapping sites and decreased H migration energy barrier
due to the site competition effect as well as repulsive interaction
between B and H.

5. To advance the design of H-tolerant lightweight steels and related
alloys, leveraging the B segregation strategy, it is thus essential to
account not only for H-induced fracture modes and secure B-related
GB cohesive strengthening but also consider microstructure- and
chemistry-related measures to control or even suppress the B-asso-
ciated enhancement in weaker H trapping and enhanced overall H
migration kinetics.
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