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A B S T R A C T

In the fusion-based welding processes, filler materials are commonly used to adjust and improve the composition 
of the fusion zone with the aim of optimizing both microstructure and mechanical properties. However, in the 
field of welding high entropy alloys, the influence of different filler materials on the microstructure and me
chanical response is still scarce, owing to the yet incipient usage of welding technologies for these novel, 
advanced engineering alloys. To bridge this knowledge gap, Inconel 625 filler wire was used during gas metal arc 
welding of the well-known CoCrFeMnNi high entropy alloy. To systematically analyze the microstructure evo
lution and mechanical properties of the welded joints, multiscale characterization techniques were employed. It 
is shown that the different regions of the welded joint possess distinct microstructural features due to the weld 
thermal cycle, which is further compounded in the fusion zone by the introduction of the filler material. The use 
of Inconel 625 filler promotes a solid solution strengthening effect in the fusion zone and became the main 
contributor to the yield strength of this region (302 MPa (via solid solution strengthening) vs 478 MPa (yield 
stress from tensile experiments). Since Hall-Petch strengthening is predominant in both base material and heat 
affected zone, but not on the fusion zone due to the large grain structure that developed, the addition of Inconel 
625 filler demonstrates to be a feasible approach to increase the typically low fusion zone strength. By coupling 
microstructural characterization with mechanical property analysis, aided by the calculation of the strengthening 
mechanisms, we unveil processing, microstructure, property relationships, providing a broader basis for the 
widespread application of gas metal arc welding for high entropy alloys.

1. Introduction

Traditional alloys are often composed by one or two principal ele
ments with relatively minor alloying additions of others, so that these 
can improve the material microstructure and properties. However, with 
the advancement of science and technology, especially in more complex 

and extreme environments such as high temperature-, radiation-, and 
high-speed loading-conditions, structural materials, particularly 
metallic materials, have been increasingly applied. In order to overcome 
the limitations of traditional alloys facing these extreme conditions, the 
concept of high entropy alloys (HEAs) was first proposed by Yeh et al. 
[1] and Cantor et al. [2] in 2004. These were composed of at least five 
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elements with a composition range between 5 and 35 at. % of each 
element. The interesting properties displayed by some HEAs make them 
potentially impactful in fields such as aerospace, molds, tools, 
corrosion-resistant coatings, and high temperature environments [1,3]. 
Among the diverse families of high entropy alloys (HEAs), the equia
tomic CoCrFeMnNi system stands out for its exceptional fracture 
toughness and ductility, particularly at cryogenic temperatures, making 
it a promising candidate for structural applications subjected to thermal 
cycling or low-temperature environments. On the other hand, complex 
concentrated alloys (CCAs) or HEAs incorporating refractory elements 
such as Nb, Mo, Ta, and Hf have been specifically developed for use in 
extreme high-temperature environments, including aerospace propul
sion systems and combustion chambers, where superior oxidation 
resistance and phase stability are essential. In this regard, NiCrCo-based 
HEAs have garnered attention as potential substitutes for conventional 
Ni-based superalloys, such as Inconel series, especially in components 
demanding high-temperature strength and creep resistance.

Welding, as a widely used joining method, plays a crucial role in the 
fabrication and assembly of complex-shaped structures. However, when 
it comes to HEAs, the welding process poses unique challenges due to 
their complex composition and unknown evolution during the non- 
equilibrium conditions found in fusion-based welding processes. Un
derstanding the welding behavior and addressing the difficulties asso
ciated to welding HEAs is of paramount importance to ensure their 
successful application in structural engineering.

CoCrFeMnNi HEA have been widely regarded for their outstanding 
mechanical strength, ductility, fracture toughness, corrosion resistance, 
and thermal stability, especially under extreme conditions such as 
cryogenic temperatures and high-temperature environments. These at
tributes make them promising candidates for a variety of industrial 
applications, including aerospace structures (e.g., cryogenic fuel tanks, 
structural frames), cryogenic storage and transportation systems (e.g., 
LNG tanks, pipelines), energy generation components (e.g., turbines, 
heat exchangers), chemical and petrochemical processing equipment (e. 
g., reactors, piping exposed to corrosive environments), nuclear industry 
components (e.g., cladding materials, internals requiring radiation 
resistance), and marine engineering structures (e.g., offshore structures 
requiring corrosion and wear resistance). Successful development of 
welding techniques for CoCrFeMnNi alloys is thus expected to signifi
cantly advance the practical application and structural deployment of 
HEAs in these critical fields. Currently, research on welding of HEAs has 
primarily focused on assessing the weldability of the well-known 
equiatomic CoCrFeMnNi. It has been confirmed that numerous weld
ing methods are applicable to successful weld the CoCrFeMnNi alloy, 
including gas tungsten arc welding [4], laser beam welding [5–7], 
electron beam welding [7], and friction stir welding [8,9]. However, in 
recent years, the addition of filler wires has been increasingly adopted 
during welding of HEAs to regulate/control the microstructure and 
enhance the mechanical properties of the joints. The selection of an 
appropriate filler wire can provide the necessary alloying elements and 
regulate the alloy composition in the fusion zone through the diffusion 
and solid solution interactions between the base material and filler wire. 
This, in turn, affects the microstructure, mechanical and corrosion 
properties of the welded joint. Considering the current research status 
regarding the weldability of CoCrFeMnNi HEAs, it has become crucial to 
investigate the impact of different filler wires on the mechanical prop
erties of these joints.

Regarding this topic, there has been literature reports investigating 
the influence of using different filler wires on the mechanical response of 
CoCrFeMnNi joints [10–20], and these studies have been reported to 
obtain successful heterogeneous welded joints. Specifically, the existing 
literature demonstrates that while austenitic stainless steel fillers (e.g., 
STS 308L, STS 304) [10,13,15,17–19] exhibit good structural compati
bility with the FCC matrix of CoCrFeMnNi. However, they typically 
promote the formation of coarse columnar grain structures with limited 
hardness enhancement (≈150 HV) in the FZ. Autogenous welding with 

CoCrFeMnNi filler [10,18,20] preserves compositional homogeneity but 
lacks extrinsic strengthening mechanisms, often necessitating post-weld 
heat treatment for property enhancement. Dissimilar filler systems, such 
as duplex stainless steel [10], 304 stainless steels [17], and 316L [13,
14], enable joint formation with conventional alloys but introduce 
interfacial challenges, such as the potential formation of brittle inter
metallic phases, which require stringent process control. These studies 
collectively highlight a key issue: the FZ in dissimilar CoCrFeMnNi 
welded joints is often the weakest region, exhibiting the lowest hardness 
and serving as the primary fracture site. Therefore, to addressing this 
limitation, the present study investigates the use of Inconel 625 as a filler 
wire, leveraging its high Nb and Mo content – elements with large 
atomic radii known for their solid solution strengthening effects. This 
approach is expected to enhance hardness and potentially improve the 
overall mechanical properties of the welded joint, despite the existence 
of these studies, there are still relatively limited metallurgical knowl
edge, especially considering the availability of filler wires with different 
compositions. Therefore, gaining a deeper understanding of the impact 
of various filler wires on the performance of CoCrFeMnNi welded joint 
remains highly significant.

Computational Materials Engineering (CME) has become an indis
pensable approach in understanding and predicting the microstructural 
evolution during advanced manufacturing processes, particularly 
fusion-based welding. Thermodynamic simulations, based on the CAL
PHAD (CALculation of PHAse Diagrams) methodology and implemented 
using Thermo-Calc software, enable the prediction of phase stability, 
solidification paths, and transformation sequences under non- 
equilibrium conditions. In this study, the Scheil - Gulliver solidifica
tion model was employed to simulate the rapid cooling environment 
inherent to gas metal arc welding (GMAW). This approach assumes 
complete mixing in the liquid phase and negligible diffusion in the solid 
phase, thereby effectively approximating the steep thermal gradients 
and fast solidification rates (≈103–104 ◦C/s) typically encountered 
during welding. Temperature-dependent phase evolution and critical 
phase transformation events were predicted to support the interpreta
tion of experimentally observed microstructures, which providing a 
more comprehensive understanding of solidification and segregation 
behavior. In addition, the limitations of conventional characterization 
methods such as SEM/EDS in detecting fine secondary phases were 
addressed by employing synchrotron radiation-based diffraction tech
niques for high-resolution phase identification. The integration of 
computational modeling with experimental validation thus not only 
supported the interpretation of the microstructural features but also 
enhanced the overall metallurgical understanding of the solidification 
pathways, phase stability, and strengthening mechanisms in CoCr
FeMnNi - Inconel 625 dissimilar welded joints.

In addition, in the current work, we address this shortcoming to aid 
in expanding the application potential of CoCrFeMnNi HEA. Thus, 
Inconel 625 was chosen as the filler wire to investigate its impact on the 
microstructure and mechanical properties of CoCrFeMnNi welded joints 
using gas metal arc welding. To comprehensively analyze the micro
structure and mechanical properties of the welded joint, a series of 
multiscale characterization techniques were employed in this study. 
Characterization methods included optical and electron microscopy, 
electron backscatter diffraction, high energy synchrotron radiation, and 
thermodynamic calculations to evaluate and support the microstructural 
evolution. Additionally, microhardness analysis and digital image cor
relation (DIC) during tensile testing were conducted to reveal the in
fluence of microstructure (both at micro and macro level) on the 
observed mechanical performance. The findings obtained from this 
research contribute to the improve the existing knowledge on the 
weldability of HEAs and provide valuable insights for the development 
and optimization of filler-based welding processes for the CoCrFeMnNi 
system in various engineering applications.
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2. Experimental procedures

2.1. Materials

In this study, equiatomic CoCrFeMnNi HEAs were fabricated using 
vacuum induction melting using elemental raw materials with a mini
mum purity of 99.9 wt%, with the processing conditions detailed in 
Ref. [14]. The vacuum level during vacuum induction melting was 
approximately 5 × 10− 3 Pa to minimize contamination. The ingots un
derwent multiple remelting cycles to ensure good chemical homogene
ity. Then, room-temperature cold rolling was employed, which resulted 
in an approximately 50 % reduction in material thickness, from 3 to 1.5 
mm. This condition ultimately was used as the base material. Prior to 
welding, a rectangular-shaped specimens measuring 60 × 40 × 1.5 mm 
were cut from the rolled plate using a precision cutting machine. To 
ensure the cleanliness of the base material prior to welding, 1200-grit 
SiC papers were utilized to eliminate oxide deposits on the sheet sur
face and faying surfaces. After that, the samples were cleaned with 
ethanol and acetone to remove any residual oil or impurities from the 
cutting and polishing process.

2.2. Gas metal arc welding

In this study, gas metal arc welding (GMAW) was employed to 
investigate the effects of using Inconel 625 filler wire on the solidifica
tion microstructure and mechanical response of CoCrFeMnNi welded 
joints. The Inconel 625 filler wire used for welding was a commercial 
product with a certified purity above 99.9 wt%. The composition of both 
BM and filler material were shown in Table 1.

To ensure fully penetrated and defect-free welded joints, direct 
current with straight polarity welding was utilized. During the welding 
process, pure argon (99.99 %) shielding gas was applied to both the face 
and root of the sheets to prevent oxidation of the heat affected zone 
(HAZ) and fusion zone (FZ). The final optimal welding process param
eters were determined as follows: voltage of 17 V, torch travel speed of 
160 mm/min, wire feeding speed of 2000 mm/min and gas flow rate of 
16 L/min. The welding direction was set normal to the rolling direction. 
A schematic depiction of the process is shown in Fig. 1. Following 
welding, dog-bone shaped specimens were obtained using electrical 
discharge machining (as illustrated in Fig. 1). These specimens were 
used to characterize the microstructure and mechanical properties of the 
welded joint.

2.3. Microstructure characterization

For microstructure characterization, metallographic specimens were 
prepared following the conventional metallographic sample preparation 
procedures. Initially, the specimens were mounted in epoxy resin. Then, 
a sequence of grinding steps was performed using SiC papers with a 
range of grit sizes from 240 to 4000, followed by polishing with a 0.3 μm 
diamond paste. Finally, the obtained mirror-like surface was immersed 
in an etching solution consisting of sulfuric acid and nitric acid (3:1 in 
volume) for appropriately 20 s and then washed immediately with 
ethanol to expose the microstructure of the specimen. To observe the 
microstructure of the welded joints, a combination of different in
struments was utilized. These included a Leica DMI 5000 M inverted 
optical microscope, a JSM-7100F scanning electron microscope (SEM) 
coupled with electron backscattered diffraction (EBSD). The raw EBSD 
data were processed using the TSL OIM Analysis 7.0 software to analyze 

and interpret the microstructure information of the welded joint.
To further investigate the influence of the welding thermal cycle on 

the microstructural evolution of the whole welded joint, synchrotron X- 
ray diffraction was employed. This study was conducted at the P07B 
beamline of PETRAIII/DESY in Germany. The energy used for the syn
chrotron X-ray diffraction experiments was 87.1 keV, corresponding to a 
wavelength of 0.14235 Å. The beam size was set at 200 × 200 μm. The 
experimental conditions used allowed to work in transmission mode, 
allowing the beam to scan the welded joint starting from the BM, passing 
through the HAZ and fusion zone (FZ), until reaching the BM region on 
the other side. Consecutively analysis spots distanced 200 μm. A Per
kinElmer 2D detector was utilized to capture the raw Debye-Scherrer 
rings. The acquired data was processed using a combination of Fit2D 
and MAUD (Material Analysis Using Diffraction) software to determine 
the existing phases in the welded joint and analyze their fraction 
evolution.

2.4. Thermodynamic calculations

In welded joints, accurate prediction of the non-equilibrium solidi
fication path and phase structure evolution is of interest for gaining a 
comprehensive understanding of the microstructural formation and 
properties during the welding process. Thermo-Calc 2023a software 
provides a CALPHAD-based thermodynamic non-equilibrium solidifi
cation calculation method. To predict the solidification behavior under 
non-equilibrium conditions, the Scheil-Gulliver model was used. Aside 
from the phases that are expected to be formed, their stability domains 
and solidification temperature range can be captured. Scheil-Gulliver 
solidification simulations were carried out using the TCHEA5.1 ther
modynamic database within the Thermo-Calc software. No kinetic da
tabases (MOBNI or MOBHEA) were employed. Carbon (C) was set as a 
fast diffuser to account for its high diffusivity. The model also implicitly 
assumes an infinite cooling rate in the solid, although based on typical 
GMAW conditions, the estimated cooling rate in the fusion zone is 
approximately 103–104 ◦C/s. To account for potential variations in the 
solidification path of the material, the calculations employed using the 
average composition of the FZ as obtained by EDS measurements. The 
predicted phase structure is then compared to the synchrotron radiation 
data to unveil the role of both process thermal cycle and addition of the 
Inconel 625 filler material. This comparison serves two purposes. Firstly, 
it allows for the validation of the model’s accuracy by assessing how well 
the predicted phase structure aligns with the experimental data. Sec
ondly, it provides insights into areas where the model can be further 
improved to enhance its predictive capability for accurately capture 
non-equilibrium solidification paths and phase structure evolution in 
welded joints based on HEAs.

2.5. Microhardness and mechanical testing

To further investigate the influence of the weld thermal cycle on the 
micro and macro mechanical properties of the welded joints, micro
hardness characterization and uniaxial tensile testing were conducted. 
Microhardness measurements were performed using a Mitutoyo HM- 
112 microhardness testing machine, covering the entire crossing sec
tion and probing the BM, HAZ and FZ. During the measurement process, 
a load of 200 g was applied, and the distance between consecutive in
dentations was set to 200 μm, with a dwell time of 10 s for each 
indentation.

Uniaxial tensile tests were conducted using a Shimadzu tensile 

Table 1 
Presents the chemical composition of the raw materials, including the CoCrFeMnNi base material (BM) and Inconel 625 filler wire.

Co Cr Mn Fe C Nb Mo Ni

Base materials (at. %/wt. %) 20.0/21.0 20.0/18.5 20.0/19.6 20.0/19.9 ¡/¡ ¡/¡ ¡/¡ 20.0/21.0
Filler materials (at. %/wt. %) 0/0 24.6/21.5 0.5/0.5 5.3/5.0 0.5/0.1 2.2/3.5 5.6/9.0 Balance
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testing machine equipped with a 50 kN load cell, at room temperature. 
The loading direction was perpendicular to the welding direction, and 
the displacement rate was set to 1 mm/min. Digital image correlation 
(DIC) was employed during the tensile testing to evaluate the load 
partitioning in each typical welded region (BM, HAZ and FZ).

By utilizing microhardness measurements and uniaxial tensile tests, 
a comprehensive assessment of the mechanical response, at the micro 
and macro level, of the welded joint was achieved. This assessment 
allowed for an evaluation of the influence of the microstructural evo
lution on the mechanical properties within the joint.

2.6. Strengthening calculations

With the aim of further investigate the contributions of various 
strengthening mechanisms to the yield strength of the three regions (BM, 
HAZ, and FZ) of the welded joints, this study quantitatively evaluated 
the effects of grain boundary strengthening (σHP), dislocation strength
ening (σdis), and solid solution strengthening (σSS). For welded joints of 
CoCrFeMnNi HEA fabricated by fusion-based welding, grain boundary 
strengthening, precipitation hardening strengthening and dislocation 
strengthening are considered as the primary strengthening mechanisms 
[15]. Considering the inherent nature of solid solution strengthening in 
HEAs, the overall estimated yield strength in this work can be expressed 
by: 

σy = σHP + σdis + σpre + σss (2-1) 

In equations (2)–(1), σy represents the yield strength of each region 
within the joint, which is obtained by extracting information from the 
stress-strain curves of these regions using DIC. σdis refers to the contri
bution of dislocation strengthening, while σpre, σss and σHP represent the 
contribution of precipitation hardening strengthening, solid solution 
strengthening and grain boundary strengthening. Here, it is worth 
mentioning that σpre was assumed to be ≈ 0. Specifically, for the BM and 
HAZ, only a small fraction of Cr-Mn oxides was found, and these oxides 
are formed due to the contamination during cast of the original BM. For 
the FZ, the fast-cooling rate associated with the welding process restricts 
the time available for nucleation and growth of precipitates, limiting 
their overall impact in the yield stress. The detailed calculations for each 
strengthening are shown as below.

First, σHP characterizes the effect of grain boundary strengthening 
using the conventional Hall-Petch relation, which it can be expressed by 
Refs. [16,20]: 

σHP =K x d− 1/2 (2-2) 

Here, K and d represent the Hall-Petch coefficients (494 MPa μm1/2 

[20]) and average grain size, respectively.
Next, the expression for dislocation strengthening, σdis, is given by 

the following equation: 

σdis =MαGbρ1/2 (2–3) 

In this equation, M represents the average Taylor factor, which was 
obtained from the EBSD data obtained in the current work; α i a constant 
(α ≈ 0.2 [21]); G is the shear modulus of the FCC matrix phase, 
approximately 76.9 GPa [22]; b is the length of the Burgers vector (b =
0.254 nm [21]); ρ is the dislocation density, and its calculation process 
using synchrotron X-ray diffraction data is detailed in Ref. [23].

In synchrotron X-ray diffraction analysis, the full width at half 
maximum (FWHM) of the diffraction peaks can be used to assess the 
variation in dislocation density. There are two main factors that primally 
influence the FWHM: grain size and defects. These two factors are the 
most influential causes for the ultimate variation in dislocation density. 
However, it is important to note that the variation in grain size does not 
directly affect the dislocation density from a materials science 
perspective. Therefore, in this study, the FWHM variations caused by 
changes in grain size (referred to as FWHMsize) are excluded, and only 
the FWHM variations attributed to internal microstrain within the ma
terial (referred to as FWHMmicrostrain) are considered. This approach 
provides a more intuitive representation of the variation in dislocation 
density. The specific expression is given below [24] as: 

FHWM= FWHMsize + FWHMmicrostrain (2–4) 

FWHMsize =
kλ
L

x
1

cos θ
(2–5) 

FWHMmicrostrain =4ε0
sin θ
cos θ

(2–6) 

By substituting equations (2)–(5) and (2–6) into equations (2)–(4), 
the resulting expression is: 

FWHM x cos θ=
kλ
L
+ 4ε0 sin θ (2–7) 

According to equations (2)–(7), FWHM x cosθ can be expressed as y, 
and 4sinθ can be expressed as x. Considering a linear equation of the y =
m x + c type, where the intercept, c, corresponds to k x λ/L, and the 
slope, m, corresponds to ε0. Therefore, by plotting the linear relationship 
between FWHM x cosθ and 4sinθ, the intercept c can be obtained. 
Substituting the obtained intercept into equations (2)–(5) allows for the 
calculation of FWHMsize. Furthermore, equations (2)–(6) can be view as 
a linear equation passing through the origin, y = m x x, where the slope 
m corresponds to the FWHMmicrostrain caused solely by internal defects 
such as microstrain. By performing a linear fit on FWHMmicrostrain and 4 
sinθ/cosθ, the slope represents ε0 caused solely by internal defects. 
Substituting this value into equations (2)–(8) yields the resulting dislo
cation density, ρ, caused by these factors. 

ρ= kε2
0

b2 (2–8) 

Finally, the solid solution strengthening contribution (σss) was 
modeled using Varvenne’s model [25]. The yield stress of a solid solu
tion at 0 K is determined by Equations (2)–(9), whereas the activation 

Fig. 1. Schematic representation of the experimental setup used for gas metal arc welding.
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energy for the movement of dislocation is given by Equations 2–10. 

τy0 =0.051α−
1
3G

(
1 + ν
1 − ν

)

f1(wc)

⎛

⎜
⎜
⎝

∑n

i=1
ciΔV2

i

b6

⎞

⎟
⎟
⎠

2
3

(2–9) 

ΔEb =0.274α
1
3Gb3

(
1 + ν
1 − ν

)2
3
f2(wc)

⎡

⎢
⎢
⎣

∑n

i=1
ciΔV2

i

b6

⎤

⎥
⎥
⎦

1
3

(2-10) 

where b is the modulus of the Burgers vector, G is the shear modulus and 
ν is the Poisson’s ratio. Functions f1(wc) and f2(wc) are associated with 
the core structure of the dislocation, and their values are approximately 
constant, being 5.70 and 0.35 respectively. The terms ci and ΔVi 
represent the concentration of "solute" i and the volume mismatch 
caused by the presence of atom “i” in average matrix. The parameter α is 
a dimensionless constant related to the value of the dislocation line 
tension, which is given by Γ = αμb2. Atomistic simulations on several 
face-centered cubic (FCC) metals [26] indicate that α = 1/8 serves as a 
good approximation in practice.

The yield stress correction, due to the thermal contribution and 
strain rate, is given by Equations 2–11 and (2-12) as shown below. 

σss(T, ε̇)=Mτy0 exp
(

−
1

0.51
kT

ΔEb
ln

ε̇0

ε̇

)
σss

Mτss,0
≤ 0.5 (2-11) 

σss(T, ε̇)=Mτy0

[

1 −

(
kT

ΔEb
ln

ε̇0

ε̇

)2
3
]

σss

Mτss,0
≥ 0.5 (2-12) 

where M is the Taylor factor, k is the Boltzmann constant, T is the 
temperature, ε̇0 is the reference strain rate and ε̇ is the experimental 
strain rate. Following Varvenne’s model [25], ε̇0 was set as 104s− 1. In 
the range 0.3 ≤ τy

/
τy,0

≤ 0.6, Equations 2–11 and (2-12) yield very close 

results.
In the previous equations, the rule of mixtures (V =

∑
iciVi) was 

used to calculate the average atomic volume of the effective matrix. The 
latter parameter is related to the lattice parameter of an FCC structure by 
equation V = a3/4. The volume mismatch caused by each element in 
solution is given by ΔVi = Vi − V, where Vi is the apparent volume of the 
i-th element in the solid solution. The apparent atomic volume of each 
element utilized in this study is presented in Table 2 and was previously 
estimated in Ref. [26].

The elastic constants of base metal (CoCrFeMnNi) and Inconel 625 
alloy used in the Varvenne’s model are summarized in Table 3.

3. Results and discussion

3.1. Microstructure evolution

Fig. 2 a) illustrates the macroscopic morphology of the cross-section 
of the welded joint. No defects such as porosity or cracks were observed, 
suggesting a defect-free owing to the suitability of the selected process 

parameters. The boundary between the HAZ and FZ is delineated by 
white dashed lines. The visible reinforcements on the face and root of 
the joint are attributed to the filler wire utilized which provides excess 
material to the joint [30].

Fig. 2 b1) to Fig. 2 b4) provide optical microstructure images of 
different regions of the welded joint, namely the BM, HAZ near the BM, 
HAZ near the FZ, and FZ, where distinct microstructural features can be 
observed. In the BM region, the grain size is relatively small due to the 
highly deformed grain structure that developed caused by the cold- 
rolling process. A noticeable grain growth can be observed from the 
low-temperature HAZ (refer to Fig. 2 b2)) to the high-temperature HAZ 
(refer to Fig. 2 b3)), which attributed to the effect of the weld thermal 
cycle. In the FZ, a typical columnar dendritic grain morphology is 
evident, which arises from the rapid melting and solidification processes 
in this region. Overall, the variations in microstructural and grain size 
among different regions of the welded joint are related to the weld 
thermal cycle, which will be further elucidated when considering the 
EBSD data.

To comprehensively extract more grain structure information and 
crystallographic features from the different regions throughout the 
whole welded joint, EBSD was performed. EBSD is an effective micro
structural characterization technique for microstructure analysis, which 
can provide structure information, including grain orientation and sizes, 
grain boundary distributions, and crystal defects, for example.

Fig. 3 a) details the EBSD map of the joint cross-section, com
plementing the macroscopic morphology depicted in the optical mi
croscope image of in Fig. 2 a). This confirms once again that the welded 
joint obtained in the current work is defect-free and fully penetrated, 
showcasing the successful metallurgical bonding between the CoCr
FeMnNi HEA and the Inconel 625 filler wire using arc-based processes. 
The black dashed lines represent the boundary between the HAZ and the 
FZ, which were determined based on the differences in the microstruc
tural characteristics observed in these locations, as highlighted in Fig. 3 
b2) and b3).

The BM, HAZ near the BM, HAZ near the FZ, FZ near the HAZ/FZ 
boundary and the center of the FZ, exhibited different microstructural 
characteristics. For the BM, which has been previously discussed [31,
32], the microstructure undergoes approximately ≈ 50 % cold rolling 
prior to welding. This results in elongated grains along the rolling di
rection, forming a pancake-like structure with a grain width ranging 
between 2 and 3 μm. Such microstructure features are commonly 
observed in the cold-rolled CoCrFeMnNi HEA. Following, focus will be 
on the microstructure changes induced by the weld thermal cycle in 
other regions of the welded joint.

The HAZ near the BM region (refer to Fig. 3 b1)), is defined in this 
work as the low-temperature HAZ, denoted as HAZ1. It is formed as a 
result of the welding process, undergoing what could resemble a short 
and low-temperature heat treatment. From the Inverse Pole Figure (IPF) 
map of this region (refer to Fig. 3 b1)), a significant presence of fine 
equiaxed grains can be observed, evidencing the occurrence of recrys
tallization. Additionally, a large number of Σ3 annealing twins are 
observed within the recrystallized grains (refer to Fig. 3 c)), revealing 
that the weld thermal cycle near HAZ1 can induce the formation of these 
annealing twins in the previously cold-rolled BM. Moreover, most of the 
recrystallized grains are interconnected by high-angle grain boundaries 
(HAGBs), forming a network, as indicated by the bright red solid lines in 
Fig. 3 c1). Furthermore, a slight increase in grain size was observed, with 
the average grain size increasing from 2 to 3 μm (BM) to ≈ 4.5 μm (refer 

Table 2 
Apparent atomic volume of elements in an FCC solid solution.

Element Ni Cr Co Fe Mn Moa Nbb

Atomic volume 
(Å3) – this 
work

10.94 12.86 11.52 12.18 12.66 15.21 17.79

a Calculated in this work using the lattice parameter of Ni-Mo solid solution 
extracted from Ref. [27].

b Calculated in this work using the lattice parameter of Ni-Nb solid solution 
extracted from Ref. [28].

Table 3 
Elastic constants of CoCrFeMnNi and Inconel 625 alloys used as input in Varv
enne’s model.

Alloy Shear modulus [GPa] Poisson ratio

CoCrFeMnNi 76.9 0.26
Inconel 625 [29] 78.0 0.31
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to Fig. 3 e)). It is important to note that the original BM, which was 
subjected to extensive cold deformation, contains almost no Σ3 
annealing twins. This is attributed to the fact that the BM microstructure 
preserves its heavily deformed state and is not affected by the weld 

thermal cycle.
The next region, corresponding to the HAZ near the FZ, is defined as 

the high temperature HAZ, designated as HAZ2, which can be inter
preted as a region that experiences a high temperature annealing-like 
heat treatment during welding. Within HAZ2, the grain size becomes 
significantly coarser (refer to Fig. 3 b2)), with the average grain size 
increasing from ≈4.5 μm (HAZ1) to ≈ 14.3 μm (HAZ2) (refer to Fig. 3 
e)). This difference in grain size within the HAZ can be explained by the 
weld thermal cycle. Specifically, the peak temperature and the duration 
at high temperatures progressively diminish towards the BM. Near the 
HAZ2, both the peak temperature and the temperature duration for 
grain growth to occur are higher and longer compared to those near 
HAZ1. Therefore, the grain growth mechanism is more pronounced in 
HAZ2 compared to the recrystallization mechanism in HAZ1. The 
number of Σ3 annealed twins show a decreasing trend in this region 
(refer to Fig. 3 c2)), which is related to the grain growth process. Spe
cifically, grain growth involves the migration of grain boundaries and 
twin boundaries, and the rapid migration of these boundaries can collide 
with other boundaries, leading to the consumption of twin boundaries. 
Twin boundaries are the interfaces that exist within the grains, and their 
depletion leads to a reduction in the number of annealed twins. In other 
words, Σ3 annealed twins gradually disappear during the grain growth 
through the migration of grain boundaries and twin boundaries [33]. 
Similarly, the HAGB in the region decreases accordingly (refer to Fig. 3 
c3)), which is due to the combined effects of grain boundary adjustments 
and grain size enlargement during grain growth and grain boundary 
migration.

Based on the above analysis, it is evident that significant effect to the 
solid-state phase transformations throughout the whole HAZ, encom
passing both HAZ1 and HAZ2. These transformations include recovery, 
recrystallization and grain growth. The occurrence of these phenomena 
is influenced the pre-existing strain energy stored in the BM, upon which 
the process thermal cycle will allow the activation of thermally active, 
solid-state processes. Higher temperatures and longer durations at peak 
temperatures facilitate grain boundary migration and adjustment, as 
well as grain growth. These conditions promote the coarsening and 
enlargement of grains within the HAZ. On the other hand, the low/high 
temperature annealing-like heat treatments play a crucial role in 
releasing the stored strain energy present in the BM. This phenomenon is 
supported by the results obtained from the EBSD Kernel Average 
Misorientation (KAM) analysis (see Fig. 3d)). The release of strain en
ergy is initiated by the weld thermal cycle and further contributes to the 
development of solid-state phase transformations within the HAZ.

Upon evaluating the FZ, completely different microstructural fea
tures can be observed in this region. In the FZ (refer to Fig. 3a)), large- 
sized (≈351.12 μm) highly oriented grains are observed. Considering 
the limited number of grains included in the statistical analysis of KAM 
values and grain size in the center and edge regions of the FZ, which may 
affect the representativeness and reliability of the statistical results, the 
grain size statistics in this study were performed based on the entire FZ 
region. These grains grow epitaxially from the solidified FZ, exhibiting a 
preferential growth orientation along the (001) direction on the left side 
near the HAZ/FZ boundary (Supplementary Material, Fig. 1). In 
contrast, no distinct preferential orientation is observed at the center of 
the FZ or near the right side of the HAZ/FZ boundary, where the overall 
texture appears relatively random. It should be noted that grains on the 
left side of the FZ predominantly exhibit a <001> preferred orientation 
(refer to Supplementary Material, Fig. 1), whereas those on the right side 
tend toward a random orientation distribution. The formation of this 
orientation difference is influenced not only by the coupling relationship 
between the thermal gradient (G) and solidification rate (R) but also 
closely related to the crystallographic preferred growth direction, 
interfacial energy anisotropy, and the complex thermal-fluid coupling 
behavior within the molten pool. During the welding process, asym
metries in the molten pool morphology, heat source distribution, and the 
characteristics of the twin-wire arc input can all contribute to the 

Fig. 2. Light optical microscopy of the gas metal arc welded CoCrFeMnNi joint 
obtained with Inconel 625 filler wire: a): overview of the joint cross section; 
representative micrographs of: b1): BM; b2): HAZ near the BM; b3): HAZ near 
the FZ; b4): FZ.
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Fig. 3. A): EBSD map of the gas metal arc welded CoCrFeMnNi high entropy alloy with Inconel 625 filler wire; b1) – b4) and c1) – c4): IPF and Σ3 boundaries map of 
the HAZ near the BM, HAZ near the FZ, FZ near the boundary of the HAZ/FZ and middle of FZ, respectively; d) and e): variation of KAM and average grain size values 
with respect to the different regions of the joint, respectively.

Fig. 4. A): EDS mapping of across the welded joint; b): EDS line scan along the yellow line of Fig. 4 a). (For interpretation of the references to color in this figure 
legend, the reader is referred to the Web version of this article.)
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development of asymmetric thermal and flow fields on either side of the 
molten pool, thereby inducing different grain growth advantages in 
different regions. On the left side, the heat flow direction is more closely 
aligned with the <001> crystal growth direction, promoting the 
competitive growth and dominance of <001>-oriented grains. In 
contrast, on the right side, disturbances in heat flow or changes in 
cooling conditions weaken the preferential growth advantage, leading to 
a more randomized orientation distribution overall. Moving towards the 
central region of the FZ, large columnar grains, oriented perpendicular 
to the FZ boundary, can be observed growing towards the weld 
centerline. This type of growth behavior is influenced by the G and the R. 
The complete melting and rapid solidification experienced in the FZ 
leads to the loss of any previous thermomechanical processing of the 
BM, resulting in a microstructure resembling that of as-cast materials. 
Consequently, within this process, the presence of Σ3 annealed twins 
that formed in the HAZ are eliminated (refer to Fig. 3 c3) and c4)), and 
the HAGBs are uniformly distributed (refer to Fig. 3 c3) and c4)). It 
should be mentioned that the development of such a coarse grain 
structure is a common phenomenon during welding of this material 
[33]. It should be mentioned that due to the current limitations of EBSD 
in terms of scanning resolution, magnification, as well as the limited 
scanning area, the identification of nanoscale precipitates present in 
different regions of the joint is not possible. Therefore, the EBSD data 
provided here is solely used to identify the major microstructural fea
tures across the joint. However, the limitations of EBSD analysis 
resulting from these constraints will be addressed in detail through the 
use of synchrotron radiation analysis.

The EDS mapping of the entire welded joint (refer to Fig. 4 a)) reveals 
a relatively homogeneous distribution of elements. This indicates the 
formation of a reliable metallurgical blend between the CoCrFeMnNi 
HEA, serving as the BM, and the Inconel 625 filler wire, implying that 
these two materials can achieve good bonding and compatibility be
tween them during the welding process. The formation of such metal
lurgical blend is expected to contribute to the enhancement of the 
strength and overall performance of these joints.

To further provide a clearer representation of the main composition 
changes (Co, Cr, Fe, Mn, Ni, Nb, and Mo) near the boundaries of the HAZ 
and FZ, an EDS line scan was conducted. The yellow solid line in Fig. 4 a) 
indicates the position of the line scan, while the white dashed line 
represents the boundary between the HAZ and FZ. The line scan results 
reveal that there is a redistribution of elements after entering the FZ, 
which is a typical characteristic associated with solidification in fusion- 
based welding processes. However, overall, the CoCrFeMnNi HEA and 
Inconel 625 are well mixed, and no macroscopic element segregation is 
observed. This effective mixing is attributed to the high cooling rate 
during the welding process, which limits the time available for macro
scopic element segregation to occur. It is important to note that the 
presence of trace amounts of Nb and Mo elements observed in the FZ is 
related to the addition of the Inconel 625 filler wire. An interesting 
finding in this study is that the Mo content in the FZ is significantly lower 
than that of Nb in the EDS line scan analysis (refer to Fig. 4 b)), despite 
the fact that the Mo atomic percentage in the Inconel 625 filler wire 
(≈5.6 at. %) is higher than that of Nb (≈2.2 at. %). This phenomenon 
can be primarily attributed to the combined effects of elemental segre
gation during welding, the enrichment of secondary phases, and the 
localized nature of EDS detection. Specifically, due to the differences in 
the local temperature fields during welding, Mo and Nb exhibit signifi
cantly different solidification behaviors in the FZ, resulting in a lower 
enrichment of Mo compared to Nb in this region. Additionally, the 
spatial resolution of the EDS line scan analysis may affect the accuracy of 
elemental signals, further amplifying the observed low Mo content. This 
phenomenon aligns with the general behavior of elemental segregation 
during dissimilar welding of HEAs and nickel-based alloys, revealing the 
solidification behavior and interactions of different elements during the 
welding process.

To provide a more illustrative depiction of the microstructural 

evolution across the welded joint where no melting occurs, Fig. 5 pre
sents the corresponding schematic diagram. The initial microstructure 
exhibits a pancake-like morphology with a high density of dislocations 
and deformed twins (refer to Fig. 5a)). Upon entering the low temper
ature HAZ, the pre-existing stored strain energy is released, resulting to 
the occurrence of recovery (refer to Fig. 5b)) and subsequent recrys
tallization. This recrystallization process leads to the formation of fine 
equiaxed grains (refer to Fig. 5c)). Further moving closer to the heat 
source into the high temperature HAZ, grain boundaries and twin 
boundaries start to migrate and consume each other (refer to Fig. 5d)), 
leading to the phenomenon of grain coarsening. Eventually, in the FZ 
(refer to Fig. 5e), complete melting and rapid solidification leads to the 
formation of coarser, preferentially oriented grains with dendritic 
structures along the grain boundaries.

Fig. 6 a) depicts the superimposed synchrotron diffraction patterns 
obtained from scanning the entire welded joint. The different regions of 
the joint, BM, HAZ1, HAZ2, and FZ, can be distinguished based on the 
maximum intensity variations of the diffraction peaks. These regions are 
denoted by color red, pink, blue, and yellow, respectively, with 
boundary lines delimitating them. To gain a better understanding on the 
influence of the weld thermal cycle on the microstructural features of 
these different regions, Fig. 6 b) to e) provide the phase identification 
results obtained from representative diffraction patterns for each region. 
These diffraction patterns are utilized to extract crystallographic infor
mation from each region, including phase structure, phase volume 
fraction, space group, and lattice parameters. The volume fractions of 
each phase structure obtained through Rietveld refinement method are 
detailed in the pie chart of Fig. 6 e).

Based on the phase identification results, it can be observed that the 
BM, HAZ1, and HAZ2 all possess the same matrix phase, corresponding 
to an FCC structure. In addition, there is a small amount of Cr-Mn-based 
oxides observed, which correspond to low-intensity diffraction peaks. 
The presence of these oxides is mainly attributed to potential contami
nation in the raw materials and oxidation reactions during the 
manufacturing process [34]. According to the Rietveld refinement re
sults (refer to Fig. 6 f)), the volume fraction of these Cr-Mn oxides is very 
low. They account for approximately ≈1.25 % in the BM, ≈1.31 % in 
HAZ1, and ≈1.83 % in HAZ2. Although there is a slight increasing trend 
in the volume fraction of these oxides, they do not affect the mechanical 
properties of the material [35].

Upon entering the FZ (refer to Fig. 6 e)), a significant change in the 
microstructure is observed. In addition to the previously identified FCC 
matrix phase (≈94.29 %) and Cr-Mn oxides (≈2.39 %), the presence of 
Nb-rich carbides (≈0.79 %), Laves (≈0.87 %), γ (≈0.49 %), and σ phases 
(≈1.17 %) is detected. The existence of these four phases is primarily 
attributed to the compositional changes induced by the addition of the 
Inconel 625 filler wire in the FZ. According to previous literature 
investigation, Li et al. [36] and Hu et al. [37] have separately introduced 
Nb and Mo into CoCrFeMnNi HEA and found that these two have the 
propensity to promote the formation of Laves and σ phases, respectively. 
Therefore, the addition of the Inconel 625 filler wire during welding can 
be considered as the primary cause for the formation of Laves and σ 
phases in the FZ. Furthermore, it is known that Nb element, made 
available in the FZ upon melting of the filler wire, has a strong affinity 
with carbon and is prone to forming Nb-rich carbides [38], which thus 
justifies the presence of this phase in the FZ. Moreover, the thermody
namic calculations confirmed that the precipitation of the NbC phase 
occurs not only during the initial solidification process from the liquid 
state (refer to Fig. 7) but also continuously during subsequent cooling 
process from approximately 1228 ◦C–659 ◦C (refer to supplementary 
material, Fig. 2). These findings further support the experimental 
detection of Nb-rich carbides in the FZ.

The lattice parameters of the phase structures present in each region 
of the welded joint are summarized in Table 4. Here, particular attention 
is given to the lattice parameter variations of the FCC matrix phase. The 
matrix phase FCC in the rolling state of the BM region, possesses a lattice 
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parameter of approximately ≈3.5872 Å. Upon entering the HAZ, a slight 
change in the lattice parameter is observed, with HAZ1 and HAZ2 cor
responding to lattice parameters of about ≈3.5877 Å and ≈3.5885 Å, 
respectively. This change is primarily attributed to lattice thermal 
expansion caused by the weld thermal cycle and the release of pre- 
existing strain energy stored in the BM region. In the FZ, the lattice 
parameter of the FCC matrix phase increases to approximately ≈3.5897 
Å. There are two possible reasons for this variation: one is that the 
addition of Nb and Mo elements from the Inconel 625 filler wire have 
larger radii compared to other elements in the FZ, which can

lead to lattice distortion and an increase in the lattice parameter [39,
40]; the second one is that the rapid heating and solidification during the 
welding process can cause residual stresses in the FZ, which can also lead 
to a slight variations in the lattice parameter. Nonetheless, given the 
magnitude of the changes in the lattice parameter of the FZ it is expected 
that the major drives for this to occur is by the addition of both Nb and 

Mo, rather than from the welding residual stresses.
To better understand the non-equilibrium solidification experienced 

in the FZ, the Scheil-Gulliver model, available in ThermoCalc, was uti
lized to predict the solidification path and phase structures that are 
expected to be formed in this region. Here, considering the non- 
equilibrium conditions during solidification of the FZ, there is 
elemental redistribution and certain low melting elements, namely as 
Mn, can preferentially evaporate, thereby altering causing changes in 
the nominal composition of the alloy. Therefore, in the current work, the 
Scheil-Gulliver model was applied using the average composition of the 
FZ (44.3 % Ni, 24 % Cr, 9.3 % Fe, 9.2 % Co, 8.9 % Mn, 2.9 % Mo, 1.3 % 
Nb and 0.1 % C, at. %), which was determined through EDS measure
ments. During calculations, C was set as a fast diffuser.

According to the thermodynamic simulations using the Scheil- 
Gulliver model (refer to Fig. 7), the solidification process begins at 
1377.91 ◦C (liquidus temperature) and initially forms the FCC matrix 

Fig. 5. Schematic illustration of microstructure evolution induced by the weld thermal cycle effect on the rolled base material (from left to right): a) initial rolled 
base material; b) HAZ subjected to low temperature; c) – d) HAZ subjected to high temperature and e) FZ.

Figs. 6. 3D plot and phase identification of existing phases within the welded joint using high energy synchrotron X-ray diffraction: a): Superimposition of different 
patterns across the welded joint; b), c), d) and e) are representative diffraction patterns from the BM, HAZ near the BM, HAZ near the FZ and FZ, respectively; The 
inserts in b), c), d) and e) highlight the presence of trace amount of precipitates and secondary phases. f): Volume fraction evolution of the existed phases across the 
welded joint (BM, HAZ1, HAZ2 and FZ) as obtained by Rietveld refinement.
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phase (Liquid → Liquid + FCC matrix phase) within the temperature 
range between 1377.91 and 1193.89 ◦C. In the subsequent reactions, the 
liquid phase gradually transforms into a mixture of Liquid + FCC matrix 
phase + γ phase. Finally, the remaining liquid solidifies to form FCC, 
Laves phase, and Nb-rich carbides (Liquid → Liquid + FCC matrix phase 
+ Laves + Nb-rich carbides), terminating the solidification at 1275 ◦C 
(solidus temperature). The predictions of the Scheil-Gulliver model 
indicate that the solidification process in the FZ involves one matrix 
phase (FCC) and three precipitated phases (γ phase, Nb-rich carbides 
and Laves phase), which is consistent with the phase identification 
performed through synchrotron radiation experiments (refer to Fig. 6
e)), and these phases (matrix FCC phase, γ phase, Laves phase, and Nb- 
rich carbides) are directly formed from the liquid during solidification. 
However, the synchrotron radiation experiments also detected the 
presence of Cr-Mn oxides and σ phase in the FZ, which were not antic
ipated by the Scheil-Gulliver model. Regarding Cr-Mn oxides, their 
absence in the model’s predictions can be explained considering that 
their formation is mainly derived from potential contamination in the 
raw materials and oxidation reactions induced by the high temperatures 
experienced in the FZ, rather than being a result of metallurgical so
lidification reactions of the alloy system used in this work. Additionally, 
the lack of σ phase in the model’s predictions suggests that the observed 

σ phase in the FZ (refer to Fig. 6 e)) may precipitates during the solid- 
state cooling (approximately ≈ 400 ◦C), as its formation is suppressed 
at high temperatures due to the rapid solidification and cooling rates 
experienced during welding. Here, it is important to clarify that 
although the cooling during welding is not "infinitely fast," solidification 
in the actual weld pool occurs under extremely rapid and non- 
equilibrium conditions. The Scheil-Gulliver model, despite its ideal
ized assumptions (no diffusion in the solid phase and complete mixing in 
the liquid phase), provides a good approximation for simulating element 
partitioning and phase evolution under rapid solidification. In this 
study, the phases predicted by the model (FCC, Laves, NbC) show high 
consistency with experimental results from synchrotron radiation and 
EDS analysis, indicating that the predictions are reliable despite the 
simplified assumptions. Moreover, for multi-principal element high- 
entropy systems, there is currently a lack of accurate kinetic diffusion 
data (such as interdiffusion coefficients at high temperatures). Even 
when using kinetic models like DICTRA, significant errors may be 
introduced. Therefore, at this stage, the Scheil-Gulliver model represents 
a more practical and reasonable choice.

To further investigate the enriched components of the precipitated 
phases predicted in the FZ, compositional analysis of the dispersed, fine 
particles in this region was performed using EDS, as shown in Fig. 8. The 
EDS analysis revealed that three types of precipitated phases were 
detected: MC carbides (refer to Fig. 8 a)), Laves phase (refer to Fig. 8 b)), 
and Cr-Mn oxides (refer to Fig. 8 c)). Specifically, the detected MC 
carbides were found to be enriched in Nb and a small amount of Mo due 
to the strong affinity of Nb and Mo with C [41]. The detected Laves 
phase is also enriched with Nb and a small amount of Mo, though C-free. 
The formation of this phase can be attributed to two reasons: i) the 
presence of Nb itself can promote the formation of the Laves phase [42,
43]; ii) during the final solidification stage, the Nb and Mo experience 
microscopic segregation, which ultimately leads to the formation of 
Laves phase [44,45]. It should be noted that the other two precipitated 
phases, γ and σ phase, were not detected due to the limitations of EDS 
analysis and the small size of these nanoscale phases.

3.2. Mechanical properties

To further explore the influence of microstructural evolution on the 
local mechanical properties of the welded joint, microhardness analysis 
was conducted across the welded joint, as shown in Fig. 9. The color 
variation observed in the microhardness mapping (refer to Fig. 9 a)) 
enables distinct identification of the various regions within the joint. 
Specifically, the color changes from red, to yellow, green, and blue, 
correspond to the BM, HAZ1 and HAZ2 and FZ, respectively.

To further reproduce more visually the variations in hardness among 
different regions of the welded joint, a microhardness line distribution 
was plotted along the half-thickness of the welded joint (refer to the 
white dashed line in Fig. 9 a)), as shown in Fig. 9 b). The different re
gions of the welded joint exhibit distinct hardness values due to the 
previously reported variations in microstructure. The BM region in the 
as-rolled condition exhibits a hardness value of approximately ≈400 
HV0.5, into the HAZ (HA1 and HAZ2), the hardness values gradually 
decrease to about ≈150 HV0.5, which can be attributed to the release of 
the previously stored strain energy in the BM caused by the weld thermal 
cycles (refer to Fig. 3 d)), as well as the recrystallization and grain 
growth (refer to Fig. 3 c1)-c2) and e)).

Interestingly, the FZ with the addition of the Inconel 625 filler wire 
exhibits a noticeable increase in hardness, from approximately ≈150 
HV0.5 to around ≈180 HV0.5. In contrast, the hardness changes in the 
FZ caused by using other filler wires, such as 410 martensitic stainless 
steel [46] and austenitic 308LSi stainless steel [31], are not as pro
nounced. This suggests that the addition of Inconel 625 wire induces a 
solid solution strengthening effect by altering the chemical composition 
of the FZ. Indeed, Inconel 625 itself is a nickel-based high-temperature 
alloy well known for its solid-solution strengthening effect [47], which 

Fig. 7. Solidification path calculations using the Scheil-Gulliver model in 
ThermoCalc (TCHEA 5.1 database) considering the average composition of the 
fusion zone.

Table 4 
– Refined lattice parameters from the BM, HAZ near the BM (HAZ1), HAZ near 
the FZ (HAZ2) and FZ.

FCC Cr-Mn 
oxide

Laves Nb-rich 
carbide

σ phase γ phase

Fm-3m Fm-3m P63/ 
mnm

Fm-3m P42/ 
mnm

Fm-3m

BM a 
≈3.5872 
Å

a 
≈7.5619 
Å

– – – –

HAZ1 a 
≈3.5877 
Å

a 
≈7.5699 
Å

– – – –

HAZ2 a 
≈3.5885 
Å

a 
≈7.5695 
Å

– – – –

FZ a 
≈3.5897 
Å

a 
≈7.5673 
Å

a ≈ b ≈
2.4804 Å

a ≈3.43 
Å

a ≈ b ≈
8.80 Å 
α = β =
γ = 90◦

a 
≈2.36 
Å
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explains the observed hardness increase in the FZ. Overall, this solid 
solution strengthening effect has a positive impact on the local me
chanical properties of the welded joint, since it can counterbalance the 
low hardness found in autogenous or heterogenous CoCrFeMnNi HEA 

welded using fusion methods.
To investigate the influence of adding Inconel 625 filler wire on the 

macroscopic mechanical response of the CoCrFeMnNi welded joints, 
tensile tests were performed. These results are depicted in Fig. 10, 

Fig. 8. SEM image and corresponding EDS mapping of a): MC carbides; b): Nb-rich Laves and c): Cr-Mn oxide in the fusion zone.

Fig. 9. A): Microhardness mapping over the welded joint; b): Microhardness 
distribution obtained along the mid height of the welded joint.

Fig. 10. Tensile behavior comparison between a gas tungsten arc welded 
CoCrFeMnNi (obtained from Ref. [32]) and the present gas metal arc welded 
CoCrFeMnNi with Inconel 625 filler material. The inserted table details a 
summary of the tensile properties of both welded joints.
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showcasing two conditions: with and without the addiction of filler wire. 
The solid red and black lines represent the stress-strain curves of the 
joints with and without the addition of filler wire, respectively. A table 
inserted in Fig. 10 summarizes the key mechanical properties of these 
two joints, including yield and tensile strength, and ductility.

Overall, the welded joint with the addition of filler wire (red line) 
exhibits superior yield strength (≈365 MPa vs. ≈ 284 MPa) and ultimate 
tensile strength (≈650 MPa vs. ≈ 525 MPa) compared to the joint 
without filler wire (black line). However, it shows slightly lower 
ductility (≈6.8 % vs. ≈ 8.4 %) than the joint without filler wire. Through 
microstructure analysis of the FZ, three main factors can explain the 
slightly improved in both yield strength and ultimate strength of the 
welded joint with filler wire. First, the addition of filler wire increases 
the cross-sectional area of the FZ, resulting in additional face and root 
reinforcements (refer to Fig. 2 a)), thereby enhancing its load-bearing 
capacity. Second, the Inconel 625, as a solid solution strengthening 
high-temperature alloy, contains Nb and Mo elements with larger 
atomic radii. These elements induce lattice distortion in the FZ, 
contributing to solid solution strengthening. Third, the precipitated 
phases induced by the addition of filler wire in the FZ may also 
contribute to this strengthening effect. Literature studies have shown 
that the introduction of Nb in CoCrFeMnNi HEAs results in the formation 
of Laves phases, which enhances the material strength [36]. Nb-rich 
carbides are typically distributed around grain boundaries, where they 
serve as dislocation pinning sites that hinder dislocation motion. This 
leads to an increase in dislocation density, enhances the dislocation 
strengthening effect, and ultimately improves the alloy’s strength [38]. 
However, failure occurs at the interface between the HAZ and the FZ (at 
the weld toe), which can explain why the welded joint with filler wire 
exhibits slightly lower ductility compared to the joint without filler wire. 
The main reasons are twofold: i) the presence of face and root 

reinforcements at the weld toe leads to geometric defects, promoting 
crack initiation and facilitating stress concentration, ultimately leading 
to cracking; and ii) the presence of Nb-rich carbides and Laves phases 
increases the potential for hot cracking sensitivity [48,49], which can be 
detrimental to mechanical properties due to the potential formation of 
cracks during solidification. However, it should be noted that although 
the presence of Nb-rich carbides and Laves phases may increase the hot 
cracking susceptibility of the alloy system, no obvious cracking defects 
were observed in this study through optical and electron microscopy. 
Therefore, the reduction in ductility of the current welded joint is pri
marily attributed to the stress concentration effects at the weld toe and 
the local embrittlement induced by hard and brittle secondary phases, 
such as Nb-rich carbides, Laves phases, and σ phases, rather than by hot 
cracking. In addition, it is necessary to clarify the effect of the slight 
misalignment between the two sides of the BMs in the welded joint on 
the mechanical properties (Fig. 2a). Although slight misalignment be
tween the base materials after welding was observed, which could 
introduce some shear components under uniaxial tensile loading, its 
influence on the mechanical behavior is considered limited in this study. 
The misalignment mainly arises from the formation of weld re
inforcements caused by filler metal addition. To mitigate this in future 
work, optimization of welding parameters, post-weld machining to 
remove excessive reinforcements, and modified joint designs with 
pre-weld grooves will be considered. Furthermore, DIC analysis 
(Fig. 11a) indicated that fracture consistently initiated at the weld toe 
rather than in the fusion zone, suggesting that the primary tensile failure 
behavior was not significantly altered by the potential shear effects 
introduced by misalignment.

To further investigate the local mechanical response of different re
gions (BM, HAZ, welded toe, and FZ) within the welded joint, digital 
image snapshots taken at different loading stages (elastic, yielding, 

Fig. 11. A): DIC snapshots obtained at different loading steps during loading until failure; b): Tensile curves obtained from DIC measurements for different regions: 
BM, HAZ, weld toe and FZ; c1): Overview of fractured sample; c2): close-up highlighting a ductile-like morphology and dimples of the fractured surface.
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plastic, and fracture stages) during tensile testing were taken. Fig. 11a) 
presents the digital snapshots, while Fig. 11b) depicts the stress-strain 
curve plots for the analyzed regions, and Fig. 11c) provides a detailed 
representation of the fractured surface of the welded joint.

In Fig. 11a), the DIC cloud maps provide a clear visualization of 
strain distribution within the welded joint during tensile testing. During 
the elastic deformation stage, the strain is initially uniformly distributed 
throughout the whole joint. As the yield stage is reached, strain begins to 
be localized at the interface of the HAZ and the FZ (near the weld toe), 
ultimately leading to stress concentration and fracture failure at the 
weld toe. The data shown in Fig. 11a) strongly supports the earlier in
ferences regarding the cause of failure in the welded joint, i.e., t stress 
concentration at the weld toe. It is worth mentioning that there are two 
main reasons for this stress concentration to occur: i) the geometric 
defects due to the presence of face/root reinforcements; ii) the existence 
of Nb-rich carbides, Laves phases, and σ phases at the interface of the 
weld toe. These hard precipitates particles act as stress concentrators, 
further promoting crack formation. Here, an interesting observation is 
that the strain is larger in the lower HAZ in the third DIC image, while it 
becomes larger in the upper HAZ in the fourth image. This phenomenon 
can be attributed to the dynamic evolution of the stress and strain fields 
during the tensile process. Due to the incomplete symmetry of the weld 
geometry, such as differences in reinforcement height between the 
upper and lower sides, and local microstructural variations, the local 
yielding point shifts during loading, leading to a gradual transfer of the 
maximum strain concentration region from the lower side to the upper 
side.

In Fig. 11b), it is evident that different regions of the welded joint 
exhibit distinct mechanical responses during tensile loading. The BM 
region shows the highest yield strength and the smallest deformation 
(≈556 MPa and ≈3.05 %), followed by the FZ (≈478 MPa and ≈6.91 %), 
the HAZ (≈396 MPa and ≈20.80 %), and finally, the weld toe region 
with the lowest yield strength and the largest plastic deformation (≈226 
MPa and ≈63.39 %). In fact, the different mechanical behaviors 
exhibited by these regions are primarily determined by the load transfer 
during the tensile process, as well as the inherent mechanical properties 
of each region. During tensile testing, the external load is applied to the 
welded joint, and initially, the softer HAZ and FZ regions tend to bear 
more load. However, in the FZ, due to the presence of face/root re
inforcements increase the load-bearing area, resulting in a decrease in 
the force borne per unit area. As a result, the HAZ yields before the FZ 
and exhibits a greater plastic deformation. The BM region, with its high 
hardness (refer to Fig. 9 b)), dominates the resistance to plastic defor
mation. Theoretically, once the FZ and HAZ reach yield, the load should 
start to be transferred to the BM. Interestingly, the weld toe region, due 
to the presence of geometric defects and hard precipitated phases, is 
prone to stress concentration, leading to preferential local deformation, 
as shown by the blue line in Fig. 11b). Therefore, after yielding in the FZ, 
HAZ, and weld toe regions, there is no significant load transfer to the BM 
region. Fig. 11c) shows the representative fractured tensile specimen 
and the corresponding fracture surface. The macroscopic (Fig. 11c1) and 
high-magnification images (Fig. 11c2)) reveal numerous uniformly 
distributed dimples, indicating that the welded joint primarily under
went ductile fracture.

3.3. Strengthening mechanism calculations

Fig. 12 details the predominant strengthening mechanisms in the 
BM, HAZ, and FZ of the welded joint, detailing the contributions of solid 
solution strengthening σSS, dislocation strengthening σdis, and Hall- 
Petch strengthening σHP to the yield strength of each region. The yield 
strength of typical regions was determined from the stress-strain curves 
obtained through DIC analysis. Besides, it is important to mention, 
considering the significant microstructural differences across the HAZ 
due to the welding thermal cycle, that the strengthening mechanisms 
were evaluated using the overall average values for the entire HAZ, 

rather than focusing on specific localized regions. For the dislocation 
strengthening mechanism, synchrotron radiation data were used to 
calculate the dislocation density of the entire welded joint, with further 
extraction of dislocation density values across all regions of the HAZ. 
The average dislocation strengthening value was then calculated, rep
resenting the overall dislocation strengthening effect in the HAZ. Simi
larly, for the Hall-Petch strengthening mechanism, grain size data 
obtained from EBSD were used, which covered the entire HAZ, from the 
BM to the FZ. The average grain sizes were analyzed to calculate the 
Hall-Petch strengthening value for the entire HAZ. The same method for 
calculation the solid-solution strengthening. This approach ensures that 
the results reflect the comprehensive microstructural characteristics of 
the HAZ, accounting for the variations across different regions.

Overall, different regions of the welded joint exhibit distinct primary 
strengthening mechanisms, which arise from the variations in micro
structure and performance at different regions of the material due to the 
weld thermal. For the BM, σSS, σdis, and σHP contribute approximately 
≈128.6 MPa, ≈123.1 MPa, and ≈282.9 MPa, respectively, to a yield 
strength of nearly ≈556 MPa. Comparing the contributions of these 
three strengthening mechanisms to the yield strength, it can be observed 
that Hall-Petch strengthening is the main contributor in this region. 
Despite the high dislocation density generated during the rolling process 
in this region (refer to Fig. 3 d)), its contribution to the yield strength is 
only half of that from Hall-Petch strengthening (123.1 MPa Vs. ≈ 282.9 
MPa). This suggests that for equiatomic CoCrFeMnNi HEAs, grain 
refinement can be a more effective method for strengthening the ma
terial. Therefore, it is advisable to select a base metal with smaller grain 
size prior to welding. As moving into the HAZ, a decrease in the con
tributions of both Hall-Petch strengthening and dislocation strength
ening to the yield strength can be observed. This reduction can be 
mainly attributed to the impact of the weld thermal cycle in this region, 
which release the pre-stored strain energy in the BM, resulting in a 
reduction in dislocation density (refer to Fig. 3 d)) and promoting 
recrystallization and grain coarsening of the pancake-like fine grains in 
the BM (refer to Fig. 3 e)). Nevertheless, Hall-Petch strengthening still 
dominates (σHP ≈ 159.4 MPa > σss ≈ 130.7 MPa > σdis ≈ 105.1 MPa). 
Since the weld thermal cycle experienced in the HAZ cannot lead to the 
elemental redistribution, the solid solution strengthening effect is 
similar to that in the BM region (≈128.6 MPa Vs. ≈ 130.7 MPa), the 
slightly variation being due to different Taylor factor values extracted 
from the EBSD data.

Upon entering the FZ, the dominant strengthening mechanism 
changes from the dominance of Hall-Petch strengthening in the BM and 
HAZ regions to solid solution strengthening, which accounts for 
approximately three-quarters of the total yield strength (≈395.2 MPa 

Fig. 12. – Contributions of different strengthening mechanisms to thew yield 
strength of different regions (BM, HAZ and FZ).
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Vs. ≈ 302.5 MPa), while the contribution from Hall-Petch strengthening 
is only around ≈26.15 MPa, making it the least significant mechanism in 
terms of yield strength contribution for that given grain size. This 
transition in strengthening mechanism is expected due to the grain 
characteristic of the FZ. Solid solution strengthening is primary associ
ated with lattice distortion caused by atomic mismatch, whereas a 
characteristic feature of the FZ is the redistribution of elements. The 
filler wire, Inconel 625, contains large elements with atomic radius, 
namely Nb and Mo, which are also typical solid solution strengthening 
elements [50,51]. Therefore, it can be inferred that the Nb and Mo el
ements present in the filler wire injected into the weld pool are the main 
contributors to the enhanced solid solution strengthening in the FZ. 
Additionally, the presence of coarse dendritic and columnar grains (refer 
to Fig. 3 e)) in this region is the main reason for the weakening of the 
Hall-Petch strengthening mechanism. Interestingly, the contribution of 
dislocation strengthening in the FZ to the yield strength is comparable to 
that in the BM (≈127.2 MPa Vs. ≈128.6 MPa). At first glance, this may 
appear contradictory to the dislocation distribution captured in the BM 
and FZ through EBSD analysis (refer to Fig. 3 d)). However, this 
apparent discrepancy is related to the differences in the scanning range 
between EBSD and synchrotron radiation techniques [52]. The scanning 
range of EBSD is typically limited to the near-surface region of the 
sample, providing microstructural information only at the surface layer 
level, while it fails to capture the bulk dislocation information in this 
region, such as dislocation changes caused by residual stresses and lat
tice distortions. However, high energy synchrotron radiation can probe 
the material through thickness enabling to obtain bulk microstructure 
information. Moreover, the FZ, being the region directly subjected to the 
heat source during welding, inevitably experiences thermally induced 
strains, leading to residual stresses and lattice distortion in the thickness 
direction after rapid melting and cooling. However, EBSD is unable to 
capturing such effects in the depth direction due to its own limited 
scanning range, while synchrotron radiation technique can overcome 
this limitation and provide a more comprehensive observational capa
bility. Therefore, synchrotron radiation possesses a greater advantage 
over EBSD when in need to study bulk microstructure and strengthening 
mechanisms of the FZ. Here, it is important to note that the yield 
strength model employed in this study did not include a precipitation 
strengthening term, primarily due to two considerations. First, the me
chanical properties of the FZ matrix are difficult to define with precision. 
The FZ in this work is formed through the complete melting and mixing 
of Inconel 625 and CoCrFeMnNi HEA, resulting in a complex 
multi-component solid solution. The crystal structure and key mechan
ical parameters of this region - such as shear modulus (G), Burger’s 
vector (b), and Poisson’s ratio (ν) - are challenging to determine accu
rately. Without these critical parameters, applying the Orowan mecha
nism to quantify precipitation strengthening could introduce significant 
uncertainties, thereby undermining the reliability of the model. More
over, approximating the mechanical properties of the FZ by simply 
adopting those of either Inconel 625 or CoCrFeMnNi HEA would involve 
considerable assumptions and could compromise the model’s validity. 
To maintain the scientific rigor and credibility of the model, precipita
tion strengthening was therefore not explicitly incorporated in the yield 
strength calculation. Second, although precipitation strengthening was 
not directly calculated, its effect was indirectly considered through the 
dislocation strengthening mechanism. As discussed earlier, Nb-induced 
precipitates were primarily observed along grain boundaries in the FZ, 
where they acted as dislocation pinning sites. Their presence impeded 
dislocation motion, promoted dislocation accumulation, and increased 
the overall dislocation density - thereby enhancing the contribution of 
dislocation strengthening. Quantitative analysis of the strengthening 
mechanisms further confirmed that dislocation strengthening was the 
second most significant contributor to the yield strength in the FZ. Thus, 
although the Orowan-based precipitation strengthening was not 
explicitly included in the model, the precipitates still indirectly 
enhanced the mechanical strength by facilitating dislocation pile-up. 

This contribution is further elaborated upon in the strengthening 
mechanism analysis section.

In conclusion, the linear summed strengthening effects obtained are 
approximately ≈534.55 MPa (BM), ≈395.22 MPa (HAZ), and ≈456.86 
MPa (FZ), which are slightly lower than the experimentally obtained 
yield strengths in each region. This discrepancy between the calculated 
and experimental values can be attributed to the presence of precipitate 
phases.

4. Conclusions

This work conducted an in-depth investigation into the weldability 
of a gas metal arc welded joint of CoCrFeMnNi HEA using Inconel 625 
filler wire, as well as a comprehensive analysis of strengthening mech
anisms in different typical regions of the welded joints. The following 
conclusions can be drawn. 

1) Overall, the gas metal arc welded CoCrFeMnNi joints with the 
addition of Inconel 625 filler wire exhibits excellent welding per
formance, and no welding defects were observed, indicating a 
favorable metallurgical interaction between the Inconel 625 filler 
and the CoCrFeMnNi HEA.

2) The different regions of the welded joint exhibit distinct micro
structural features due to the weld thermal cycle. The observed 
recrystallization phenomenon as well as the coarsening of the grain 
structure was evidenced leading to a softening effect in the HAZ.

3) The Scheil-Gulliver model can be utilized to predict the solidification 
path and phase structure of the FZ. The results obtained from this 
model showed good agreement with microscopy- and synchrotron- 
based measurements.

4) The strain distribution during tensile loading of the joints shows a 
significant localization during the tensile testing of the joint. In the 
elastic stage, the strain is uniformly distributed. However, after 
reaching the yield point, the strain gradually localizes towards the 
interface of the HAZ and FZ.

5) The stress concentration at the weld toe is the primary cause of 
failure in welded joints, and this stress concentration at the toe 
originates from geometric imperfections in the face/root reinforce
ment and the presence of hard precipitated phases.

6) Different regions of the welded joint (BM, HAZ and FZ) exhibit 
different primary strengthening mechanisms. Hall-Petch strength
ening is the main contributor to the yield stress in the BM and HAZ, 
while solid-solution strengthening is predominant in the FZ.
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