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ABSTRACT

With the current advancements in materials science, the development of high entropy alloys (HEAs) is pro-
gressively increasing. Hence, research on their processability is essential to make them competitive alternatives
to common engineering alloys that are widely used in structural applications. One manufacturing technique
commonly employed in this sector is gas tungsten arc welding (GTAW). This technique allows to obtain single
monolithic parts from separate components, often at the cost of local microstructural and mechanical properties
variation across the joint. As such, GTAW processing is capable of supplying relevant knowledge regarding the
feasibility of joining new materials and their potential industry uptake. In this study, we present a comparative
analysis on the use of GTAW on two distinct multiphase high entropy alloys: CoCuyoFeMnNi and the CoCugg.
FeMnNi. Firstly, microstructural observations coupled with CalPhaD-based calculations and synchrotron X-ray
diffraction analysis, allowed to delve, and compare, the microstructural evolution across both welds. It was
possible to observe the dual phase nature of the microstructure throughout the welded joint alongside the
nucleation of a B2 BCC phase in the heat affected zone (HAZ) of both HEAs. Considering the mechanical
properties of the welded materials, results evidenced a poorer, yet still acceptable mechanical performance. The
observed decrease in mechanical strength is attributed to the residual stress conditions and large grain size that
developed owing to the process thermal cycle, which contrasted deeply with the microstructure of each base
material.

1. Introduction

and performance still needs to be researched. This is especially impor-
tant when a new promising HEA composition is developed. Concerning

Conventionally, the most common alloys utilized nowadays are
based on a principal element with small additions of other elements to
improve their properties. In 2004, however, the inception of what would
be called high entropy alloys (HEAs) took place, where the restrictions
related to the amount of each element in a metal were widened [1-4].
This granted a vast unexplored compositional space to become possible
allowing novel and unimaginable materials to be developed.

Although capable of showcasing outstanding properties, the pro-
cessability of HEAs and the effect of such processes on their properties
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the topic of processing, gas tungsten arc welding (GTAW) is a widely
used technique to achieve strong and permanent joints between inde-
pendent components. Nevertheless, given the high temperatures
generated to achieve joining, inevitably localized alterations to the
microstructure and mechanical behavior are prone to occur. Such al-
terations can appear in the form residual stress distribution and, in cases,
where different phases are expected to occur, phase fraction, alongside
the nucleation of unexpected intermetallic compounds [5-7]. Moreover,
the weld thermal cycle will also impact the size and morphology of the
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Fig. 1. Representative electron backscatter IPF macroscopic images of the welded joints of: (a) CoCuyoFeMnNi; (b) CoCuzoFeMnNi.
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Fig. 2. EBSD phase maps highlighting the initial condition of the (a) CoCuyoFeMnNi and (b) CoCuzoFeMnNi HEAs, alongside with the corresponding elemental

distribution in (c) for the CoCuyoFeMnNi and (d) for the CoCuzgFeMnNi BMs.

Table 1

— Elemental distribution of both HEAs of the EDS points marked in Fig. 2 a) and
b) (The predominant elements on each point are in bold, highlighting which
phase it corresponds to).

CoCuyoFeMnNi

Point Co Cu Fe Mn Ni

1 9 42.4 7.3 22.9 18.4
2 26.2 10.1 28.5 15.9 19.3
3 8.4 40.7 6.9 26.5 17.5
4 24.4 11.8 26.1 17.9 19.8
CoCugoFeMnNi

5 10.4 46.5 9.1 185 15.5
6 24.6 14.3 26.1 16.1 189
7 10.6 45.4 10.5 18.2 15.3
8 21.9 17.7 23.8 17.1 19.5

grain structure, which is conditioned as well by the previous base ma-
terial thermomechanical processing,

In this work, welding of two HEAs from the CoCuFeMnNi system is
performed. The difference between the two alloys mainly resides in the
amount of Cu in their composition. In one hand, we have an equiatomic
CoCuyoFeMnNi alloy, while in the other hand exists a non-equiatomic
CoCusoFeMnNi HEA. In both cases, these HEAs are characterized by
possessing at least two phases in their microstructure [8]. As such, the
available literature indicates that the main drive for research on these
two HEAs is their mechanical performance, with the equiatomic CoCu-
FeMnNi being able to reach up to 2 GPa, at the cost of ductility [9-11].
Furthermore, also worthy of mention are other studies, where focus is
given to the driving forces responsible for the formation of characteristic
dual phase microstructure and the subsequent correlation with me-
chanical performance [12-14]. Nevertheless, although these topics have
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Fig. 3. One axis equilibrium performed to evaluate the phase formation in
equilibrium  conditions. The calculations were computed using
TCHEAS databases.

been addressed, the processability, namely the weldability, and the
relation between the initial condition of the materials and their
post-processed state must also be analyzed. Currently, only the weld-
ability of the equiatomic CoCuFeMnNi HEA was assessed using laser
welding [15] and transient liquid phase bonding [16]. In both cases, it
was demonstrated the practicality of these alloys for engineering pur-
poses. However, the change in composition, especially the higher frac-
tion of Cu can potentially lead to defects associated to liquation
cracking. Moreover, the use of low-cost arc-based welding processing
was not yet attempted for these alloys, showing a gap in the existing
body of knowledge associated to the welding of HEAs at large.

With this in mind, in this study we seek to compare the differences
between the two mentioned HEAs, arising from GTAW. Such is achieved
by means of optical and electron microscopy, thermodynamic analysis,
and synchrotron X-ray diffraction on the full extension of the welded
joints. Furthermore, tensile testing and microhardness mapping allowed
us to correlate the microstructural features with the obtained mechan-
ical behavior of the welds.

2. Materials and methods

In this study, GTAW of two multiphase HEAs belonging to the
CoCuyxFeMnNi system, with a varying Cu content (x = 20 and 30), were
evaluated. Both equiatomic and non-equiatomic HEA ingots were cast
by employing vacuum induction melting using the mixture of raw ma-
terials with high purity (above 99.9 %). After homogenizing at 1000 °C
for 24 h, the rod-type specimen, with a diameter and length of ~11.5
mm and ~110 mm, respectively, was cut by electrical-discharge
machining. The machined rod-shaped samples were then rod-rolled to
a diameter of ~2 mm at room temperature.

Prior to welding, the samples were cleaned using acetone. The
optimized welding parameters were conducted using a single spot weld,
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where a welding current of 46 A was applied during 0.4 s. The welding
procedure was performed using a CITOTIG 2200 FORCE equipment.
Additionally, a constant flow of pure Argon (99,999 %) was maintained
to avoid oxidation and protect the joints.

For microscopical analysis, standard metallographic techniques were
followed, where optical micrographs were obtained after etching the
samples with a Nital 5 % solution, using a Leica DMI5000 M inverted
optical microscope. Advanced characterization was performed on a
TESCAN-CLARA, ZEISS-Merlin, field-emission scanning electron mi-
croscope (SEM) using electron backscattered diffraction (EBSD) and
energy dispersive X-ray spectroscopy (EDS) detectors, to acquire inverse
pole figure (IPF) and phase distribution and composition maps. To
further inspect the microstructural condition of the welded joints,
consecutive synchrotron X-ray diffraction (SXRD) scans were performed
throughout the full extent of the samples. Analysis of the SXRD data was
achieved using DIOPTAS [17] and GSAS II [18] combined with single
peak analysis using in-house developed python scripts.

The phase distribution and solidification paths attained during the
cooling of the molten pool were assessed via CalPhaD analysis, using
Thermo-Calc [19] (TCHEA 5 database) and correlated with the obtained
microstructure.

Electrochemical characterization was conducted in a standard three-
electrode setup using a potentiostat/galvanostat Interface 1010 from
Gamry Instruments. For such, samples from the obtained welded joints
in both HEAs served as the working electrode, while a platinum wire
acted as the counter electrode and an Ag/AgCl reference electrode was
utilized as the reference electrode. Firstly, each sample was immersed in
a 3.5 wt% NacCl electrolyte solution for 2 h to establish a steady state of
the open circuit potential (OCP). Then, potentiodynamic polarization
measurements were conducted at a scan rate of 1 mV/s, followed by
electrochemical impedance spectroscopy (EIS) measurements per-
formed across a frequency range of 1 Hz-100 kHz.

Mechanical characterization was performed using tensile testing
combined with digital image correlation (DIC). An Autograph Shimadzu
AG50KNG tensile machine equipped with a 50 kN load cell and oper-
ating at a 0.01 mm/s cross-head displacement speed was used. Analysis
of the post-fracture surfaces was performed on a Hitachi SUS8000 SEM.
Furthermore, microhardness mapping was conducted on a Mitutoyo
Micro Hardness Testing Machine HM-112 with a 0.5 Kg load, applied
during 10 s. A distance of 0.15 mm was kept between consecutive in-
dentations in both longitudinal and transverse directions.

3. Results and discussion
3.1. Microstructural characterization of the joints and CalPhaD analysis

After GTAW, welded joints with full penetration without any visible
defects were obtained. As such, standard metallographic preparation
techniques were employed on the CoCuyFeMnNi (x = 20 or 30 at. %)
welded samples. Fig. 1 depicts representative electron backscatter
diffraction inverse pole images (EBSD IPF) of the resulting joints.

At a first glance it is possible to observe that in both cases large and
highly aligned columnar grains grew from the base material (BM) to-
wards the center of the fusion zone (FZ), differing massively from the
highly deformed microstructure that composes the BM. In fact, the
microstructure of the BM corresponds to the black (non-indexed) regions
of the EBSD IPF maps, where the highly distorted microstructure pre-
vents proper indexation of the Kikuchi patterns. Nevertheless, the
impact of the heat input on the heat affected zone (HAZ), formed be-
tween the non-affected BM and the FZ, is clear due to the existence of a
refined grain structure with an average grain size of 4.56 + 0.61 pym and
4.54 + 1.26 pm, for the CoCuyFeMnNi alloys with x = 20 or 30,
respectively. It should also be noted that at the fusion boundary there is
the development of a refined grain structure, due to the high cooling
rates imposed by the cold (previously BM now HAZ) supporting mate-
rial. This refined grain structure will then be used as support for the
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Fig. 4. Microstructural analysis at the fusion boundary, highlighting the optical microscopy image of the (a) CoCuyoFeMnNi HEA and (b) CoCuzoFeMnNi HEA and
corresponding EBSD IPF and phase maps in (c) and (e) for the CoCupoFeMnNi, and phase maps in (d) and (f) for the CoCuzoFeMnNi HEA.

development of the large columnar grains observed in the FZ. Further-
more, observing the microstructure at the FZ centerline it is also possible
to highlight that the variation in Cu content effectively caused different
microstructural features to develop upon solidification of the molten
pool, although the same welding conditions were used for both mate-
rials. In other terms, the synergistic influence of different thermophys-
ical properties and composition coupled with different solidification
paths will render different microstructures between the joints.

The highly oriented and columnar grains that developed during
GTAW will introduce anisotropy on the mechanical properties in the FZ.
This fact, combined with the existence of a highly deformed micro-
structure in the BM and of a small equiaxed grain structure in the HAZ,
compounded by the columnar grains in the FZ, render the expectation of
an inhomogeneous mechanical behavior across the joint.

Fig. 2 showcases the initial condition of the two BM prior to welding.
It can be observed that in both cases the microstructure is comprised by
interlayered elongated stripes corresponding to two different FCC pha-
ses (as seen by in EBSD phase maps in Fig. 2 a) and b)). Further char-
acterization using EDS allows to characterize the phase’s composition,
as detailed in Fig. 2 ¢) to d). The elemental mapping data reveals that
one of the FCC phases in both materials is rich in both Co and Fe, while
the other FCC is primarily Cu- and Mn-rich. For this reason, from this
point we address these two FCC phases as the Co, Fe-rich phase and the
Cu-rich phase. It is also possible to observe that the CoCugoFeMnNi has a
higher amount of the Cu-rich phase within it, which is related to its
higher nominal content of Cu. Such is also highlighted in Table 1, where

EDS point analysis results marked in Fig. 2 a) and b) are showcased.

As the phase distribution on both BMs is highly dependent on the
processing conditions prior to welding, the associated phase diagrams
depicted in Fig. 3 allow to infer on the possible phases passible to occur
in the alloys during their thermomechanical processing. In both cases, at
high temperatures liquid first solidifies into a FCC phase (FCC #1).
Eventually, at ~930 °C a different FCC phase (FCC #2) starts to form as
part of a solid state transformation, as Cu and Mn diffuse into the FCC #1
grain boundaries, thus giving origin to the two mentioned major phases
that were previously shown in Fig. 2 a) and b). Beyond these two phases,
of relevant notice is also the formation of a B2 BCC phase, which is
formed at =560 °C, for both alloy compositions. This cooling path is
compliant with that found in the literature [8,20,21]. As such, it is
important to highlight that the formation of the different FCC phases
occurs in the solid state through solute diffusion.

Nevertheless, although phase diagrams can yield a basic under-
standing of the solidification of an alloy, these only consider equilibrium
conditions with infinitively fast diffusion in both the liquid and the solid
phases. Such is seldom achieved in real life processing conditions,
especially during any fusion-based welding process, providing in this
way sufficient conditions for other (metastable) phases to occur in the
weld microstructure. However, in a first instance it allows us to infer
upon the possible phases that may form upon the solidification of these
HEAs. Further analysis is made through Scheil-Gulliver calculations,
detailed further ahead in this paper, when analyzing the FZ micro-
structure evolution (in Fig. 5).
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Fig. 5. (a) Simulation of the non-equilibrium solidification using Scheil-
Gulliver method, and (b) partition coefficient of the elements throughout
solidification.

Attention is now devoted to the fusion boundary (FB), and the re-
gions surrounding it: the HAZ and FZ. From the HAZ we can observe that
the microstructure is characterized by near equiaxed grains within
elongated packs of the domains that contain the two FCC phases. From
this, we can also observe grain growth phenomena that caused larger
grains to develop with increasing size, when approaching the FZ. Such is
particularly visible in Fig. 4(c) and (d).

The columnar dendritic nature of the FZ contrasting with the grains
beyond the FB towards the BM can also be identified here, comprising
also both FCC phases. We can qualitatively observe in the EBSD phase
maps (refer to Fig. 4 ) and f)) that the CoCugoFeMnNi alloy comprises
more of the Cu-rich FCC phase than the CoCuyyFeMnNi in the corre-
sponding FZ. Additionally, by complementing the IPF maps of Figs. 1
and 4 we can see that the grain size exhibited by this region is larger than
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any of the other regions of the weld, given the competitive growth
phenomena that occurs during welding. This occurs as the grains present
in the region that will comprise the HAZ, acts as a platform for new
grains to grow in the maximum temperature gradient, which is aligned
perpendicularly to the FZ centerline. As these new grains form,
competitive growth takes place, where those which have their growth
direction aligned with the easy growth direction (<001> for FCC ma-
terials) tend to grow faster and larger than those that are aligned in other
directions. Such tendency can be seen in the IPF maps of Fig. 1, where
the most grains in the FZ have a red color tone, corresponding to a
predominant <001> orientation.

Furthermore, given the already mentioned non-equilibrium solidi-
fication conditions to which the molten pool is exposed to during
welding (on both types of materials), the solidification paths can deviate
from those calculated considering only equilibrium conditions. As such,
to evaluate the microstructure under non-equilibrium conditions Fig. 5
a) displays the solidification curves of both alloys using the Scheil-
Gulliver methodology available.

The solidification path details that for the CoCugoFeMnNi alloy, the
liquid phase starts to solidify at ~1270 °C, with a solidification range of
~310 °C. Additionally, for the CoCugpFeMnNi case solidification starts
at ~1250 °C, ending at 910 °C, corresponding to a solidification range
of ~340 °C. Thus, it can be inferred that the addition of Cu in the ma-
terial is beneficial to lower the solidification temperature range, which is
often associated to hot cracking during welding. In both cases, the so-
lidification curves only indicate the formation of a Co, Fe-rich FCC
phase. A possible reason for the non-existence of the Cu-rich phase can
be due to the fact that the Scheil model only assumes infinitively fast
diffusion in the liquid, while neglecting the diffusion phenomena
occurring in the solid phases. Nevertheless, according to the phase di-
agram, the Cu-rich FCC phase only forms at lower temperatures, after
the liquid was fully consumed. This would be expected as the Scheil-
Gulliver simulation does not consider diffusion on the solid state,
which is the cause for the formation of a second FCC phase. To further
detail the evolution upon solidification, we now turn to identify how
elemental segregation occurs along the predicted solidification paths,
considering the partition coefficient of all elements in the Co, Fe-rich
phase during solidification, not considering solid-state trans-
formations. These results are displayed in Fig. 5 b).

The partition coefficient can be calculated by dividing the concen-
tration of an element on a solid phase and the concentration on the
liquid. In this sense, if the partition coefficient attains values superior to
1, this means that such solid-state phase is being enriched by these el-
ements. Should the partition coefficient reach values lower than 1, this
indicates that such element is being segregated into the interdendritic
liquid. Given this, the partition coefficient can help us to understand
how the elements tend to be distributed within a forming dendrite. That
is, the mole fraction of solid values that are closer to zero, correspond to
when the liquid is starting to solidify, having a wide amount of all ele-
ments available for the formation of any solid phases. Such corresponds
to the dendritic cores, which are the first regions to solidify. Contrarily,
when the mole fraction of solid reaches values closer to 1, it means that
the elements that are still available within the liquid eventually solidify
at the interdendritic regions.

Considering the CoCugoFeMnNi case, it is possible to observe that the
Fe and Co elements partition coefficient curves have a similar behavior,
where it is possible to see that up to an approximately 0.80 mol fraction
of solid, these tend to increase, meaning that the initially formed phase
is being enriched by these elements. From that point on, their partition
coefficient tends to decrease, indicating that the regions further away
from the dendritic cores are getting depleted of these elements. How-
ever, when the mole fraction of solid is above 95 %, a sharp increase in
the partition coefficient of Co, Fe and Ni can be observed. Particularly, in
the case of Ni, the partition coefficient starts below 1 and exhibits an
increasing tendency throughout all solidification path, meaning that the
newly formed dendrites are getting enriched with this element. Finally,
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Fig. 6. Microstructural analysis of the fusion zone on the (a) CoCuyoFeMnNi and (b) CoCuzoFeMnNi HEAs in the as-welded condition, and corresponding EDS line

scans (¢) and (d).

the partition coefficient of Co and Mn is also consistently increasing.
This indicates that we can expect a Cu and Mn concentration peak at the
dendritic interfaces, as these elements are consistently being segregated
into the liquid.

A similar behavior can be seen in the CoCuzgFeMnNi case. However,
here the Fe and Co peak occurs at an earlier stage, when the mole
fraction of solid reaches a value of nearly 0.65. In this case elemental
segregation is even more obvious, as the dendritic regions away from the
core become depleted of these elements.

With this information it can be concluded that the dendritic cores are
richer in Fe, Co and Ni, while the dendritic boundaries tend to be richer
in Cu and Mn upon solidification. As such, it is possible to conclude that
with further cooling, the formation of the Cu-rich FCC phase at the
dendritic grain boundaries is eminent and very likely to occur, but as a
solid state transformation. These thermodynamic-derived results agree
with the EDS data obtained in the FZ of both welds displayed in Fig. 6. In
fact, the element distribution results show coherence with the predicted
compositional distribution obtained considering the partition coeffi-
cient, especially in the Co, Fe-rich phase and the Cu-rich phase, which
also has Mn in a lower percentage in its constitution. However, it would
have been expected a higher amount of Ni in the interdendritic region,
which is not the case for both alloys’ welded joints, as the EDS indicates
that the Co, Fe-rich phase has more Ni than the Cu-rich phase. Such can
be explained by the fact that no diffusion in the solid phase was
considered for these non-equilibrium thermodynamic calculations.
Additionally, the assimilation of Ni in the Co, Fe-rich dendrites can also
occur in later stages of temperature decrease, as the Cu-rich phase starts
to form.

3.2. Synchrotron X-ray diffraction of the welded joints

The phases present in the welded joints are further unveiled by the
SXRD patterns displayed in Fig. 7 a), b), and c) corresponding to the BM,
HAZ, and FZ, respectively. Such allows us to inspect on the potential
formation of other phases in the material, that otherwise cannot be
identified by either conventional or advanced microscopy (due to
limited surfaces areas for analysis available, whereas high energy syn-
chrotron radiation allows to work in transmission mode over wider re-
gions, yielding improved statistics).

Starting from the BM, as expected it is possible to identify the two
phases sharing the same FCC crystal structure and similar lattice pa-
rameters. Furthermore, analysis of the patterns corresponding to the
HAZ reveals significant changes. Phase identification in this region al-
lows to observe precipitation of a B2 BCC phase (at a lower intensity
level) in the region of the joint for both alloys. Such a phase is predicted
by one axis equilibrium diagrams (refer to Fig. 3) to nucleate at relative
lower temperatures than the Cu-rich FCC (B2 BCC nucleates at ~560 °C),
which highlights the different thermal processing conditions that arose
from the exposure of the solid-state material to the high temperatures
impending from the molten pool. Nevertheless, in the FZ no indication of
the formation of this B2 BCC was encountered in the patterns, only the
two main FCC phases were encountered. This is coherent with the results
obtained from the EBSD data and CalPhaD simulations.

The lattice parameters of these phases were determined from the
diffraction patterns using Rietveld refinement (via GSAS II) and are
depicted in Table 2. Here, the BM results show proximity to the HAZ and
FZ, although with slight deviations which is to be expected given the
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Table 2
A Cu-rich FCC L J CO, Fe-rich FCC *B2 Lattice parameter in the HAZ and FZ (rounded to the fourth decimal case).
/. . Phase Crystal structure CoCuyoFeMnNi CoCuszoFeMnNi
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A o) CoCu,,FeMnNi BM  Co, Fe- FCC (Fm —3 m) 3.6008 3.6025
rich FCC
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Fig. 7. Representative synchrotron X-ray diffraction patterns, from both HEAs
welded joints on the: (a) BM, (b) HAZ, and (c) FZ.

different microstructure exhibited in each of these regions.

Further analysis of the synchrotron diffraction data reveals the phase
volume fraction present in the base material of each alloy: the CoCugg.
FeMnNi BM is composed of 68.3 % of the Co, Fe-rich phase, while the
remaining is Cu-rich FCC; for the CoCugpFeMnNi the fractions change to
62.8 % for the Co, Fe-rich phase, and 37.2 % of the Cu-rich phase. The
phase fraction data obtained for the diffraction experiments is in good
agreement with the EBSD phase maps, as previously shown in Fig. 2.
Additionally, these results are also in accordance with the thermody-
namical data shown in Figs. 3 and 5 b), since the Cu-rich phase nucleates
at lower temperatures (thus being in a lower fraction), while Cu tends to
migrate towards grain boundaries upon solidification in both HEAs.

Given the microstructure alterations occurring in the HAZ and FZ on
both alloys, the phase volume fraction of each phase is also bound to
differ from the BM. As such, starting on the HAZ of the CoCugoFeMnNi
HEA, the results indicate that the phase volume fractions of each of the
phases is 61.2, 34.1 and 4.7 % for the Co, Fe-rich, Cu-rich and B2 BCC
phases, respectively. For the CoCugpFeMnNi HEA, however, the phase
volume fraction distribution is 58.2, 39.5 and 2.3 % corresponding to
the Co, Fe-rich FCC, Cu-rich FCC and B2 BCC.

Furthermore, the FZ is the region, where there is a more notorious
modification in the phase fractions between both alloys. Here, the
CoCupoFeMnNi HEA exhibits an overall amount of 78.9 % of the Co, Fe-
rich phase (with the remaining 21.1 % corresponding to the Cu-rich
phase), while the CoCusgFeMnNi HEA has a 51.1 and 48.9 % percent-
age of the Co, Fe-rich phase and Cu-rich phase, respectively. These phase
volume fraction values contrast with those exhibited by the BM, which is
mainly due to the different processing methods that each region of the
weld was subjected to. Furthermore, the variation on phase volume
fraction on the FZs of both joints can be related to the fact that the Cu-
rich FCC nucleates at an earlier stage in the CoCusgFeMnNi HEA, thus
yielding a larger amount of this phase on the corresponding FZ.
Nevertheless, such phase volume fraction distribution may have a
considerable influence on the final mechanical behavior of the resulting
joints.

Nevertheless, before we delve into the mechanical properties of the
welded joints, another important topic of discussion concerns the
microstrain variation. The microstrain changes along the welds can be
derived from the change in lattice parameters exhibited by each phase as
obtained by SXRD. Such allows us to infer on the residual stress condi-
tion of the welds and role of the weld thermal cycle along the different
regions of the joint. However, calculation of the microstrain requires
knowledge of the unstrained interplanar spacing (dy) of each of the
phases in both materials. Using single-peak fitting, analysis was per-
formed in the (311) diffraction peak of each of the FCC phases, and the
(211) for the B2 BCC phase was also to retrieve the values for interplanar
spacing (d) along the joints. The choice of these peaks for this analysis is
based on their insensibility to intergranular strains in the FCC and BCC
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Fig. 9. Comparison between the polarization curves of the CoCuyFeMnNi (x =
20,30) BMs alongside with the corresponding FZs.

crystal structures, respectively [22]. The variation is depicted in Fig. 8.
In both cases, it is evidenced that the d values are constant in the BM,
which was expected. Eventually, the presence of the B2 BCC phase
marks the beginning of the HAZ, where the d-spacing for this phase
tends to decrease. As the B2 BCC diffraction peaks disappear, the HAZ in
both welds continues until reaching the fusion boundary, where an in-
crease on the d-spacing can be observed in the Co, Fe-rich FCC phase.
The disappearance of the B2 BCC phase is related to the temperature and
time to which a given region of the weld was subject to. Being located in
the region of the HAZ further away from the FZ (where the maximum
temperatures are attained), the conditions for the nucleation of the B2
BCC phase are granted, given that this phase is characterized by its
nucleation at relatively lower temperatures, as indicated in Fig. 3.

Furthermore, in the FZ a consequent decrease on the d-spacing of the
Cu-rich phase can also be observed, such is related to the marked impact
in the microstructure caused by the GTAW. This disparity in d-spacing
values is especially visible in the CoCuggFeMnNi welded joint, where a
not so smooth evolution translates the complex microstrain state of the
joint at the fusion boundary. Nevertheless, eventually in the bulk of the
FZ the d-spacing values evidence a decrease, achieving values closer to
those exhibited by the BM.

3.3. Electrochemical characterization of the joints

To assess the corrosion behavior of the welded joints, the two
extreme microstructural conditions of the joints, that is BM and FZ, were
analyzed. As such, representative anodic polarization curves comparing
the BM and FZ of both types of samples are displayed in Fig. 9. Using the
Tafel model [23,24], the corresponding corrosion currents, I.oy, Were
extrapolated to be 24.8 pA/cm? for the CoCuggFeMnNi BM and 28.2
puA/cm? for the CoCugoFeMnNi BM. Considering the corresponding FZs,
the extrapolated I. for the CoCuyFeMnNi case was 94.9 pA/cmZ,
while for the CoCusoFeMnNi joint the value was 153.3 pA/cm?. Such
allows us to verify that deterioration of the corrosion behavior can be
seen in both cases when comparing the BMs to their corresponding FZs,
being more prominent in the CoCuggFeMnNi HEA case.

On the other hand, comparison of the corrosion potential, Ecq,y, for
each condition, revels that for the CoCuyoFeMnNi case, the BM and the
FZ showcase values of —0.891 V and —0.894V, respectively. These
however, contrast with those extrapolated in from the CoCusoFeMnNi
joint, where the BM, corresponding to —0.667 V, exhibits a significantly
higher value than its corresponding FZ (—0.806 V). This indicates that
the CoCuggFeMnNi HEA has a lower tendency to corrode than the other
analyzed regions.

Likewise, the EIS measurements, performed the BM and the FZ of
both samples are presented in Fig. 10, in terms Bode and Nyquist dia-
grams. There it is possible to observe that, at low frequencies, the
impedance modulus, |Z|, of the BMs reach values up to 50.3 Q for the
CoCugoFeMnNi HEA and 528.4 Q for the CoCusgFeMnNi HEA.
Conversely, for each analyzed FZ the maximum measured values were
63 Q and 141 Q, respectively. Additionally, the maximum values
attained for the phase angle was ~-0.27° for the CoCuyoFeMnNi BM and
~-0.7° in the CoCuzgFeMnNi BM case. Similar values were noted for the
CoCugoFeMnNi FZ, corresponding to ~ -0.35°, while in the



J.G. Lopes et al.

10° T T T 0
--10
©
-
- &
G m
— 1}
N @
o
- -60
10° T T T T -70
10° 10* 10? 10° 10* 10°
Frequency [Hz]
10° T T T 0

Intermetallics 173 (2024) 108439

1Z11a]

[,] @|8ue aseyq

-70

10°

10? 10° 10* 10°
Frequency [Hz]

10° 10*

10° (@». T - rreereery O
L-10
o
; 20
10% 4 )
3
I} o r-30 ®
= o 2
N B @
uu (@) . F-40 -
40 —_—
10ty = = ! —
Fp"“ i b L -50
' 20 .
Fy
/ - -60
10 20 30 40
Z.0
10° T T T T -70
10° 10* 10? 10° 10* 10°
Frequency [Hz]
10 T T - T 0
@) o= T
Dﬁ
o
0 -5
10’4 g ©
o >
I5) @
— P = - -10 g
s ® ;][ ¢
20 § ™
10" 4 g ; =
10 F
! l‘/ +-15
0
110 120 130 140 150
Z,.400)
10° o e vy . -20
10° 10! 10? 10° 10* 10°

Frequency [Hz]

Fig. 10. EIS measurements of the welded joints: (a) and (b) are the Bode and Nyquist diagrams of the CoCuyoFeMnNi BM, respectively, while (c) and (d) are the Bode
and Nyquist diagrams of its corresponding FZ; (e) and (f) correspond to the Bode and Nyquist diagrams of the CoCuzoFeMnNi BM and (g) and (h) are the Bode and

Nyquist diagrams of the CoCugoFeMnNi FZ.
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CoCugzoFeMnNi welded HEAs. Comparison of the hardness variation taken from
the middle line of the map is displayed in (c).

CoCuszoFeMnNi FZ a distinct behavior from its corresponding BM was
verified, these measured to be ~ -0.66°.

Overall, these values agree with those expected from the polarization
curves, where the corrosion behavior of the CoCusgFeMnNi FZ is
significantly more different than its corresponding BM, which in the
CoCuyoFeMnNi joint is not as obvious. From this we can infer that the
microstructure in terms of the synergistic effect of dislocation density,
phase fraction and composition in each welded region, are prone to be
important factors to the optimization of the electrochemical properties
of the joints on both HEAs.

3.4. Mechanical properties assessment via microhardness mapping and
tensile testing

Considering the evolution of microstructure and the microstrain
distribution previously unveiled, it is important to evaluate the me-
chanical performance of the welded joints to assess their potential use as
part of structural components. This is the premise on which the in-
spection of such novel metals using welding technologies is based on.
Fig. 11 displays the microhardness distribution along each welded joint.
A major difference between samples is the extension of each weld, where
the FZ of the CoCuyoFeMnNi is larger than that of the CoCugoFeMnNi
HEA (=2.7 mm vs ~ 2.55 mm). This can be explained by the different
thermal dissipation conditions granted by each phase upon their
nucleation on the welded joints, clearly suggesting that the thermal field
experienced by this portion of the welded joints is different.

As such, thermal conductivity calculations per phase were performed
based on the nominal compositions of both alloys. The results evidence
that upon its nucleation and subsequent phase transformations, the Co,
Fe-rich FCC phase holds an approximately constant thermal conduc-
tivity value of 23 W/mK. The same, however, is not the case of the Cu-
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rich FCC, where the thermal conductivity increases from ~54 W/mK
(upon its nucleation) to ~ 100 W/mK (at 500 °C), in the CoCugoFeMnNi
case. For the CoCuggFeMnNi HEA, as the Cu-rich FCC begins to nucleate
at a an earlier stage (refer to Fig. 3), its thermal conductivity goes from
~27 W/mK reaching ~ 100 W/mK at 500 °C). This allows us to infer that
heat dissipation conditions were different between welded samples,
although the same welding parameters were utilized, thus resulting in
different dimensions for the HAZ and FZ. This is also coherent with the
larger extent of the region containing the B2 BCC phase on the
CoCuyoFeMnNi material, highlighting that heat transfer was more effi-
cient in the CoCugpFeMnNi case, by not providing sufficient time for
more B2 BCC to form (as it would be expected from the one-axis equi-
librium diagram in Fig. 3).

Overall, the microhardness distribution in both types of samples is
similar. The results reached a maximum of ~361 HVsq in the BM and a
minimum of ~137 HV5( in the FZ. Such decrement in the microhardness
of the FZ can be related with the large grain size characteristic of this
region visible in Fig. 1.

Further analysis of the mechanical properties was done by per-
forming tensile tests. Representative stress-strain curves of both BMs and
corresponding welded joints are displayed in Fig. 12 a). As it is possible
to observe from the tensile behavior of both BMs, the CoCuzgFeMnNi
HEA reached a higher elongation than the CoCuyoFeMnNi HEA, with
corresponding values of 9.1 and 4.2 %, respectively. Considering the
ultimate tensile strength (UTS), the CoCuyoFeMnNi BM possesses a
slightly lower strength than the CoCuzoFeMnNi HEA: 902 vs 942 MPa,
respectively. These results indicate that the Cu enrichment on the
composition positively contributes to its mechanical performance. This
occurs as the increase of Cu as alloying element on the composition of
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the CoCugoFeMnNi HEA, contributes to an enhancement in its ductility,
allowing it to become more ductile as the fraction of Cu-rich phase also
increases. The higher amount of this ductile phase, combined with the
remaining Cu confined in the Fe, Co-rich FCC, then translates into the
increase in ductility on the HEA.

Considering the resulting welded joints, however, it can be observed
that the tensile properties of both materials deteriorated considerably,
with the Cu-lean HEA possessing a strength of 437 MPa, while the Cu-
rich reached 368 MPa. As for the elongation, the welded joints per-
formed poorly compared to their BMs counterparts. However, the drop
in elongation was more significant for the CoCuzpFeMnNi case (8.6 vs
2.5 %), rather than the Cu-lean alloy (3.8 vs 3.3 %). This decrement in
both strength and elongation primarily stems from the microstructure
changes induced by the weld thermal cycle. In fact, the gradient of
microstructures that are found in both joints (deformed grains in the BM,
small equiaxed grains in the HAZ and predominantly large columnar
grains in the FZ), will render not only an heterogenous deformation
behavior. In fact, strain will tend to be concentrated in the low hardness
FZ, which is further compounded by the anisotropic behavior arising
from the columnar grain structure present at this region of the joint.

Such factors are further intensified by the microstrain distribution in
the CoCuspFeMnNi welded joint (refer to Fig. 8). Here it is possible to
infer that the local strain concentration is higher near the fusion
boundary than in the bulk of the FZ. The same does not occur in the Cu-
lean weld, where a smooth microstrain transition from the BM to the FZ
can be observed. Additionally, the phase fraction ratio between the
major FCC phases can also be detrimental to the mechanical perfor-
mance of the welds, as the higher content of the Cu-rich FCC can be
detrimental to the maximum strength achieved by the alloy, although
granting it more ductility, when a homogenous microstructure distri-
bution can be found (as in the case of the BMs).

Nevertheless, evidence of the relatively poor mechanical perfor-
mance of the welded joints can be found in Fig. 12 b) and ¢), taken prior
to fracture during tensile testing. Here it is possible to observe that the
fusion zone, being the softest region in both materials, is also the loca-
tion, where most of the strain is sustained, leading to fracture in this
region in both cases. These results are coherent with the impact that the
microstrain levels encountered in the welds (refer to Fig. 8) on the local
strain distribution, which is observed via DIC. Given this, it is possible to
observe that the mentioned sharper increase of d-spacing at the fusion
boundary on the CoCugoFeMnNi weld results on the fracture on this
region, instead of the center of the FZ, which is the case of the Cu-lean
welded joint.

The fracture surfaces of the joints are shown in Fig. 13. In both cases
there is evidence of interdendritic cracking, occurring as brittle type of
failure. Such is caused by the inhomogeneous phase distribution on the
FZ, alongside their compositional differences. This results in the previ-
ously mentioned anisotropy of mechanical properties on the different
regions within the material, which can then generate stress concentra-
tion in between the interdendritic boundaries, making them susceptible
to cracking. With progression of the tensile test, small sized fractures are
formed amongst the large dendritic grains. As these fractures coalesce,
the inevitable failure of the joints occurs, leaving behind dendritic
markings on the surface.

4. Conclusions

The present study highlighted the differences in microstructure and
mechanical performance arising from the gas tungsten arc welding on a
CoCuyFeMnNi (x = 20,30) HEAs. The results showed that although
defect-free joints could be achieved, the mechanical performance was
diminished. The main reason being the inhomogeneous microstructure
achieved throughout the weld.

Furthermore, in terms of microstructure, multiple characterization
methods allowed to observe the phase distribution of both welded HEAs,
comprised by two different major FCC phases. Of special notion, high
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Fig. 13. Fracture surfaces of welded specimens: (a) CoCugoFeMnNi and (b) CoCugoFeMnNi welded joints and corresponding detailed views in (c¢) and (d),

respectively.

energy synchrotron X-ray diffraction permitted to observe that the major
differences between the welded samples resided on the phase fraction
distribution developed upon welding. Through this technique, it was
possible to identify a B2 BCC phase in the HAZ, which is predicted by
thermodynamic calculations.

Additionally, electrochemical characterization of the joint revealed
that upon welding the corrosion properties of each FZ are deteriorated.
This effect was more evident in the CoCuzpFeMnNi material. However,
further analysis of the corrosion behavior of the joints envisages a
comprehensive analysis of the interplay between the various micro-
structural features (including dislocations and phase composition) and
their distribution on each region of the weld.

Moreover, the welded joints mechanical performance is significantly
lower than those of the original BM, with the CoCuzoFeMnNi case being
the one that exhibited a higher contrast in the maximum strength and
ductility achieved during tensile testing. Such is a product of the
different microstructures across the joint combined with the microstrain
developed throughout the welds upon the non-equilibrium solidification
of the molten pool. These can facilitate crack initiation upon mechanical
solicitation, especially when large grains of two dissimilar phases, with
very different compositions, are present in the microstructure.

As such, future work should envisage the use of post-weld heat
treatment to modify and improve the microstructure and mechanical
properties of these welded joints. The grain size disparity between the
BM and the FZ is also of major concern, as achieving a FZ comprising
refined grains can play an important role in improving the mechanical
performance of the welded HEAs. Taking this into consideration,
research on how the phases present within the microstructure interact
with each other during loading is also a relevant topic, as it can supply
the grounds to further improve these HEAs concerning their weldability
and consequent mechanical performance.
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