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A B S T R A C T   

Additively manufactured components often exhibit pronounced anisotropy due to the heterogeneous micro
structure generated by the complex and repetitive thermal cycling history. Grain orientation is one of the 
determinant microstructural features that influences the activation of different deformation mechanisms. In this 
work, laser powder-bed fusion (LPBF) was applied to fabricate Fe49.5Mn30Co10Cr10C0.5 interstitial-strengthened 
high entropy alloy (iHEA). Fabrication was performed at angles of 0◦ and 90◦ relative to the main laser scanning 
direction, and the plastic deformation behavior of these two oriented specimens was studied. The initial 
microstructure of the LPBF-built iHEA was composed of a complex heterogeneous columnar grains containing 
high-density dislocation network and a large number of stacking faults, as well as nano-precipitates and 
elemental segregation of Mn at subgrain boundaries. During uniaxial tension in-situ high-energy synchrotron X- 
ray diffraction (HE-SXRD) was performed to track the deformation processes and mechanisms of this metastable 
iHEA. The influence of different deformation mechanisms on the mechanical responses of the current LPBF-built 
iHEA was scrutinized combining in-situ HE-SXRD with electron backscattered diffraction (EBSD) and trans
mission electron microscopy (TEM) analyses, which not only gives insights into the macrostructural evolution 
but also provides comprehensive characterization on microstructural responses and the orientation-dependent 
effects imposed by the fabrication constraints originally imposed. The implemented multiscale characteriza
tion revealed the presence of a strain-induced fcc to hcp phase transformation, which is influenced by the growth 
texture close to <110> along the building direction. Moreover, EBSD and TEM analysis of the fracture regions 
uncovered the formation of nanosized deformation twins, confirming the simultaneous activation of phase 
transformation- and twinning-induced plasticity (TRIP and TWIP) effects. The results obtained in this work gain 
new insights into orientation-dependent deformation behavior of additively manufactured iHEA, which facili
tates the microstructural design when exploiting the TRIP/TWIP effects.   

1. Introduction 

In recent years, high entropy alloys (HEAs), a novel alloy design 
strategy consisting of at least five principle elements, have received 

increasing research attention as a result of their broad compositional 
space and superior properties on various fronts, especially the extraor
dinary combination of strength and ductility in mechanical response in 
broad temperature ranges [1,2]. Among the main HEAs systems studied, 
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the interstitial-strengthened Fe49.5Mn30Co10Cr10C0.5 HEA (iHEA) has 
aroused ever-growing attention due to its multiple microscopic defor
mation mechanisms [3–5]. Specifically, it has been reported that this 
fcc/hcp dual-phase iHEA can simultaneously exhibit different defor
mation mechanisms including dislocation slip, nano twinning- and 
phase transformation-induced plasticity (TWIP and TRIP, respectively) 
during plastic deformation, resulting in an outstanding 
strength-ductility combination [5]. During TWIP and TRIP, the forma
tion of twinning and phase interfaces creates effective barriers for the 
movement of dislocations, leading to a dynamic Hall-Petch effect, which 
contributes to the steady work hardening rate and delays necking failure 
[6–8]. The high density of twins and phase transformation behavior 
originate from the low stacking fault energy (SFE) in this Fe49.5Mn30

Co10Cr10C0.5 iHEA, which depends on chemical composition and 
deformation temperature [9]. Additionally, phase transformation and 
nano-twinning behavior have been found to correlate with the orien
tational relationship between the overall grain orientation and the 
loading direction [10], suggesting the possibility for tailoring the me
chanical properties through the manipulation of the preferential crys
tallographic texture during a given manufacturing process. 

In the Fe49.5Mn30Co10Cr10C0.5 iHEA manufactured by traditional 
methods including casting and subsequent thermomechanical treat
ment, microstructures with specific grain size distributions are generally 
favored, such as heterogeneous and bimodal grain structures [11,12]. 
Additional deformation accommodation capabilities can be provided 
through the introduction of storage dislocations, stacking faults, defor
mation twins, as well as Lomer-Cottrell (L-C) locks, thereby resolving the 
long-standing strength-ductility trade-off problem. The conventional 
manufacturing methods employed previously contributed greatly to the 
comprehensive understanding of this Fe49.5Mn30Co10Cr10C0.5 iHEA. 
However, from an industrial point of view the adoption of iHEAs cannot 
be restricted to the relatively simple geometries as those enabled by 
conventional manufacturing routes. 

Additive manufacturing (AM), also known as 3D printing, is widely 
acknowledged as a technique for building parts layer by layer with 
minimal material loss when compared to traditional subtractive 
manufacturing methods [13]. Based on a computer-aided design model, 
this layer-by-layer process allows the fabrication of near-net-shaped 
metallic components with complex geometries [14]. Laser powder-bed 
fusion (LPBF) is a laser-based AM method that uses a high-energy 
laser to melt the raw material powder, which is previously spread on a 
substrate [13–15]. The LPBF process is suitable for the fabrication of 
metal-based materials including HEAs [2,5,10]. During LPBF, the ther
mal history experienced by the materials involves a steep directional 
temperature gradient along the building direction. This results in 
strongly textured coarse columnar grains along the building direction, 
which can lead to anisotropic mechanical behavior of the fabricated 
components [16]. Therefore, it is necessary to gain a thorough under
standing of the deformation processes and mechanisms governing these 
mechanical responses, which will allow for the development of predic
tive approaches to facilitate further applications of AM techniques. 

Nowadays, time-resolved high-energy synchrotron X-ray diffraction 
(HE-SXRD) provides unique insights into the deformation processes, 
which is fundamental to better understand the competition between 
different deformation mechanisms including dislocation slip, deforma
tion twinning, and phase transformation. Combined with the use of 2D 
detectors, the high penetration enabled by the use of high-energy pho
tons allows for a fast acquisition of the full Debye-Scheler rings 
capturing bulk microstructure information in a single beam shot under 
one second, which is very suitable for studying thermal and/or me
chanical loading processes of metallic materials [17–19]. 

In the present work, tensile specimens of Fe49.5Mn30Co10Cr10C0.5 
alloy were fabricated by LPBF under two conditions: 0◦ and 90◦ relative 
to the main laser scanning direction. During tensile deformation, HE- 
SXRD and electron backscattered diffraction (EBSD) techniques were 
employed separately to in-situ detect the mechanical response and 

microstructural evolution of this additively manufactured iHEA, aiming 
to determine the activation sequence of the bulk deformation mecha
nisms and their correlation with the textures obtained in LPBF- 
fabricated iHEA. The analytical approaches employed here allow a 
continuous tracking of the deformation processes, providing clear evi
dence of the contribution of different deformation mechanisms related 
to crystallographic orientations. These studies are complemented by 
complementary microstructural analysis including EBSD and trans
mission electron microscopy (TEM), aiming at elucidating the defor
mation mechanisms and accelerating the fabrication and development 
of high-performance HEAs. 

2. Materials and methods 

2.1. Material preparation 

Pre-alloyed Fe49.5Mn30Co10Cr10C0.5 iHEA powder with a particle size 
distribution from 15 to 53 µm was utilized in this study. The applied 
LPBF system was SLM 125HL (SLM Solutions Group AG, Lübeck, Ger
many). The preheating temperature of the build platform was set to 
180 ◦C. Tensile specimens were fabricated directly on the stainless steel 
substrate with the process parameters set as follows: laser power of 300 
W, scanning speed of 700 mm/s, hatch distance of 120 µm and layer 
thickness of 30 µm. These optimized parameters take into account both 
bulk density and mechanical properties. The volumetric energy density 
was calculated to be 119 J/mm3. A scanning strategy with 90◦ limitation 
angle and a 33◦ rotation angle between every two successive layers was 
applied, aiming at generating different grain orientations on the build 
plane. The tensile specimens were printed with the longitudinal tensile 
axis at 0◦ and 90◦ with respect to the main laser scanning direction (X), 
respectively. The as-printed specimens are shown in Fig. 1a. The coor
dinate symbols X-Y-Z used in Fig. 1a represent the main laser scanning 
direction, transverse direction and building direction, respectively. After 
the LPBF process, 1.2 mm thick tensile specimens were sliced by elec
trical discharge machining, then ground and polished for further char
acterization. The detailed dimensions of the tensile specimens are 
depicted in Fig. 1b, with the gauge section of 11 mm in length, 3 mm in 
width and 1.2 mm in thickness. 

2.2. Microstructure characterization and mechanical testing 

For microstructural characterization, EBSD maps were acquired on 
different planes around the gauge center of the as-printed specimen to 
examine the grain structure, crystallographic orientation and phase 

Fig. 1. (a) As-printed iHEA specimens, (b) dimensions of the tensile specimens 
(mm), (c) representation of the setup for the HE-SXRD experiments. 
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constituents. TEM (JEOL 2200FS operating at 200 kV) and scanning 
TEM (STEM, FEI Thermo Helios G4 CX operating at 30 kV) were applied 
to analyze the subgrain morphology and dislocation networks. Ex-situ 
uniaxial tensile tests were conducted on the polished tensile specimens 
using a Kammrath-Weiss tensile module with a strain rate of 3 × 10− 4 

s− 1 at room temperature. Three specimens of each condition were tested 
to ensure repeatability and data reliability. Micrographs were collected 
near the fractured surfaces by EBSD and TEM to analyze the deformation 
and strengthening mechanisms. 

2.3. In-situ HE-SXRD and EBSD tensile tests 

In-situ HE-SXRD was employed during uniaxial tensile tests for each 
condition in transmission mode at beamline P07-HEMS of PETRA III 
(Deutsches Elektronen-Synchrotron, DESY, Hamburg, Germany), with a 
wavelength of 0.14253 Å, to observe the microstructural evolution with 
high spatial and temporal resolution. A 2D PerkinElmer fast detector 
was applied for acquisition of the Debye-Scherrer diffraction rings. The 
incident X-ray beam was positioned at the center of the specimens before 
and during tensile tests. A representation of the HE-SXRD experiment 
setup is shown in Fig. 1c. The slit-aperture size of the beam was 
0.5 × 0.5 mm2. The acquired data was processed using Fit2D and MAUD 
software. Peak fitting was applied to determine the deformation 
microstructure of the additively manufactured iHEAs. The post- 
processed 2D patterns were converted into one dimensional intensity 
versus diffraction angle plots via full azimuthal integration. For refer
ence, the azimuthal angle, φ, is defined in Fig. 1c. MAUD software was 
employed for quantitative analysis of different phases by the Rietveld 
method. In addition, in-situ EBSD analysis was also performed on the 
gauge center of the specimens during the tensile tests to further inspect 
the microstructural evolution. 

3. Results and discussions 

3.1. As-printed microstructure 

Representative EBSD scans of the two types of undeformed speci
mens are shown in Fig. 2. Columnar grains with obvious preferred ori
entations were observed in both specimens. The gradual change in color 
within individual columnar grains in the inverse pole figures (IPFs) 
(Figs. 2a and 2d) indicates the existence of abundant subgrain structures 
with low angle grain boundaries. Such microstructural characteristics 
are typical of LPBF-processed metallic materials and result from the 
rapid cooling of the molten metal during solidification [10,20]. 
Furthermore, there is a slight difference in the grain shape of the two 
specimens, which is considered to be due to different solidification rates 
during laser scanning despite the same process parameters. That is, the 
laser scanning of the 0◦ specimen is approximately along the gauge 
length direction, while that of the 90◦ specimen is along the width di
rection of the gauge section, leading to more heat accumulation in the 
former and thus relatively slower solidification rate, which in turn 
promotes the formation of coarser grains in the 0◦ specimen. The phase 
maps of the as-printed specimens (Figs. 2b and 2e) reveal the presence of 
a dominant fcc structure with trace amounts of hcp phase. The control of 
chemical composition, SFE and processing parameters has been reported 
to be highly important for determining the fractions of fcc and hcp 
phases generated, as well as the resulting mechanical performance of 
additively manufactured dual-phase fcc/hcp HEAs [5,21–24]. For the 
current applied iHEA, the low-temperature and high-temperature pha
ses are referred to as hcp and fcc, respectively. Fast cooling during the 
LPBF process suppresses the thermally induced martensitic trans
formation and allows the preservation of fcc phase as a metastable phase 
at room temperature, which could transform into hcp phase through a 
strain-induced phase transformation mechanism at room temperature 
[5,10], which will be analyzed in detail in this work. 

According to the pole figures (PFs) in Fig. 2c and 2f, a similar near 

<110> growth texture aligned with the building direction (Z) could be 
observed for both specimens, and a near <001> growth texture along 
the main laser scanning direction (X) could also be detected. Fcc grains 
tend to grow along the <001> direction with respect to the maximum 
temperature gradient [24–26]. During the LPBF process, the shape of the 
molten pool is often elliptical, and the thermal gradient is along the 
direction from the boundary of the molten pool to its center. Therefore, 
most of the grains grew oriented by 45◦ with the building direction, 
resulting in the formation of <110> oriented grains along the building 
direction. On the other hand, as the laser beam advances in a specific 
direction (X in this study), a temperature gradient along the front to back 
of the molten pool is also formed, resulting in a near <001> crystallo
graphic orientation parallel to the main laser scanning direction. For the 
0◦ and 90◦ specimens studied in the present work, it could be noticed 
that the maximum intensity of the PFs varies greatly, with the 0º spec
imen showing a more pronounced preferred orientation. This is 
considered to be related to the process characteristics of LPBF, where the 
interaction of the gas flow direction with the laser scanning direction 
affects the grain growth orientation, and the specific mechanism needs 
to be further systematically studied. The relatively high multiples of 
uniform density indicate a less smooth granular orientation distribution, 
which would yield more pronounced anisotropy in the X-Y plane, e.g. for 
the 0◦ specimens, the dominant grain orientation along the tensile di
rection (X) is near <001>, while for the 90◦ specimens, mainly near 
<111> and <110>. The 33◦ scanning strategy with a 90◦ limitation 
angle applied in this study is considered to be the dominant factor for 
generating anisotropy in the X-Y plane. 

Fig. 2. EBSD scans on different planes of the additively manufactured iHEAs. 
(a) IPF// tensile direction (X), (b) phase maps and (c) PFs of the 0◦ specimen; 
(d) IPF// tensile direction (Y), (e) phase maps and (f) PFs of the 90◦ specimen. 
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To precisely determine the existing phases and the corresponding 
phase fractions, HE-SXRD was applied in the X-Y plane of the two types 
of specimens. The obtained 2D diffraction rings have been integrated 
into diffraction patterns, and the results are detailed in Fig. 3. In addition 
to the fcc and hcp phases observed by EBSD, M23C6- and M7C3-type 
precipitates were also detected, which is attributed to the excellent 
signal-to-noise ratio of synchrotron X-ray sources enabling phase iden
tification and quantification of even minority phases. According to the 
Rietveld refinement, the phase fractions of fcc, hcp, M23C6 and M7C3 for 
the undeformed 0◦ specimens are calculated as 96.0 %, 1.8 %, 1.4 % and 
0.8 %, respectively. The corresponding phase fractions of the 90◦

specimens are 95.1 %, 2.3 %, 1.8 % and 0.8 %, respectively. It should be 
noted that the phase fractions of these two orientated specimens show 
no obvious difference, as expected. 

A bright-field STEM image of the LPBF-printed specimens prior to the 
tensile deformation is shown in Fig. 4a. There is a clear fringe contrast 
from pre-existing stacking faults (SFs) and their intersections. Most 
fringes terminated at the boundaries of subgrains. Fig. 4b is a high- 
resolution TEM (HRTEM) image of the SFs, and the inset reveals the 
fcc phase structure. The current iHEA has a low SFE [11,22] and is 
susceptible to the formation of SFs. Additionally, highly entangled dis
locations separating columnar subgrains could also be observed, as 
indicated by yellow arrows in Fig. 4a. During the LPBF process, the 
extremely fast temperature drop suppressed the grain growth after so
lidification, resulting in the generation of a large number of nanoscale 
columnar subgrains. It is expected that abundant geometrically neces
sary dislocations (GNDs) should generate to compromise the stress/e
nergy induced by the low misorientation between adjacent subgrains 
[24,27,28]. As a result, the dense GNDs developed into thick dislocation 
walls around the subgrain boundaries and progressively into 
high-density dislocation networks [29], which is beneficial to promote 
dislocation strengthening through blocking the movement of disloca
tions during deformation. Considering ductility, however, a high density 
of pre-existing dislocations may decrease the overall elongation by 
consuming available dislocation capacity. On the other hand, the 
dislocation networks would contribute to the steady work hardening 
through partially inhibiting dislocation movement, thereby promoting 
elongation [29,30]. These opposing views still need to be confronted in a 
deeper exploration of the LPBF process. Furthermore, the high initial 
defect density (SFs and dislocations) in the current LPBF-built iHEA 
specimens would lead to an earlier onset of phase transformation during 
deformation, which will be discussed in the mechanical property anal
ysis section. 

The dark-field STEM image in Fig. 4c clearly presents non-negligible 
nanoscale precipitates with nearly spherical shape, which is consistent 
with the precipitate phases previously detected by HE-SXRD, implying 

the potential for significant precipitation strengthening. To further 
clarify the elemental composition, energy dispersive X-ray (EDX) anal
ysis was performed under STEM mode, and the results are shown in 
Fig. 4d. In addition to the uniform distribution of C element in these 
precipitates, the local enrichment of O and S elements can be observed, 
which is related to the contamination during the powder fabrication 
process [31]. Fig. S1 in the supporting information shows the element 
distribution of a single precipitated particle, where a clearer interstitial 
element distribution can be observed. In addition, an obvious enrich
ment of Mn solute atoms can also be observed at the subgrain boundaries 
(including precipitates), indicating that the precipitates are a mixture of 
Mn-rich oxide, sulfide and carbide. The segregation of Mn along the 
subgrain boundaries is believed to promote both dislocation density, 
twinning and/or second phase nucleation in addition to the strength
ening effect [29,30]. Both precipitation and segregation are frequently 
reported in LPBF-fabricated alloys [24,28–30,32]. For example, the 
precipitation of Cr-rich carbide has been reported for 1 % C-CoCr
FeMnNi HEA [24] and CoCrFeNiC0.05 HEA [33]. In this case, elemental 
Cr is rapidly diffused to the grain boundaries and forms Cr-rich M23C6 
carbides due to its high affinity with interstitial C [34]. On the other 
hand, as the material is repeatedly heated and cooled during the LPBF 
process, it may be frequently exposed to the sensitization temperature 
range for Cr-rich carbide formation, resulting in carbide generation [24, 
33,34]. For elemental segregation, due to the rapid melting and solidi
fication of multi-element alloys, the supercooling at the solidification 
front under a large temperature gradient would lead to a pronounced 
concentration gradient, allowing elements with larger diffusion co
efficients to precipitate near the grain boundaries, as it also occurs to Mn 
in high Mn TWIP steels [32], Cr and Mn in CoCrFeMnNi HEA [28], Cr 
and Mo in 316 L stainless steel as ferrite stabilizers [29], and even 
introducing Cottrell atmosphere to stabilize dislocation walls [30]. 

3.2. In-situ tensile testing and microstructural evolution 

Uniaxial tensile tests were performed at room temperature. The en
gineering stress-strain curves and strain hardening rate curves for the 
two types of specimens are presented in Fig. 5. The mechanical prop
erties are summarized in the insert table. The 90◦ specimen exhibited 
higher yield strength and ultimate tensile strength (UTS) with reduced 
elongation compared to the 0◦ specimens. Notably, along with the LPBF 
process for full design freedom of fabrication, competitive yield strength 
and UTS of the as-printed parts were successfully achieved with 
reasonable total elongation when compared to conventionally casted 
and heat-treated iHEA (σy: ~520 MPa, UTS: ~950 MPa, ef: ~60 % [11]; 
σy: 225 MPa, UTS: 655 MPa, ef: 38 % [35]). As shown in Fig. 5b, from 
the end of the elastic deformation stage, a near-horizontal stable 

Fig. 3. HE-SXRD pattern of LPBF-built 0◦ specimen (a) and 90◦ specimen (b).  
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hardening response was observed until fracture, with no evidence of 
secondary hardening, indicating a continuous and steady strain hard
ening process during tensile deformation. The 90◦ specimen shows a 
slightly higher strain hardening rate than the 0◦ specimen. For the 
currently studied iHEA, it has been reported that mechanical twinning 
and phase transformation are considered essential in the later defor
mation stages, which occur following dissolved partial dislocations and 
slip [5,11]. Upon reaching a critical stress or strain, twins and the second 
hcp phase will nucleate and expand, contributing to a continuous and 
steady strain hardening and preventing early necking through providing 
additional barriers for movement of dislocations. 

3.2.1. In-situ HE-SXRD analysis 
To quantitatively analyze the deformation process of the iHEA 

specimens fabricated with different orientations relative to the loading 
direction, in-situ HE-SXRD tensile testing was conducted at room tem
perature to precisely determine the evolution of grain orientation and 
phase transformation, with a schematic diagram shown in Fig. 1c. 
Synchrotron radiation characterization technique has been applied in 
various studies for lattice strain calculations, dislocation analysis, phase 
identification and phase transformation behavior of TRIP, TWIP steels 
and HEAs [14,17,20,36–38]. Fig. 6 shows the evolution of different 
diffraction peaks for the 0◦ and 90◦ specimens during the whole defor
mation process. To have a clear view of different peaks, here the in
tensity data was used in logarithmic scale instead of absolute values. It 
can be observed that as the strain increases, the intensity of fcc 
diffraction peaks decreased gradually, while that of the hcp phase 
significantly increased. The peaks of M23C6- and M7C3-type carbides 

Fig. 4. (a) Bright-field STEM micrograph showing stacking faults in undeformed specimen with the yellow arrows pointing to highly entangled dislocations 
separating columnar subgrains, (b) HRTEM image of the stacking fault, (c) dark-field STEM image showing precipitates, (d) EDX mappings of both substitutional (Fe, 
Mn, Co, Cr) and interstitial (C, O, S) elements for the subgrain boundaries and precipitates. 

Fig. 5. (a) Representative tensile stress-strain curves and (b) strain hardening curves of the LPBF-built iHEAs.  
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show no significant change during deformation except for a slight 
reorientation of the M7C3-type carbides. Specifically, before loading, the 
following fcc and hcp reflections are present: (111)γ, (200)γ, (220)γ, 
(311)γ, (222)γ, (400)γ and (1011)ε, (1013)ε, (2021)ε, (2022)ε. When 
the strain reaches ~2.5 % (marked with the red diffraction line), the 
(1011)ε, (1012)ε, (1013)ε, (2011)ε, and (2022)ε reflection intensities 
start to increase, representing the initiation of the fcc to hcp phase 
transformation. Afterwards, the intensity of these reflections signifi
cantly increases with strain until final fracture. 

The strain-induced martensitic transformation occurs through the 

change of the atomic stacking sequence from the ABCABC type of fcc 
phase to the ABAB type of hcp phase, which introduces SFs on every 
second {111} fcc plane [39]. This phase transformation strongly de
pends on the SFE of the material. In general, as the SFE of a specific alloy 
decreases, the deformation mechanisms will shift from dislocation slip, 
to mechanical twinning, and finally to phase transformation, where SFs 
are the nucleation sites for twining and/or hcp phase formation [40,41]. 
SFs are more easily induced with increasing strain due to the minimized 
bulk free energy and the total SFE, leading to a higher work hardening 
rate [42]. The current LPBF-built iHEA has higher initial defect densities 

Fig. 6. Series of HE-SXRD patterns during tensile deformation of LPBF-built 0◦ specimen (a) and 90◦ specimen (b).  
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(SFs and dislocations) due to its lower SFE, contributing to a higher level 
of lattice stress in the fcc matrix [43], which would bring about an 
earlier onset of the phase transformation and/or twin formation during 
tensile deformation. The coupled effect of martensitic phase trans
formation and deformation twinning occurring in the metastable fcc 
HEA would contribute to enhanced strain hardening and excellent me
chanical properties. During this process, TWIP/TRIP effects provide an 
improved plasticity, which is also observed in manganese and austenitic 
stainless steels [17,44]. 

From the azimuthal-2θ intensity evolution maps at different strain 
levels shown in Fig. 7, it can be observed that, for both specimens, no 
obvious twinning was formed on the (111) and (100) fcc planes during 
deformation, except for the decrease of diffraction intensity. Neverthe
less, grain orientation-dependent deformation mechanisms can still be 
observed, which are detailed in the intensity evolution associated with 
specific planes within the selected 2θ range. Prior to deformation (0 % 
strain), the dispersed lines of the fcc phase along the azimuth angle 
represent that the grains are oriented in specific preferred directions. 
Specifically, the (200) plane of the 0◦ specimen exhibits strong intensity 
at azimuthal angles of 90◦ and 270◦, corresponding to the tensile loading 
direction (Fig. 1c), while the 90◦ specimen exhibits a strong orientation 
of (111) plane parallel to the loading direction and (200) plane 
perpendicular to the loading direction, consistent with the IPF results 

shown in Fig. 2. Thereafter, tensile deformation resulted in the forma
tion of distinct hcp phase and slip-driven grain rotations, where the 
latter is observable from a gradual shift in the diffracted intensity along 
the azimuthal angle towards preferred orientations (see white arrows). 
This slip-driven grain rotation is more clearly observed in the 90◦

specimen. For the 0◦ specimen, the deformation-induced hcp phase is 
mainly formed along the (1011) plane near the tensile direction (90◦ and 
270◦ azimuth angle). For the 90◦ specimen, the (0002) and (1011) 
planes of the hcp phase show similar azimuthal intensities, that is, 
parallel to the (111) plane of the fcc phase along the tensile direction, 
indicating a specific orientation relationship between these two phases. 
These results confirm the dependence of the deformation mechanisms 
on the grain orientation of additively manufactured HEAs. 

The quantitative evolution of the volume fractions of fcc, hcp and 
two carbide precipitates obtained through Rietveld analysis is presented 
as a function of strain in Fig. 8. The onset of the fcc to hcp phase 
transformation occurred at a strain of ~2.5 % in both specimens (Fig. 6). 
Below this strain, the potentially nucleated hcp phase constitutes a 
significant fraction of the shear bands, as hcp phase results from the 
shear-band formation by regular overlapping of SFs [17,39,45]. At the 
strains above this, however, this contribution becomes less relevant. 
During plastic deformation between 2.5 % and 10 % strain, the hcp 
phase fractions increase from 1.8 % and 2.3 % to 5.0 % and 5.7 % in the 

Fig. 7. HE-SXRD azimuthal angle-2θ intensity map revealing strain-induced fcc-hcp phase transformation and grain orientation evolution during tensile deformation 
of (a) 0◦ specimen and (b) 90◦ specimen. 
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Fig. 8. Relative phase fractions during tensile deformation of (a) 0◦ specimen and (b) 90◦ specimen.  

Fig. 9. In-situ EBSD results during deformation of the 0◦ specimen.  
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0◦ and 90◦ specimens, respectively. Afterwards, the volume fractions of 
hcp phase increase rapidly with increasing strain, reaching 20.8 % and 
32.0 %, respectively, at 30 % engineering strain. At plastic deformations 
above this, the increase rate of the volume fraction of hcp phase slows 
down, especially for the 0◦ specimen where the hcp remains relatively 
stable after 40 % strain. The volume fraction of hcp phase for the 0◦ and 
90◦ specimens reached 25.1 % and 35.4 % respectively upon material 
failure. Also, a simultaneous decrease of fcc phase can be observed 
during the whole plastic deformation process. The steady strain hard
ening shown in Fig. 5b is the result of hcp phase formation at the onset of 
plastic deformation. The strain hardening behavior, which reflects the 
plastic deformation capacity of the material under different deformation 
states, can be interpreted as a measure of the interaction between dis
locations and obstacles [42,46]. The observed slightly higher strain 
hardening of the 90◦ specimen compared to the 0◦ specimen is attributed 
to the formation of more hcp/fcc interfaces in the former, which in
creases the dislocations pile-up in the 90◦ specimen and contributes to 
the higher tensile strength, consistent with the tensile results in Fig. 5b. 

The phase evolution with strain presented in Fig. 8 is comparable to 
those reported for the metastable 16Cr-7Mn-9Ni austenitic steel [43] 
and Co-28Cr-6Mo alloy [42]. For the latter, the fcc to hcp phase trans
formation starts near zero strain and demonstrates grain 
orientation-dependent phase transformation behavior. Additionally, 
due to the different elastic properties of fcc and hcp, the formation of 
martensite is also related to the presence of residual stress [42,47], 
which is easily generated during non-equilibrium thermal cycling 
associated to the LPBF process. Therefore, the phase transformation 
process of LPBF-built specimens can be triggered at a lower macroscopic 
strain. 

3.2.2. In-situ EBSD analysis 
The microstructural changes during tensile deformation were 

analyzed by in-situ EBSD, and the evolution of strain-induced fcc to hcp 
phase transformation, grain size and morphology were detected. The 
results of the 0◦ and 90◦ specimens are shown in Fig. 9 and Fig. 10, 
respectively. It is worth mentioning that when using EBSD, limited 

Fig. 10. In-situ EBSD results during deformation of the 90◦ specimen.  
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detection of fine hcp grains and a smaller volume fraction of this phase 
may be expected due to its limited resolution. At 30 % strain, the volume 
fraction of the hcp phase in the 0◦ specimen is lower than that of the 90◦

specimen, consistent with the previously shown HE-SXRD results. One 
major factor that justifies this is that the near <100> growth texture 
parallel to the tensile direction in the former inhibited the hcp phase 
nucleation. It has been reported that the correlation between individual 
crystallographic orientation and the direction of macroscopic uniaxial 
tension strongly dominates the twinning and phase transformation 
behavior of alloys with low SFE [10,48–50]. Through a combination of 
experiments and modeling, Slone et al. [49] and Uzer et al. [50] 
concluded that grains with an initial orientation of <100> parallel to 
the loading direction are more likely to deform by gliding rather than 
twinning or phase transformation even at large strains, while grains with 
<111> parallel to the loading direction have the greatest propensity for 
twinning and phase transformation. Likewise, grains with intermediate 
orientations such as <110> would respond intermediately. Similar re
sults can also be observed from the EBSD results during deformation. As 
shown in Fig. 9, from the IPF of the 0◦ specimen with 5 % strain, the 
grains marked with R with orientations close to <112> parallel to the 
tensile direction tend to transform into lamella hcp phase, which 
terminate at the fcc grain boundaries, while those close to <100>
orientation parallel to the tensile direction, marked with M, show no 
obvious phase transformation or twinning but mainly slip deformation. 
For the 90◦ specimen, the grains marked with N with near <111>
orientation undergo phase transformation earlier than the others, as 
shown in Fig. 10. 

In the current LPBF-built iHEAs, a large amount of grains close to the 
<110> orientation aligned with the building direction were generated, 
forming a <110> growth texture. Meanwhile, as shown in the PFs in 
Figs. 2c and 2f, those orientations perpendicular to the <110> direction 
(such as <100>, <011>, but not <111>) are mainly located in the X-Y 
plane with a relatively concentrated distribution. While for the 90◦

specimen, due to its relatively weak texture intensity, <111> oriented 
grains can also be detected on the X-Y plane. Therefore, the <110>
growth texture affects the correlation between grain orientations and 
the loading direction, leading to a weakening of the degree of phase 
transformation in the 0◦ specimen relative to that in the 90◦ specimen 
despite the better plasticity of the former, as reflected by the in-situ HE- 
SXRD results in Fig. 6. In addition, a coherent grain rotation effect could 
also be observed from the comparison of the as-printed and deformed 
IPFs in Fig. 9 and Fig. 10. For the 90◦ specimen, the epitaxially grown 
grains with less preferred orientations around the <110> primary 
orientation rotate and aggregate, resulting in an enhanced <111>
texture intensity and a weakened <110> peak in the IPFs of the 
deformed specimen. In contrast, for the 0◦ specimen, the <100> pri
mary orientation along the tensile direction shows no apparent change 
compared to the as-printed state, but an enhanced <111> peak could be 
observed after deformation, forming a <100>-<111> double-fiber 
deformation texture despite the weaker <111> intensity. Similar 
deformation behavior has also been reported in LPBF-built TWIP steels 
[32,51] and CoCrFeMnNi-based HEAs [20,52]. In fcc metals, {111} 
<110> slip is known to occur during deformation, and the activation of 
this deformation behavior leads to the evolution of initially randomly 
oriented grains towards a predominant <111>// loading direction and 
a secondary component close to <100>// loading direction. That is, 
grains with initial orientations other than <100> will rotate until their 
respective <111> orientations are aligned with the loading direction, 
while grains with <100> orientation will remain unchanged during 
deformation [20,49,50]. This effect becomes more pronounced with 
increasing strain. Simultaneously, the slip of grains with orientations 
that favor the gliding of {111} <110> slip systems (such as <111> and 
<112>) in the current metastable iHEA is accompanied by the forma
tion of hcp phase, resulting in the preferential orientations of 
<2112>hcp and <1011>hcp // loading direction for the 0◦ and 90◦

specimens, respectively. During the large deformation stage, the hcp 
undergoes slip deformation, as represented by the shift and/or decrease 
in the intensity of the poles close to the above-mentioned preferred 
orientations during this period. Compared with the relatively uniform 
distribution of lamellar hcp grains in the 0◦ specimen, the morphology 
and distribution of the hcp phase in the 90◦ specimen are more diverse. 
At 30 % strain, in addition to the lamellar hcp, there is also the trans
formation of the hcp domains from aggregates into blocks. The above 
analysis results once again prove that the grain orientation has a sig
nificant impact on the deformation behavior of LPBF-built HEAs. 

3.3. Deformation mechanism analysis 

The microstructure near the fracture region was characterized by 
EBSD and TEM to better understand the deformation mechanisms of 
LPBF-built Fe49.5Mn30Co10Cr10C0.5 iHEA. The EBSD results of the 0◦ and 
90◦ specimens are shown in Fig. 11 and Fig. 12, respectively. A large 
amount of hcp phase formation can be observed near the fracture region 
in both specimens (Fig. 11a2 and 12a2). The fcc/hcp interfaces act as 
obstacles that glissile dislocations have to overcome during plastic 
deformation [6–8]. Therefore, even at the last stage of plastic defor
mation, higher stress values are still required to overcome the newly 
formed fcc/hcp phase interfaces, contributing to a further improvement 
of the tensile strength of the iHEA, which is consistent with the tensile 
results in Fig. 5. Fig. 11a3, 11a4, and Fig. 12a3, 12a4 are the comple
mentary IPF maps of fcc and hcp phase near the fracture region of the 
0◦ and 90◦ specimens, respectively. Significantly different grain mor
phologies can be observed in these two orientated specimens. That is, 
the grains of the 90◦ specimen are greatly elongated, as the long axis of 
the grains on the X-Y plane is approximately parallel to the tensile di
rection (Fig. 10), while the short axis of the grains of the 0◦ specimen is 
aligned with the loading direction (Fig. 9), resulting in the formation of 
irregular shaped grains on the X-Y plane. In addition, the hcp phase 
generated by the deformation-induced phase transformation also shows 
a clear preferential orientation. EBSD analysis allows establishing a local 
orientation relationship between the texture and the fcc-hcp trans
formation. Fig. 11a5 and Fig. 12a5 show the PFs obtained from the 
partial enlargement of the 0◦ and 90◦ specimens, respectively, which 
demonstrate an obvious orientation relationship of [110]fcc//[1120] 
hcp and (111)fcc//(0001)hcp in both specimens, reflecting the 
well-known Shoji-Nishiyama (S-N) orientation relationship in austenitic 
steels [53]. 

Furthermore, in addition to the above-mentioned remarkable fcc to 
hcp phase transformation, obvious slip bands can be observed on the 
EBSD image quality maps near the fracture region (Fig. 11a1 and 
Fig. 12a1), confirming the dislocation slip deformation mechanism. Last 
but not least, both fcc and hcp twin boundaries can be detected in these 
two specimens, as marked by solid red and green lines in the image 
quality maps, respectively. The locally enlarged images of the twinning 
region of the 0◦ specimen are shown in Figs. 11b and 11c. Σ3 twinning 
on the {111}fcc planes and the tensile twinning on the {1012}hcp 
planes were separately determined by the analysis of the PF and the 
misorientation angle. The same twinning systems were also detected in 
the 90◦ specimen, as shown in Figs. 12b and 12c. Although these thin 
twin lamellas had a small volume, unlike conventional TWIP alloys that 
rely on large-scale mechanical twinning deformation, they were detec
ted in both oriented specimens, indicating the simultaneous develop
ment of fcc to hcp phase transformation and twinning in the later 
deformation stage, which greatly contributes to the strain hardening 
capability through introducing the dynamic Hall-Petch effect [6–8]. 

The TEM analyses of the deformed specimen are shown in Fig. 13, 
revealing more detailed deformation behavior at the nanoscale level. It 
should be mentioned that since the deformation mechanisms observed 
in the two oriented specimens are similar, and the TEM analysis area is 
only of a few square microns, only the results of the 0◦ specimen are 
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shown here as these would be similar between both conditions. In the 
overview of the dark-field STEM image in Fig. 13a, a high density of slip 
bands and multiple activated slip systems are observed. Despite 
considerable deformation, no significant changes in the shape or size of 
the precipitates were observed, as indicated by the white arrows in 
Fig. 13a. A local enlarged view of the deformed region is shown in 
Fig. 13b, where extensive deformation-induced ε-martensite phase and 
SFs (yellow arrows) are observed. Due to the low SFE of the currently 
studied iHEA, a unit dislocation with 1/2 < 110 > Burgers vector tends 
to dissociate into two Shockley partial dislocations with 1/ 
6 <211 > Burgers vector connected by a SF in a {111} glide plane. 
Either deformation twining or fcc-hcp martensitic transformation is 
proceeded by the movement of Shockley partials. When the Shockley 
partials glide on every second {111} plane, fcc-hcp phase trans
formation will be generated, while deformation twins will be formed 
when the Shockley partials glide on every {111} plane [23,54]. During 
deformation of the current iHEA, dislocation slip is highly localized on 
pre-existing and strain-induced SFs on differently oriented {111} planes, 
and these regions mainly evolve into different variants of 
deformation-induced hcp phase. In Fig. 13c, both primary and second
ary hcp phase were captured by HRTEM, and the measured misorien
tation angle between these two crystallographic variants is about 70.5◦, 
which coincides with the angle between differently oriented {111} 
planes in the fcc parent phase. The selected area electron diffraction 
(SAED) (Fig. 13f) from this area confirms the deformation features 
described above. The detailed S-N orientation relationship ((111)fcc// 
(0001)hcp, [110]fcc// [1120]hcp) and atomic structures of the fcc and 
hcp phases can be observed in Fig. 13d, consistent with the EBSD results. 

Furthermore, nanoscale Σ3 deformation twins can be identified in 

Fig. 13e. This confirms the simultaneous existence of TRIP and TWIP 
effects in this LPBF-built iHEA during tensile deformation. In general, 
along with plastic strain and dislocation activity, deformation twinning 
and phase transformation play an increasingly important role in regu
lating plasticity to maintain a steady strain hardening capability at high 
strain levels [5]. A large number of SFs can be observed in the primary 
hcp phase in Fig. 13g, resulting from the remaining local fcc-type 
stacking formed by irregular slip of Shockley partials not necessarily 
taking place on every second {111} plane, and such SFs can be elimi
nated by the movement of Shockley partials [39]. Fig. 13h shows that 
SFs with different orientations are also formed in the fcc matrix. The 
interactions of SFs, i.e. Shockley partials gliding on differently oriented 
{111} planes, generate immobile L-C locks, which not only hinder the 
movement of the SFs forming them, but also act as obstacles for further 
gliding from the opposite direction [55,56]. Generally, low SFE in ma
terials will result in a high probability for the formation of L-C locks 
[55–57]. Due to their extraordinary dislocation accumulation ability, 
L-C locks can also play an important role in improving strain hardening 
[55]. Meanwhile, the intersection of these SFs subdivides the matrix into 
increasingly smaller blocks, achieving a dynamic grain refinement ef
fect. Fig. 13i is the corresponding HRTEM image, which reveals that the 
misorientation angle between SFs is also 70.5◦, consistent with the angle 
between the above-mentioned hcp variants and also the angle between 
the two twins commonly found in single crystals of fcc-structured HEAs 
[3,58], indicating that the current materials tend to activate the sec
ondary phase transformation or twinning systems at higher strain levels. 

Fig. 11. Post-deformation EBSD results near the fracture area of the 0◦ specimen: (a1) image quality map, (a2) phase map, complementary IPF maps of (a3) fcc and 
(a4) hcp phase, (a5) PFs obtained from the partial enlargement in (a3, a4), (b1-b4) twins within a fcc grain and (c1-c4) twins within a hcp grain. 
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4. Conclusions 

In this work, two types of Fe49.5Mn30Co10Cr10C0.5 iHEA tensile 
specimens oriented at 0◦ and 90◦ relative to the laser scanning direction 
were prepared by LPBF. The microstructure, mechanical behavior and 
deformation mechanisms during tensile loading were systematically 
characterized by SEM, EBSD, S/TEM, in-situ HE-SXRD tensile test and 
in-situ EBSD analysis. The following conclusions can be drawn: 

(1) The as-built Fe49.5Mn30Co10Cr10C0.5 iHEA specimens are domi
nated by fcc phase structure. A complex heterogeneous micro
structure consisting of coarse columnar grains, subgrains, high- 
density dislocation walls, and nano precipitates was observed. 
The as-built microstructure exhibits a pronounced 
< 110 > growth texture parallel to the building direction.  

(2) The continuous and steady strain hardening response observed 
during tensile testing of both types of iHEA specimens originates 
from the synergistic effect of the massive dislocation networks 
and the twin/phase boundaries. Hence, superior tensile proper
ties with remarkably improved strength-ductility trade-off of the 
alloy were achieved. The tensile strength and elongation of the 
0◦ and 90◦ specimens at room temperature reached 935 MPa, 45 
% and 1091 MPa, 35 %, respectively.  

(3) In-situ HE-SXRD tensile testing revealed the precise onset of the 
strain-induced hcp phase transformation. Its volume fraction in
creases with increasing strain. Moreover, the hcp phase fraction 
at the fracture strain in the 0◦ specimen is lower than that of the 
90◦ specimen, originating from the < 110 > growth texture in 

the as-printed specimens, which leads to different preferential 
grain orientations parallel to the tensile direction.  

(4) During deformation, the dominant < 100 > and weaker 
< 111 > preferential orientations parallel to the tensile direction 
developed in the 0◦ specimen, while the dominant 
< 111 > preferred orientation developed in the 90◦ specimen. 
The fcc and hcp produced by the strain-induced phase trans
formation exhibits a typical Shoji-Nishiyama orientation rela
tionship. Furthermore, post-deformation EBSD and TEM analyses 
revealed the generation of nanosized twins in the fractured 
specimens, confirming the simultaneous activation of TWIP and 
TRIP effects. 
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