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ARTICLE INFO ABSTRACT

Keywords: Weldability studies on high entropy alloys are still relatively scarce, delaying the deployment of these materials
Metastable high entropy alloys into real-life applications. Thus, there is an urgent need for in-depth studies of the weldability of these novel
Fe45MnygCo10Cry5Sis

advanced engineering alloys. In the current work, an as-cast Fe42Mn2gCo1Cr15Sis metastable high entropy alloy
was welded for the first time using gas tungsten arc welding. The weld thermal cycle effect on the microstructure
evolution over the welded joint was examined using electron microscopy in combination with electron back-
scatter diffraction, synchrotron X-ray diffraction analysis, and thermodynamic calculations. Furthermore, tensile
testing and hardness mapping were correlated with the microstructure evolution. The microstructure evolution
across the joint is unveiled, including the origin of the e-h.c.p. phase at different locations of the material.
Different strengthening effects measured throughout the joint are associated with the weld thermal cycle and
resulting microstructure. A synergistic effect of smaller grain size of the e-h.c.p. phase in the fusion zone,
overturns the reduced volume fraction of this phase, increasing the local strength of the material. Moreover, the
brittle nanosized ¢ phase was also found to play a critical role in the joints’ premature failure during mechanical
testing.

Gas tungsten arc welding
Synchrotron X-ray diffraction
Thermodynamic calculations
Mechanical testing

1. Introduction

High entropy alloys (HEAs) are a new class of materials that have
emerged in recent years. This group of materials consist of at least five
principal elements, and the concentration of each element typically
varies from 5 to 35 at. % [1]. Four distinct core effects are conferred on
these materials by this unique design concept, specifically, the lattice
distortion effect [2], the high entropy effect [3], the cocktail effect [4]
and the sluggish diffusion effect [5]. The four core effects associated to
HEAs act as the main drivers for their development as they provide
unique metallurgical properties, such as the ability to be ductile yet
strong [6], thermally stable [7,8], corrosion resistant [9,10], and have

excellent mechanical properties both at high and low temperatures [11].

Extensive literature [12,13] shows that the most widely studied HEA,
the equiatomic and f.c.c. single phase CoCrFeMnNi alloy, possesses high
ductility, but relatively low mechanical strength which prevents its use
in several practical applications. Recent developments in the field of
non-equiatomic HEAs with tunable phase stability have led to breaking
the strength-plasticity barrier by triggering twinning-induced plasticity
(TWIP) and transformation-induced plasticity (TRIP) effects simulta-
neously, improving both strength and ductility [14]. Based on this
design concept, Nene et al. [15] examined the impact of Si addition to
the Fe-Mn-Co-Cr system on the metastability of the y-f.c.c. phase,
showing that the addition of 5 at. % Si was able to achieve a maximum
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metastability of the y-f.c.c. phase. This allowed to develop an alloy with
an optimized metastable microstructure with a composition of
Fe42MnygCo10Cry5Sis (at. %).

Welding is one of the most effective metal processing methods that is
utilized in a wide range of industrial applications when it comes to
structural engineering, including automobile, aerospace, and marine
industries. During any welding process, the weld thermal cycle is of
paramount importance to control both the solidification conditions and
the potential solid-state transformations that may occur upon cooling
from high temperature regimes in the heat affected and fusion zones.
Specifically, for arc-based welding the welding current, I, voltage, V, and
travel speed, v, of the heat source, as well as, the process efficiency, n,
are the main parameters determining the heat input, HI, that is provided
to the material to be welded. Here, it is worth mention that the energy
efficiency for arc-based welding is relatively low, around 30-50%
depending on the specific welding process. The heat input is a funda-
mental parameter during fusion welding, and is defined as HI = n P/ v,
where P is the power (I x V). Usually, a decrease in heat input is targeted,
since the larger the heat input the larger the extension of the thermally
affected regions (fusion and heat affected zones) and the potential
microstructure changes induced by the weld thermal cycle can be more
notorious. Intimately related to the heat input is the cooling rate, where
higher values of heat input led to lower cooling rates across the welded
joint. Thus, proper selection of the heat input during fusion-based
welding is important to control the microstructure evolution as well as
the magnitude of residual stresses.

The excellent properties of HEAs make them suitable for a wide
range of applications. Potential applications include moulds and tools,
engines, wear-resistant coatings, nuclear applications, thermal barriers
and corrosion-resistant applications as in the oil & gas industry, for
example. Any of these applications eventually requires welding, thus the
need to explore the weldability of HEA with potential application
prospects. Considering the relevance of HEAs as potential structural
engineering materials, welding will become increasingly necessary to
construct complex shaped structures or to combine their properties with
those of other materials. Therefore, to ensure the feasibility of using
these new advanced alloys in real-life applications, their weldability
needs to be addressed.

Up to now, most studies on TWIP/TRIP metastable HEAs have pri-
marily focused on their thermo-mechanical processing, phase formation
characterization, assessment of mechanical properties, as well as phys-
ical and chemical performances [6,16-19]. Weldability of TWIP/TRIP
metastable HEAs has been addressed in only two reports, both using
friction stir welding [20,21]. Thus, weldability studies for metastable
HEAs considering fusion-based welding methods have not yet been
reported.

The work presented here is the first to use gas tungsten arc welding to
weld an as-cast TWIP/TRIP Fe4sMnygCo10Cri5Sis metastable HEA for
the purpose of obtaining and discussing new data for the widespread
applications of these advanced engineering alloys. To determine how
the weld thermal cycle affects the evolution of microstructure across the
entire joint, a combination of electron microscopy, high-energy syn-
chrotron X-ray diffraction analysis and thermodynamic calculations
were used. In addition, further clarification of the processing/micro-
structure/properties relationships was achieved by using tensile testing
and microhardness mapping. Through multiscale and comprehensive
characterizations of these novel materials, a deeper understanding of the
correlation between processing, microstructure, and mechanical prop-
erties is gained paving the way for their wide application in a variety of
fields.
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Table 1
Welding parameters for the Fe42MngCo1Cri5Sis HEA.

Current Voltage Welding Shielding Gas flow Heat

(I/A) u/v) speed (mm/ gas rate (L/ input (J/
min) min) mm)

25 8 150 99% 14 80

2. Experimental procedure
2.1. Starting material

The material used in this work was an as-cast non-equiatomic
metastable Fe4oMnygCo1oCrisSis (at. %) HEA, which was produced at
Sophisticated Alloys Inc. in Butler, PA, USA, by vacuum induced melting
in an argon atmosphere [22]. Prior to welding, sheets with a thickness of
1.5 mm were cut into 80 x 40 mm? parts. Afterwards, the welding
specimens were cleaned with acetone and ethanol to ensure that there
were no potential contaminations on the joining surfaces.

2.2. Gas tungsten arc welding

To study the weldability of the as-cast Fe4oMnygCoq(CrisSis, gas
tungsten arc welding was used. Here, 99.99% Ar as a shielding gas was
used at a flow rate of 14 L/min. To prevent contamination on both sides
(face and root) of the weld, as well as for minimizing the oxidation of the
heat affected zone, the shielding gas was injected at both surfaces of the
weld. The selected welding parameters are listed in Table 1. After
welding, dog-bone shaped specimens were cut from the as-welded
samples using electrical discharge machining (EDM) for subsequent
microstructure and mechanical characterization.

2.3. Microstructure characterization

Prior to metallographic observations, the welded joints were
mounted in epoxy resin, polished with 400-4000 grit SiC papers, and a
final polishing step was conducted with diamond suspension of 3 pm.
After being ground and polished, the microstructure of the joint was
revealed with Keller’s reagent, which was composed of 5 g CuCly, 5 g
HCL, 100 ml CoHs50H. The holding time for etching the material was
approximately 90 s. An inverted optical microscope (OM) (Leica DMI
5000 M), a scanning electron microscope (SEM) (Helios Hikari UMSII)
equipped with energy dispersive spectroscopy (EDS), and a field emis-
sion SEM (JSM-7100F) were used for metallographic observations. The
raw EBSD data were post-processed using the orientation imaging mi-
croscopy analysis program (TSL OIM Analysis 7.2), and eventually the
Kernel average misorientation (KAM), grain size and inverse pole figure
(IPF) maps were extracted.

To determine the existing phases and evolution of phase fractions
across the joints, synchrotron X-ray diffraction was employed. Experi-
ments were conducted at PETRA III of DESY (Hamburg, Germany) using
the PO7 Energy Materials Science beamline. An 87 kV (A = 0.14235 A)
monochromatic beam energy was used and the beam size was 200 pm X
200 pm. The measurements, performed in transmission mode, initially
started from the base material, then travel through the heat affected
zone as well as the fusion zone, and eventually ended on the opposite
side of the base material with incremental steps of 200 pm. A two-
dimensional PerkinElmer detector with pixel size of 200 x 200 pm?
was used to acquire the Debye-Scherrer diffraction rings. The setup used
is shown in Fig. 1. After the collection of the 2D images, a combination of
Fit2D and Rietveld refinement using MAUD software were applied to
post-process the raw data.
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Fig. 1. Synchrotron X-ray diffraction setup (not to scale).

2.4. Thermodynamic calculations

For thermodynamic analysis, ThermoCalc software [23] was used
with the latest TCHEAS5.1 database for HEAs. Here, considering the
non-equilibrium solidification that occurs in the fusion zone under the
rapid cooling condition, the Scheil-Gulliver model [24] was employed to
predict the solidification path and the potential phase formation in this
region. For these calculations, both the nominal composition of the base
material, as well as the measured average fusion zone composition were
considered to evaluate potential changes in the solidification pathway of
the material. The composition of the phases that were expected to be
formed according to the Scheil-Gulliver model were also obtained and
compared to those measured by SEM/EDS.

2.5. Microhardness and mechanical testing

To explore how the weld thermal cycle affect the hardness behavior
over the welded joint, a Micro-Vickers Hardness testing machine,
Mitutoyo HM-112, was used to measure the microhardness over the
welded joint with a load of 0.3 kg over a 10s time period. A bidimen-
sional map covering the entire cross-section enabled to evaluate
strengthening and softening effects induced by changes in the micro-
structure as a result of the welding procedure. Besides, the mechanical
response of the welded joints have also been further studied by con-
ducting tensile tests. Dog-bone shaped specimens of the welded joints
were obtained by EDM with 25.72 mm in gauge length, 1.5 mm in width
and 1.5 mm in thickness, which were then deformed at room tempera-
ture by using a Shimadzu tensile machine under a strain rate of 1 x 10-3
s~1. Upon fracture of the welded joints, the fracture mechanism was
determined using a Hitachi SU3800 SEM.

3. Results and discussion
3.1. Microstructure evolution

Fig. 2 a) provides a cross-sectional view of the as-cast FessMnog
Co10Cr;5Sis5 gas tungsten arc welded joint. There, it can be observed that
the welding parameters that were selected enabled a full penetration
joint to be formed. A closer inspection of the cross section shows that
there are no visible defects, such as pores or cracks. To clearly image
representative microstructural features, optical microscopy images of
the base material, heat affected zone, boundary between the heat
affected zone and fusion zone, as well as the fusion zone are detailed in
Fig. 2 bl), b2), b3) and b4), respectively. Based on the distinct bound-
aries that appear in the micrograph after etching, complete grains can be

identified as marked by dashed yellow lines, as shown in Fig. 2 b1, b2)
and b4). The bright and dark contrasting colors are related to the
microstructural features of both phases, corresponding to the y-f.c.c. and
e-h.c.p. phase, respectively. Besides, scans of the same regions taken at
high magnifications using electron microscopy are shown in Fig. 2 c1),
c2), c3) and c4), respectively. The boundaries of the fusion zone are
indicated by red dashed lines, as shown in Fig. 2 a).

Overall, a dual y-f.c.c./e-h.c.p. microstructure is evidenced across the
welded joint. The bright and dark contrasting colors are related to the
microstructural features of both phases. A further detailed description
will follow with respect to the microstructure that exists over the four
typical regions of a welded joint, beginning with the so-called base
material. This region mainly consists of two phases: a y-f.c.c. matrix
phase and e-h.c.p. phase. In the y-f.c.c. matrix phase, the e-h.c.p. phase
forms within it and mainly exhibits a block-shaped morphology [25], as
indicated by the red arrows in Fig. 2 b1). Here, it is important to mention
that the initial e-h.c.p. phase formed was thermally induced upon
cooling from the casting process used to obtain the starting base mate-
rial. Entering in the heat affected zone (refer to Fig. 2 b2)), the micro-
structure is found to retain the dual y-f.c.c./e-h.c.p. phase structure, with
the parent y-f.c.c. phase appearing to be partitioned by laths of e-h.c.p.
phase that cross-cut individual grains, and filled with compact laths, as
marked by the white solid line in Fig. 2 b2).

Ahmed et al. [26] previously provided an interesting insight on how
the interlath spacing (i.e., the distance between e-h.c.p. laths) evolves.
They conducted an examination of the e-h.c.p. laths morphologies under
different annealing conditions and found that the variations in the
average interlath spacing is consistent with the trends in the e-h.c.p.
phase volume fraction, where the increased volume fraction of the e-h.c.
p. phase will lead to an increase in the density of e-h.c.p. laths. This will
be further discussed in the next section when evaluating the volume
fraction changes across the welded joint. Moreover, from the base ma-
terial (Fig. 2 b1)) to the heat affected zone (Fig. 2 b2)), a clear increase in
grain size is evident as a result of the increased local peak temperature
and permanence at high temperatures where solid-state phenomena,
such as grain growth, can occur. This is a typical feature of fusion-based
welding processes.

The heat affected zone/fusion zone boundary is clearly observed in
Fig. 2 ¢3), because of the significant differences in the microstructure
that exist in each region. These changes are attributed to the different
weld thermal cycle experienced at each location, where the heat affected
zone remains in the solid state, while in the fusion zone there is melting
followed by solidification. Specifically, when weld solidification occurs,
epitaxial nucleation is then triggered under the support of the cold heat
affected zone, which serves as a substrate, and then grain growth ensues
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Fig. 2. a): a cross-sectional view of the welded joint; bl) and c1), b2) and ¢2), b3) and ¢3), c4) and d4) are close-up views of optical/electron microscopy for the base
material (BM), heat affected zone (HAZ), boundary of heat affected zone and fusion zone (HAZ/FZ), and fusion zone (FZ), respectively.

in accordance with the direction of the maximum temperature gradient
in the fusion zone. Here, at the edge of the fusion zone, a fine dendritic
structure is observed as a result of the fast cooling rate enabled by the
previously cold heat affected zone. Then, grains will start to grow to-
wards the weld centerline (refer to Fig. 2 ¢3) and associated insert),
which is consistent with the solidification theory that is used during
fusion-based welding processes [27]. While moving away from the heat
affected zone/fusion zone boundary towards the weld centerline, the
grain structure formed is mainly composed of finer equiaxed grains
(refer to Fig. 2 b4) whose formation is controlled by the degree of
constitutional undercooling, i.e., the ratio of the temperature gradient,
G, to the solidification rate, R, with a low G/R ratio being beneficial in
promoting the formation of equiaxed grains [28]. A grain is marked by
the dashed yellow line inserted in Fig. 2 b4), where the white dashed box
in the grain is marked for a magnified microstructure view. The Nano
Measure 1.2 software was used to quantify the size of the subgrains and
their average size was approximately 2 pm.

Interestingly, the four regions of the welded joint evidence, accord-
ing to the high magnification electron microscopy images, minor black
spots (marked by yellow dashed circles), and most of them are
concentrated on the phase boundaries, resembling welding defects such
as pores and voids. However, EDS measurements detail that these spots
correspond to the presence of Si-Mn-rich ¢ phase. This identification is
corroborated by both synchrotron X-ray diffraction measurements, as
well as thermodynamic calculations all of which will be further dis-
cussed in subsequent sections.

Fig. 3 a) details the EBSD map of the gas tungsten arc welded
Fe42MnygCo10Cry5Sis joint. Owning to the large dimensions of the joint
and symmetry along the weld centerline, as observed in the optical
micrograph of Fig. 1 a), only half of the joint is shown. Here, the solid
and dashed black lines on Fig. 3 a) represent the boundary lines of the
heat affected zone/fusion zone, and the base material/heat affected
zone, respectively. The former boundary line can be determined by the
distinctive differences in microstructural features between the heat
affected zone and fusion zone. While for the latter boundary line, there
are two main criterions for distinguishing the microstructure of each
region: one is the grain size variation of the matrix y-f.c.c (refer to Fig. 3

e).), while the other one is the hardness distribution in three typical
regions (further detailed in Fig. 8), in which the numerical variation in
the hardness distribution of the joints can help to identify the ranges for
these three typical regions. In addition, the IPF, KAM and phase maps of
the base material (corresponding to Fig. 3 bl), b2) and b3), respec-
tively), heat affected zone (corresponding to Fig. 3 c1), c¢2) and c3),
respectively) and fusion zone (corresponding to Fig. 3 d1), d2) and d3),
respectively) are also shown. It is worth noting that due to the low
resolution and magnification of the present EBSD scanning, as well as
the limitation of the EBSD scanning area, to identify all the fine e-h.c.p.
martensite laths [29]. Thus, the EBSD phase maps data presented here
are only used to qualitative identify the microstructure features across
the joint, as well as to perform a qualitative comparison of trends in the
volume fraction of y-f.c.c. and e-h.c.p. phases rather than a quantitative
analysis. Further quantitative assessment will be performed with the
high energy synchrotron X-ray diffraction data.

In the fusion zone, large columnar grains are observed (refer to Fig. 3
a)), which results from grain growth starting on the pre-existing solid
material, where a large thermal gradient exists promoting the formation
of a fine grain structure at the edge of the fusion zone. As mentioned
before, the growth of grains tends to follow a direction perpendicular to
the solid-liquid interface, the direction of the maximum temperature
gradient, and nucleation is preferentially initiated at the cold substrate,
producing fine dendritic grains at that point, as previously shown in
Fig. 2 b3). However, when the solidification proceeds toward the weld
centerline, competitive growth between grains will induce certain spe-
cific orientations, where grain growth will be facilitated if they are
aligned more favorably with the heat flow. Here, during the relatively
rapid cooling of the fusion zone, the IPF map demonstrates that the
preferential growth direction of the y-f.c.c. and e-h.c.p. phases, shown in
Fig. 3 gl) and g2), is preferentially along the (001) and (0001) di-
rections, respectively. This can be evaluated by the distribution of
existing grains in the orientation triangle shown in Fig. 3 g1) and g2).
These two directions are marked with a red ellipse detailing the higher
fraction of grains oriented at or close to these directions. Both prefer-
ential growth directions of the y-f.c.c. and e-h.c.p. phases along the (001)
and (0001) directions, respectively, are in line with the easy growth
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Fig. 3. a) EBSD map of the gas tungsten arc welded Fe4»,Mn,gCo10Cry5Sis joint; bl) — b3): IPF map, KAM and phase map of the base material, respectively; c1) — ¢3):
IPF map, KAM and phase map of the heat affected zone, respectively; d1) — d3): IPF map, KAM and phase map of the fusion zone, respectively; e) and f) variation of
the average grain size and KAM values with respect to the different regions of the joint, respectively; g1) and g2) are the IPF of y-f.c.c. and e-h.c.p. phases,

respectively.

directions for these crystal structures [30].

Fig. 3 b 1), c 1), and d 1) illustrate the KAM maps of the base ma-
terial, heat affected zone, and fusion zone, respectively. Generally, point
to point measurements of local misorientation of grains in the sur-
rounding microstructure define a KAM map. To further evaluate the
variation of the KAM values across the welded joint, Fig. 3 f) details the
average KAM values for different regions. Comparing the KAM maps
(Fig. 3b 3), ¢ 3), and d 3)) and values (Fig. 3 f)) in different regions, it is
evident that the local deformation over the whole welded joint is quite
low.

Based on the calculations made from multiple EBSD maps, Fig. 3 e)

provides the variation of the average grain size of the y-f.c.c. phase in
different regions of the welded joint. It should be noted that the values of
the measured y-f.c.c. grain size refers to the size of the whole matrix
grains, which may contain the e-h.c.p. laths. In the base material region,
there is an average grain size of approximately 47.5 pm. Then, the
average grain size increases to around 54.2 and 57.9 pm when entering
the heat affected zone and fusion zone, respectively. It is well known
that the heat affected zone near the base material and heat affected zone
near the fusion zone, are expected to exhibit different microstructure
features owing to the differences in both peak temperature and perma-
nence time at which solid-state transformations can occur. Although
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Fig. 4. a) Scanning electron microscopy (SEM) micrograph along with an energy-dispersive X-ray spectroscopy (EDS) line scan (yellow line) and area scan (blue box)
near the heat affected zone/fusion zone boundary; b) EDS area mapping, with the analyzed region corresponding to the blue box of Fig. 3 a); ¢) EDS line scan along
the yellow dashed line in Fig. 3 a). (For interpretation of the references to color in this figure legend, the reader is referred to the Web version of this article.)

grains are visible to grow in the heat affected zone, the minor growth
observed can be attributed to the material’s high thermal stability,
which inhibits massive grain growth to occur.

Fig. 4 b) details an EDS map performed near the boundary of the heat
affected zone and fusion zone for the main elements of the present HEA
(Fe, Mn, Co, Cr and Si), which was used to study the homogeneity of the
chemical composition of the material. The white dashed line corre-
sponds to the boundary between the heat affected zone and fusion zone.
In the heat affected zone, the chemical composition of Co, Cr, Fe, Mn and
Si is well distributed in the e-h.c.p. and y-f.c.c. phases, without any
segregation being observed, which is due to the fact that both the peak
temperature during welding and the period at high temperatures in this
region are insufficient to promote observable chemical contrast between
the y-f.c.c. and e-h.c.p. phases. Within the fusion zone, elemental
redistribution is a typical feature associated to the solidification of
fusion-based welding process. Here, all elements are evenly distributed,
suggesting that the high cooling rate during welding is beneficial for
suppressing macroscopic elemental segregation.

To further present the local trends of different elements, Fig. 4 c)
details an EDS line scan performed along the yellow dashed line of Fig. 4
a). From the elemental distribution curve of Fig. 4 c), there is no sig-
nificant fluctuations that exist for all the elements in the heat affected
zone. Taken as a whole, all elements are uniformly distributed in the
heat affected zone and fusion zone. This homogeneous distribution of
elements is common in metastable HEAs [6,16], unlike for
Mn-containing steels [31,32], which exhibit a distinct chemical gradient
across phase boundaries.

3.2. High energy synchrotron X-ray diffraction

The high photon flux and fast acquisition rate of synchrotron X-ray
diffraction make it an ideal technique for advanced materials charac-
terization. Additionally, it is capable of working in transmission mode,
and the spot size is significantly smaller than when using laboratory X-
ray sources. Therefore, it offers the possibility of probing processed
materials at the micro to mesoscale where microstructural modifications
occur, which would not be distinguished by conventional character-
ization approaches [33]. Here, this technique was employed to further

probe the microstructure starting from the base material and passing
through the heat affected zone and fusion zone until it reached the other
side of the base material. Fig. 5 a) presents the superimposition of the
diffraction patterns over the entire welded joint. The extension of the
base material, heat affected zone and fusion zone were determined and
marked accordingly. To further compare phases that exist in the various
regions of the welded joint, and to understand how the weld thermal
cycle affects the microstructure, representative diffraction patterns of
each location with the corresponding phase identification are shown in
Fig. 5b), ¢) and d), for the base material, heat affected zone and fusion
zone, respectively.

Overall, X-ray diffraction peaks assigned to y-f.c.c., e-h.c.p. and ¢
phases exist in the base material (Fig. 5 b)), heat affected zone (Fig. 5 ¢))
and fusion zone (Fig. 5 ¢)), confirming that the gas tungsten arc welded
Fe42MnygCo10Cr5Sis joint possess the same phase structure throughout.
All of the phases matched well with those previously determined using
optical microscopy (refer to Fig. 2) except for ¢ phase, which is also well
in line with the works of Gupta et al. [21] and Sittiho et al. [22], when
performing friction stir welding of this metastable HEA. The presence of
this dual-phase microstructure in both the heat affected and fusion zone,
reveals that the thermally induced y-f.c.c. — e-h.c.p. martensitic trans-
formation cannot be completely kinetically inhibited by the thermal
cycle experienced by these regions during the welding process [34]. For
the ¢ phase, EDS analysis (refer to Fig. 7) will be utilized to prove the
existence of this nanosized phase. Here, it is important to mention that
the description of the thermally induced y-f.c.c. — e-h.c.p. martensitic
transformationwill be explained further in the next section when
considering the thermodynamic calculations.

Attention is now devoted to the representative X-ray diffraction
patterns for three distinct regions of the joint. First, the as-cast
Fe45MnggCo10Cry5Sis base material exhibited the dual y-f.c.c. + e-h.c.
p- phase structure (Fig. 5 b)), which is in line with previous reports [15].
The formation and presence of ¢ phase is discussed next. In HEAs of the
Fe-Mn-Co-Cr system, the addition of Si and Cr increases the risk of hard
and brittle ¢ phase formation [35]. However, the current work did not
find any Cr-Si-rich particles, but rather Mn- and Si-rich particles. Frank
et al. [36] previously found similarly shaped fine particles in the as-cast
state of the same material, which was also detected to be rich in both Si
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Fig. 5. a) Superimposed X-ray diffraction patterns of across the welded joint; b), ¢) and d) are representative diffraction patterns from the base material (BM), heat

affected zone (HAZ) and fusion zone (FZ), respectively.

and Mn as determined by atom probe tomography. The authors named it
as “Si phase” based on its elemental richness without determining its
crystal structure. Here, the microstructure characterization of the base
material, combining electron microscopy and synchrotron X-ray
diffraction, allows to identify that those Si-Mn-rich precipitates are
indeed ¢ phase with a tetragonal structure. The small intensity diffrac-
tion peaks of this phase are marked with green triangles in Fig. 5. As it
will be shown in the next section, this observation is in good agreement
with the thermodynamic calculations that predict the formation of a
Si-Mn-rich phase upon solidification (refer to Fig. 6).

Entering the heat affected zone (Fig. 5 c)), all previously identified
phases (y-f.c.c., e-h.c.p. and o) were detected, suggesting that the weld
thermal cycle failed to alter the phase structure in this region. Finally
reaching the fusion zone, the phase identification shown in Fig. 5 d)
indicates that the solidification and cooling conditions experienced by
the joint region cannot prevent the same phases to be formed. It should
be mentioned here that, although the weld thermal cycle is insufficient
to change the existing phases in the current joint, it does alter their
volume fraction, which will be further discussed below.

To quantitatively analyze of how the weld thermal cycle influenced
the volume fraction of y-f.c.c., e-h.c.p. and ¢ phases across the welded
joint, Rietveld refinement was performed on the synchrotron X-ray
diffraction data and these results are detailed in Table 2.

As expected, the as-cast Fe4oMnygCo1¢Cr5Sis HEA showed the y-f.c.
c. phase being dominant in the dual-phase microstructure [15] with the
phase distribution being ~ 60.1% of y-f.c.c. phase, and ~38.7% of the

e-h.c.p. phase. The phase fraction obtained here is consistent with the
findings presented by Nene et al. [15]. These authors developed the
present HEA with a metastable y-f.c.c. dominant microstructure based
on the concept of Gibbs free energy change required for the martensitic
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Fig. 6. Solidification path calculations using theFthe p Scheil-Gulliver model in
ThermoCalc (TCHEA 5.1 database) considering the average fusion zone
composition.
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Fig. 7. SEM image and corresponding EDS mapping near particles of ¢ phase in the fusion zone.
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Table 2

Volume fraction evolution of y-f.c.c., e-h.c.p. and o phases across the welded
joint (base material, heat affected zone and fusion zone) as obtained by Rietveld
refinement.

Region of the welded joint Phase volume fraction [%]

y-f.cc. e-h.c.p. o phase
phase phase
Base material ~60.1 ~38.7 ~1.2
Heat affected zone near the base ~51.3 ~47.8 ~0.9
material
Heat affected zone near the fusion zone = ~48.4 ~51.9 ~0.7
Fusion zone ~73.2 ~24.4 ~2.5

transformation of y-f.c.c. — e-h.c.p. Specifically, they modified the
metastability of the y-f.c.c. phase by increasing the Cr content and by
adding Si. The Si-Mn-rich ¢ phase had a volume fraction of approxi-
mately ~1.2%. The phase quantification of all existing phases in this
alloy is first reported in this work. Indeed, the calculated volume

fraction of the existing phases in the base material can be considered as
the phase volume fraction that should originate from an equilibrium-like
solidification. Here, it should be mentioned that to avoid in-
homogeneities in the cast structure near the edges of the mould walls,
the sheets used for welding are taken from the central area of the casting,
where the cooling conditions tend to approach an equilibrium-like
condition.

The heat affected zone is the region of the welded joint where the
temperature experienced allows for solid-state phase transformation to
occur while remaining in the same state, i.e., solid. Interestingly, there is
a significant change in the phase volume fraction of the y-f.c.c. and e-h.c.
p- phases. Specifically, the y-f.c.c. phase volume fraction decreased
compared to the base material (from ~60.1% to ~ 51.3 and ~48.4%,
with the two latter values corresponding to the low and high tempera-
ture heat affected zone, respectively), and correspondingly, an increase
in the volume fraction of the e-h.c.p. phase was observed (from ~38.7%
to ~ 47.8 and ~51.9%). The trend in the evolution of the phase volume
fraction from the base material to the heat affected zone obtained from
the synchrotron data, such as the increase in the volume fraction of the
e-h.c.p. phase, is consistent with the trend in the phase fraction obtained
from the EBSD phase maps (refer to Fig. 3 b3) and c3)). Generally, there
are two ways that can trigger the y-f.c.c. —» e-h.c.p. transformation. One
is via the transformation induced plasticity (TRIP) mechanism [37], the
other is via a thermally-induced phase transformation [38]. In the cur-
rent work, it is evident that the phase fraction of the e-h.c.p. phase in-
creases from the base material to the heat affected zone (refer to Fig. 5,
Table 2, and Fig. 3 b3) and ¢3)). Here, the newly formed e-h.c.p. laths in
the heat affected zone are related to the thermally induced y-f.c.c. — &-h.
c.p. martensitic phase transformation during the welding process, and
not to the TRIP effect as the eventual thermal strains that can develop
during the process are not high enough to enable this mechanism. To
justify that the increase in the e-h.c.p. phase fraction was not related to
the TRIP effect, KAM values (refer to Fig. 3 f)) were used to evaluate the
relationship between regions with high dislocation density and/or with
a high local strain. Moreover, welding residual stresses have a correla-
tion with the distribution of the KAM values [39], especially for welding
of thin sheets, as it was demonstrated by Mitra et al. [40]. To be more
specific, in Fig. 3 f), only minimum variations in the average KAM values
across the welded joint exist, with 0.375°, 0.451° and 0.625° for the base
material, heat affected zone and fusion zone, respectively, which allows
to infer the minimal residual strain/stress within the welded joint
induced by the weld thermal cycle. Thus, the low residual stress/strain
deduced from the KAM analysis, justifies the reasonableness of the
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hypothesis that the e-h.c.p. transformation from the parent y-f.c.c.
occurred by a thermal-induced process, rather than by a
deformation-assisted one. In conclusion, the y-f.c.c. to e-h.c.p.
martensitic phase transformation that occurs in the heat affected zone is
attributed to an allotropic transformation during cooling [41], i.e., the
migration and rearrangement of atoms during the cooling process.

In other words, variations in both the local cooling rate and on the
grain size affect the phase stability in metastable HEAs, where the higher
cooling rates enhances the stability of the high temperature y-f.c.c.
phase while the large grains aid in stabilizing the e-h.c.p. phase [42].
The reason for the increased volume fraction of the e-h.c.p. phase in the
heat affected zone is, thus, due to the thermal cycle experienced by the
material. The maximum temperature at which the e-h.c.p. phase is stable
is 425 °C [15]. Hence, any region of the material that experiences
temperatures above this will transform to y-f.c.c. However, within the
heat affected zone, the distance to the heat source will influence both the
peak temperature, as well as the associated cooling rate, leading to a
gradient in the fraction of y-f.c.c. and e-h.c.p. across this region which
impacts the local mechanical properties, as it will be shown latter. For
the relationship between the cooling rate and the thermal induced phase
transformation from y-f.c.c. to e-h.c.p., the closer to the boundary of the
heat affected zone/fusion zone the faster the cooling rate. With faster
cooling rate the easier it is for the formation of the low-temperature e-h.
c.p phase to be inhibited [30,38], which leads to more y-f.c.c. phase
being stabilized. Therefore, purely considering the effect of the cooling
rate on the y-f.c.c. to e-h.c.p. phase transformation, the phase volume
fraction of the high temperature stable y-f.c.c. phase will increase and
e-h.c.p. phase should decrease, since the cooling rate increases from the
base material to the fusion zone [44]. However, it was observed that the
volume fraction of the y-f.c.c. phase is decreasing, with a concomitant
increase in the e-h.c.p. phase content (refer to Table 2), which is contrary
to the results expected from the current analysis considering the effect of
the cooling rate detailed above. However, as detailed before, for meta-
stable HEAs, the phase evolution depends on a competition between
both the cooling rate and the grain size, and not solely on the variation of
one or the other [21]. Hence, this requires a continuation of the analysis
in terms of the variation of the grain size and the phase transformation.

Contrary to the effect of increasing the cooling rate on the phase
transformation, an increase in grain size promotes the y-f.c.c. to e-h.c.p.
phase transformation [43]. In other words, an increase in grain size
reduces the phase volume fraction of y-f.c.c., while increasing the vol-
ume fraction of the e-h.c.p. In the current work, from the base material
into the heat affected zone, the grain structure is coarsened (refer to
Fig. 3 e)) due to the increase in peak temperature and permanence time
for grain growth to occur. This will promote the e-h.c.p. stability,
favouring the y-f.c.c. to e-h.c.p. martensitic phase transformation upon
cooling after welding. Thus, two concurring effects, namely grain size
and cooling rate, will compete towards the stability of the y-f.c.c. or the
e-h.c.p. phases. However, based on the above analysis, it can be deduced
that, in the present work, the competition between cooling rate and
grain size growth on thermal induced phase transformation is more
influenced by the changes in grain size. In other words, the increase in
grain size dominates the phase fraction evolution from the base material
to the heat affected zone, promoting a stabilization of the e-h.c.p.
instead.

In what matters ¢ phase, there is a partial dissolution, as its volume
fraction is reduced from 1.2% in the base material to 0.9% in the heat
affected zone and then to 0.7% when approaching the fusion zone
boundary. It is worth mentioning here that in the current work, the ¢
phase can be formed in two ways, one way is being formed directly from
the rapid solidification of the melt pool at the end of the solidification
(refer to Fig. 6), while another way is forming upon precipitation upon
cooling until ~ 400 °C. As mentioned before, the base material sheets
used for welding in this work were taken from the central area of a large
casting, where cooling is slow so that there is sufficient time for ¢ phase
to form during the cooling process. Thus, it can be inferred that the
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volume fraction of the 1.2% of ¢ phase in the base material is predom-
inantly formed in the slow cooling process during casting. Now, one
must consider the thermally affected regions and the thermodynamic
calculations that predicted a melting point for ¢ phase to be close to
1045 °C. Thus, in the heat affected zone that experience temperatures
below 1045 °C, there will be a preservation of this phase. However, still
in the heat affected zone, but in regions where the peak temperature
surpassed 1045 °C, the phase fraction of ¢ starts to decrease which can
be attributed to partial dissolution. It should be mentioned that the non-
equilibrium heating/cooling conditions experienced during welding can
also promote a shift in the temperatures at which certain solid state
transformations occur. So, the thermodynamically predicted melting
temperature of ¢ phase is only used as a qualitative reference to unveil
the partial dissolution or not of this phase due to the weld thermal cycle
in the heat affected zone. The present analysis predicts a trend in the
volume fraction variation of ¢ phase based on the pathway of ¢ phase
formation and the effect of weld thermal cycle on this phase, which is
consistent with the trend in the volume fraction of the ¢ phase obtained
from the synchrotron data.

It is well known that the fusion zone is the region of a welded joint
that undergoes melting and fast, non-equilibrium solidification. Here, a
significant change in the phase volume fraction of both y-f.c.c. and e-h.c.
p- phases is noted, with the volume fraction of the y-f.c.c. phase
increasing from 60.1% (in base material) to 73.2%, while the e-h.c.p.
phase retained only 24.4%. This is mainly ascribed to the higher cooling
rate in the fusion zone compared to that experienced during casting of
the present base material [44]. Specifically, for metastable HEAs with
low stacking fault energy, as the present material, y -f.c.c. and e-h.c.p.
phases are the stable phases at high and low temperatures, respectively
[45]. The volume fraction of the e-h.c.p. phase is strongly dependent on
the cooling rate [38]. Thus, in the fusion zone, the thermally induced y-f.
c.c. to e-h.c.p. martensitic transformation could be kinetically inhibited
due to the faster cooling rate observed during welding than during
casting, enabling to retain more metastable y-f.c.c. phase. Thus, the
variation in the volume fraction of y-f.c.c. and e-h.c.p. phases in the
fusion zone compared to the base material suggests that the cooling rate
is the primary reason affecting the extent of the y-f.c.c. to e-h.c.p.
martensitic phase transformation in this metastable HEA. Similarly,
although the peak temperature in the heat affected zone, can enable to
experience solid state phase transformations, it is still lower than the
peak temperature of the fusion zone. Based on the relationship between
peak temperature and cooling rate [46], it can be stated that the cooling
rate in the fusion zone is higher than in the heat affected zone even at the
y-f.c.c. to e-h.c.p. phase transformation temperature point (425 °C).
Further observing the phase volume fraction distribution, the volume
fraction of the y-f.c.c. phase increases and e-h.c.p. phase decreases,
suggesting again that the fast cooling rate in the fusion zone can
kinetically inhibit the thermally induced y-f.c.c. to e-h.c.p. phase
transformation, even though there is evidence of grain growth in this
region. This phenomenon of inhibiting the martensitic phase trans-
formation in the fusion zone due to rapid non-equilibrium solidification
was also reported in the study of Zhu et al. [34]. It is worth mentioning
here that, in Fig. 5 d), the X-ray diffraction peaks corresponding to the
e-h.c.p. phase possess high intensity, similar to that of the y -f.c.c. phase,
which is due to the strong texture effect in the e-h.c.p. phase promoted
by the rapid solidification in the fusion zone, rendering a highly oriented
grain structure. For the ¢ phase, it can be observed that an increased
volume fraction exists in the fusion zone compared to the remaining
regions of the joint (=2.5% for the fusion zone, ~0.9% for the heat
affected zone and ~1.2% for the base material), this can be further
evidenced by the higher peak intensity of ¢ phase as shown in X-ray
diffractogram of Fig. 5 d)). This phenomenon occurs as a result of the
addition of Si that leads to the Si-Mn-rich ¢ phase being generated
directly from the rapid solidification of the melt pool at the end of the
solidification (more details on this will be provided when discussing the
thermodynamic data of Fig. 6), which is consistent with the findings
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reported by Nene et al. whom used thermodynamic calculations to
investigate the effect of Si on the ¢ phase formation [35]. In addition, a
small amount of ¢ phase can also precipitate. Although they can be
formed at different times (from solidification and upon cooling in the
solid state) they share the same tetragonal crystal structure and the same
chemical enrichment in both Si and Mn. Based on the above analysis, the
amount of ¢ in the fusion zone differs from that in the base material and
the heat affected zone due to the fact that the main source of the ¢ phase
from the fusion zone is solidification precipitation, while the predomi-
nant source of the ¢ phase from the base material and the heat affected
zone is cooling precipitation. However, in either case, ¢ phase is
enriched in both Si and Mn. It should also be mentioned that the present
work does not quantify the volume fraction of ¢ phase arising from
different sources, as is not within the scope of this study.

3.3. Thermodynamic calculations

In order to gain a better understanding of the solidification process
that occurs in the fusion zone, the Scheil-Gulliver model was used to
implement and predict the solidification pathway and phases formation
in the fusion zone by considering the non-equilibrium solidification
conditions. As determined by EDS measurements, the average fusion
zone composition (35% Fe, 23% Mn, 17% Co, 19% Cr and 6% Si, at. %)
was used for these thermodynamic calculations. Besides, a nominal
composition of the material was also taken into account (42% Fe, 28%
Mn, 10% Co, 15% Cr and 5% Si, at. %) to perform the same calculations.

Although not shown here, when comparing the non-equilibrium
solidification diagrams obtained with the two different compositions it
was found that the solidification pathway, as well as the phases formed,
are practically the same. As a matter of fact, the only subtle differences
between the two (average vs nominal compositions) are the tempera-
tures of the solidus and liquidus as well as the temperature at which the
6 phase begins to form. Thus, here, only the non-equilibrium solidifi-
cation pathway obtained considering the average measured composition
of the fusion zone is analyzed, as shown in Fig. 6.

As can be clearly seen in Fig. 6, the solidification path takes place in
two steps as follows: Liquid — Liquid + y-f.c.c., then followed by y-f.c.c.
and ¢ phases being formed from the remaining liquid. When using the
average fusion zone composition, the solidus and liquidus temperatures
were determined to be 951 and 1256 °C, respectively, whereas the range
for ¢ formation occurred between 1045 and 951 °C. For reference, the
liquidus, solidus and ¢ formation temperatures are 1223, 915, 932 and
916 °C when using the nominal composition of the material. It is worth
noting that there is no trace of the e-h.c.p. phase during the solidification
process presented in Fig. 6. In fact, the e-h.c.p. phase previously detected
in the fusion zone by synchrotron X-ray diffraction data (refer to Fig. 5
d)) and optical microscopy (refer to Fig. 2), did not form directly from
the liquid, but rather occurred during a solid-state phase transformation
upon further cooling after solidification was finished. This again proved
the previous assumption that the variation of the y-f.c.c. and e-h.c.p.
phases volume fraction in the heat affected zone and fusion zone are the
result of a thermally induced y-f.c.c. — e-h.c.p. martensitic phase
transformation.

According to these thermodynamic calculations, the ¢ phase that
formed during non-equilibrium solidification was enriched in both Si
and Mn. Furthermore, EDS data details that these small particles
observed in the fusion zone are also enriched in both Si and Mn (see
Fig. 7), which further validates these thermodynamic calculations. This
will be discussed in detail next.

The EDS mapping of the constituent elements (Fe, Mn, Co, Cr and Si)
was conducted to further investigate the composition distribution of the
fine black particles that can be observed in the fusion zone, which are
shown in the SEM images of Fig. 7 with white ellipses. These EDS data
confirms that these black particles are enriched in both Mn and Si,
suggesting that these two elements had the most significant tendency to
cluster [47]. Interestingly, in the present work, Mn and Si were also the
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elements with the most significant discrepancies in electronegativity
[48] in the Fe-Mn-Co-Cr-Si system. Nene et al. [15] previously used
atom probe tomography reconstruction to identify short-range clusters
by nearest neighbor analysis of the particles that appeared in the same
Fe-Mn-Co-Cr-Si metastable HEA. The observed elemental clustering is
consistent with the current work observations, i.e., the particles being
Si-Mn-rich. In conclusion, the Si-Mn-rich particles detected by EDS
matched with the thermodynamically predicted ¢ phase enrichment of
these two elements (refer to Fig. 6), thus validating the accuracy of the
thermodynamic predictions.

3.4. Mechanical behavior

Generally, there two main factors that will affect the hardness of a
material, one is the variation in grain size and the other are changes in
the phase volume fraction. A detailed analysis as to which mechanism
predominantly dominates across the joint is detailed next.

As shown in Fig. 8, microhardness measurements were performed
across the welded joint to further evaluate how the weld thermal cycle
and local material microstructure effected the local material strength.
The color change in the hardness mapping presented in Fig. 8 a) iden-
tified three typical regions of the welded joint: the blue, green and red
colors represent the base material, heat affected zone and fusion zone,
respectively, and these regions have been marked by a different number
each. Besides, a representative trend of the hardness variation along the
joint, obtained at mid height, is detailed in Fig. 8 b).

From Fig. 8 b), a significant difference in hardness was found among
the base material (=221 HVO0.3), heat affected zone (ranging from ~225
to ~262 HVO0.3) and fusion zone (~275 HVO0.3). As can be seen, the
hardness in the region of the base material is the lowest of all, whereas
the heat affected zone has an increasing trend in hardness value when
compared to the base material. The increase in hardness in the heat
affected zone when moving towards the fusion boundary is mainly due
to a higher phase volume fraction of the hard e-h.c.p. phase (increased
from 38.7 to 47.8%), which increases similarly along the heat affected
zone (refer to Table 2). Previously, Hou et al. [51] and Shayasultanov
et al. [52] reported that the hardness of the e-h.c.p. phase is approxi-
mately three times higher than that of the y-f.c.c. phase in such
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Fig. 9. Engineering and true tensile stress-strain curves of base material (red
solid line and dashed red line, respectively) and engineering and true tensile
stress-strain curves of as-welded as-cast Fe;»Mn,gCo10Cr;5Sis metastable HEA
(blue solid line and blue dashed line, respectively). The blue box corresponds to
the EBSD data, which highlighted the inserts of the fracture site. (For inter-
pretation of the references to color in this figure legend, the reader is referred to
the Web version of this article.)



J. Shen et al.

Table 3
Summary of tensile properties of BM, gas tungsten arc welded FeqoMnpg
C010Cr1 5Si5 joints.

Yield strength Ultimate tensile strength Fracture strain

[MPa] [MPa] [%]
Base ~440 ~790 ~9.8
material
Welded ~400 ~615 ~6.6
joints

metastable HEAs. From the base material region, entering into the heat
affected zone, the average grain size of the matrix y-f.c.c. increases from
47.5 pm (base material) to 54.2 um (heat affected zone), which should
result in a minor hardness decrease following the Hall-Petch relation-
ship. However, the fact is that the hardness increases from 221 HV0.3 in
the base material region to the heat affected zone (225 HV). Although
there is an increase in the grain size when approaching the fusion
boundary, the observed increase in hardness is due to the higher e-h.c.p.
phase fraction, which promotes an obvious strengthening along the heat
affected zone. Based on the above analysis, it can be deduced that the
change in phase fraction is the predominant factor for the increased
hardness within the heat affected zone, despite the existence of a coarse
grain structure.

One interesting feature is the hardness distribution in the fusion
zone. If purely looking at the volume fractions of y-f.c.c. (73.2%) and
e-h.c.p. (24.4%) phases, it would be expected that a smaller hardness
would exist at this region, owing to the domination of a soft y-f.c.c.
microstructure. In contrast, the fusion zone showed a maximum value of
hardness over the whole joint, which was mainly due to the very refined
subgrain structure of both the y-f.c.c. and e-h.c.p. product phase (=2 pm)
induced by the relatively rapid solidification of the fusion zone (refer to
Fig. 2 b4), and the consequent introduction of fine grain strengthening,
which compensate for the loss of the hardness by the dominance of the
soft y-f.c.c. phase. Thus, although the volume fraction of e-h.c.p. phase is
lower in the fusion zone, the substantial grain refinement is enough to
significantly increase the material hardness at this location.

To assess the mechanical performance of the welded joints, and
compare them with the base material, uniaxial tensile testing until
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failure was carried out on both gas tungsten arc welded Fe4oMnag.
Co10Cr;5Sis joints, as well as the as-cast Fe4oMnogCo10Cr5Sis base ma-
terial. Fig. 9 provides the engineering and true stress-strain curves for
the as-welded joints (blue solid and dashed curve) and as-cast base
material (red solid and dashed color). Detailed information on the me-
chanical properties of the materials discussed above can be found in
Table 3.

Overall, both the strength and ductility of the welds are decreased
compared to the base material. More specifically, the engineering yield
strength, ultimate tensile strength and maximum elongation of the base
material (subtracting the elastic regime) are ~ 440 MPa, ~790 MPa and
~8.6% respectively, while for the welded joints these values are ~ 400
MPa, =615 MPa and ~4.5%. It is important to note that although the
joints exhibit an inferior performance than the original base material for
both ultimate strength and ductility, they still exhibit interesting me-
chanical properties, with the potential to be used in structural applica-
tions. Based on the macroscopic characteristics of the fracture in the
joints, it can be concluded that failure took place in the fusion zone. To
further verify the fracture site, EBSD analysis was performed on the
tensile specimen after fracture, detailed in the insert of Fig. 9. Based on
the strong crystal orientation shown in the IPF maps, it can be also
confirmed that the fracture occurred in the fusion zone, though almost
approaching the fusion boundary. The larger amount (relative to the
base material and heat affected zone) of hard ¢ phase that was deter-
mined to exist in this region can justify the fracture location. Moreover,
the nearly twice volume fraction of ¢ phase that exists in the fusion zone,
which can act as stress concentrators, trigger crack initiation and sub-
sequent development, it can also contribute to the premature failure of
the joint as well as its location.

Theoretically, TWIP and TRIP effects occur during the deformation
of metastable HEAs, which can improve the strength and ductility of the
material [6,17]. However, based on the final mechanical behavior of the
welded joint in the current work (refer to Fig. 9), it can be speculated
that the large amount of nanosized ¢ phase distributed in the fusion zone
triggers localized stress concentrations and cracking sources, causing the
joints to fracture prematurely and not allowing the TWIP and TRIP ef-
fects to full exploit their advantages in improving the mechanical
properties of the material. Hence, future work will be primarily focused

Fig. 10. a) a overview of fracture surface of welded joint; b) and c) close-up detailing the ductile and brittle characteristics.
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on how to improve the mechanical properties of the current welded
joints by using post-weld heat treatments.

To further explore the fracture mode as well as to determine the
fracture origin, the tensile fracture morphology of the as-welded joints
of Fe4oMnygCo10Cri5Sis metastable HEA were observed by SEM, as
shown in Fig. 10. Fig. 10 a) details the overview of the fracture surface
with Fig. 10 b) and 10 ¢) detailing zoomed in images of specific features
observed. Interestingly, an intergranular fractured surface was
observed, as shown in Fig. 10 b). This implies that slip location is helpful
in facilitating the development of damage along the grain boundaries
[49]. As marked in Fig. 10 c), evidence of cleavage fractures and dimples
reveal a mixed brittle and ductile fracture morphologies.

Normally, localized plasticity in metastable HEAs can promote
intergranular cracking mechanisms [50]. Considering that the hard
nanosized ¢ phase was mainly distributed near the phase boundaries
(refer to Fig. 2), it can be deduced that the stress concentration induced
by the o phase activates localized plastic deformation at the grain
boundaries, which aids in crack initiation occurring near the bound-
aries, and eventually fracture occurs along the grain boundaries. In
addition, the brittle e-h.c.p. phase induced by the TRIP effect during
tensile loading, tends to nucleate and grow near the grain boundaries,
further reducing the ductility at the grain boundaries and serves as an
auxiliary mechanism for localized plastic deformation. Thus, the anal-
ysis of the fracture mechanism further validates the previous hypothesis
that the higher volume fraction of the hard nanosized ¢ phase in the
fusion zone is the main reason for inducing premature failure in this
region of the welded joint.

4. Conclusions

A combination of advanced materials characterization and thermo-
dynamic calculations was used to investigate the how gas tungsten arc
welding affects the microstructure and mechanical properties of an as-
cast Fe4oMnggCo;0Cry5Sis metastable high entropy alloy. In conclu-
sion, the following main points can be made.

— Overall, there were no welding defects detected in the joints, which
exhibited a good weldability.

— The y-f.c.c. to e-h.c.p. phase transformation in the heat affected zone
and fusion zone does not occur due to the TRIP effect triggered by the
weld thermal strains, but rather due to a thermally-induced
martensitic phase transformation during the cooling process.

— Competition between grain size and locally varying cooling rates
were seen to influence the phase stability across the heat affected
zone.

— Microstructure characterization, combining electron microscopy and
synchrotron X-ray diffraction determined that Si-Mn-rich pre-
cipitates are ¢ phase with a tetragonal structure, which in good
agreement with the thermodynamic calculations used to predict the
solidification pathway.

— The cooling rate is the primary reason affecting the extent of y-f.c.c.
to e-h.c.p. martensitic phase transformation in the fusion zone.

— Although the phase volume fraction of hard e-h.c.p. significantly
reduced in the fusion zone, the refine grain size of this phase pro-
moted a significant strengthening effect at this location.

— The joints have a lower strength and ductility compared to the
original base material, but can still be considered for structural ap-
plications owing to their good mechanical performance.

The raw/processed data required to reproduce these findings cannot
be shared at this time as the data also forms part of an ongoing study.
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