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� Metal-Injection-Molded b Ti-Nb-Zr
has superior fatigue endurance
compared to clean-produced a-b Ti-
counterparts while tolerating large
contents of carbon and/or oxygen.

� The large amounts of oxygen and
carbon do not facilitate crack
initiation in ‘‘weak”-microstructural
features/units of sintered metastable
b Ti-alloys.

� Degraded fatigue property caused by
coarse-grained microstructure might
be mitigated or restrained by
‘‘fishbone”-like grain boundaries with
rough multiphase interfaces.

� A conditional fatigue duality can be
triggered by two competing
mechanisms of crack initiation,
initiating at a-platelets or at TiC-
inclusions.
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Technically optimizing the processing cleanliness of Metal-Injection-Molded titanium alloys (Ti-MIM) is
not economically feasible. This problem is common in the materials processing field. In the search for an
alternative approach, the work tries to achieve superior high-cycle fatigue (HCF) performance while tol-
erating very high impurity levels. The concept arose from the large tolerance of b-class Ti-alloys for
oxygen-solutes and the feasibility to mitigate detrimental effects of carbide-inclusions, under monoto-
nous loading. In this paper, MIM b Ti-Nb-Zr biomaterials for fatigue-critical applications were deliber-
ately produced with very high O-level and normal/very high C-levels. The impurity-resistant Ti-
biomaterials exhibit superior HCF endurance limits beyond 600 MPa irrespective of processing cleanli-
ness, being significantly higher than those of the a-b Ti-reference alloys produced with tight restrictions
on impurity levels. This superior fatigue performance while tolerating amounts of impurities stems from
the ‘‘weak”-microstructural features insensitive to impurities and increased resistance of the Ti-matrix
against fatigue small-cracks. Furthermore, a conditional fatigue duality triggered by two competing
mechanisms of crack initiation in certain cases, initiating at microscale pore a-platelets and at large pore
TiC-inclusions can occur. The success of the present alloy-process development might greatly relax the
processing demands for active metals.
� 2021 The Authors. Published by Elsevier Ltd. This is an openaccess article under the CCBY license (http://

creativecommons.org/licenses/by/4.0/).
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1. Introduction

Historically, the field of material engineering has long resorted
to more robust and advanced technologies to improve processing
cleanliness or reduce impurity uptake. However, little work has
been done to develop key structural materials robust against very
high impurity levels. Theoretically, the mechanical property of
active materials insensitive to impurities is capable of intrinsically
overcoming low-cost and high-performance trade-off. In particu-
lar, this is economically important for some commercial processing
technologies where the cost-effectiveness is an essential element,
such as Metal-Injection-Molding (MIM) [1].

Due to its advantages of high mechanical performance, mass
production capability, ability to form sophisticated shapes, and
cost-savings, MIM technology to date has been used in industrial-
ized applications in TMT (technology, media, and telecom), auto-
motive, medical fields and so forth [2]. With regards to
processing cleanliness, carbon and oxygen uptakes that are typical
impurities originate mostly from starting powder, binder decom-
position, and sintering furnace; the resulting impurity content of
sintered parts is so high that MIM in essence has low cleanliness
[3]. Many existing technical precautions, e.g., usage of pre-alloyed
material, high-purity powder and argon, careful handling, high-
vacuum sintering, hydrogen-charging burnout prior to sintering,
and avoiding graphite-heaters in furnaces, may not be completely
successful solutions for actual manufacturing industry in pursuit of
maximum benefits. Therefore, the nature of MIM technology cur-
rently confines its commercialization to ferrous metals, e.g., carbon
steel, whereas great challenges still remain for impurity-
vulnerable active metals such as Ti, Nb, Zr, etc.

Recently, a Ti-Nb-Zr system (incl. ternary and multivariant) has
been endorsed as a promising b-class Ti-alloy for bio-tolerant/
fatigue-critical orthopaedic applications [4]. In theory, properly
stabilizing b-phase of Ti-alloys can steeply lower Young’s moduli
without sacrificing other biomechanical properties to a certain
extent [5]. A low Young’s modulus may avoid bone replacement
failure caused by the stress-shielding effect [6]. Among
transition-metals that can stabilize b-phase, only Nb, Zr, Ta, and
Hf are verified to feature the highest biocompatibility through
diverse in vitro and in vivo evaluations [7]. In addition, the very
active elements Nb and Zr are inclined to form oxides over the
course of material service; but it has been verified that self-
formed Nb2O5 and ZrO2 oxide films with good toughness and cor-
rosion resistance on the outer surface are of great benefit for crack
resistance in NaCl solution (i.e., body fluid) [8].

The b Ti-Nb-Zr processed by MIM thus has a tremendous poten-
tial to meet biomedical needs. However, its existing problem, i.e.,
high or very high impurity levels are introduced to sintered active
metals [2], has to be addressed in view of industrial applicability
(mainly cost-effectiveness and technical-feasibility). In this paper,
in accordance with ASTM B348 Grade 1 and Grade 2, O-level (C-
level) in Ti-alloys less than 2500 mg/g (800 mg/g) and greater than
1800 mg/g are regarded as high impurity level, while O-level (C-
level) in Ti-alloys greater than 2500 mg/g (800 mg/g) are regarded
as very high impurity level. It was currently found that, in terms
of ductility that is of greatest concern, many b Ti-alloys can endure
oxygen solutes much better than the a-b Ti-alloys, for instance, Ti-
6Al-4V and Ti-6Al-7Nb, in mechanical testing under monotonous
loading [9]. Specifically, the b Ti-alloy can tolerate extraordinary
oxygen levels up to ca. 8000 mg/g while still providing a moderate
ductility in tensile tests [10]. On the other hand, normal carbon
uptake with tight restrictions, or even below 500 mg/g in some
cases, for MIM-processed b Ti-alloys frequently hampers ductility
by precipitation of unfavorable TiC-inclusions along the prior b
grain boundary (GB) as a major existing form of carbon atoms
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[11]. Nevertheless, it is feasible to improve the elongation to frac-
ture largely through adjusting the spatial distribution of TiCs by
regulating its precipitation path [4].

Though these perceived shortcomings of MIM b Ti-alloys in
monotonous loading conditions have been well-addressed, fatigue
under cyclic-stress loading is responsible for approximately 90% of
mechanical failures in service [12]. However, prior to this research,
there had been few fatigue studies on sintered b Ti-alloys. In fact,
since a study launched by United States Air Force Scientific Advi-
sory Board in 1992 targeting HCF [13], a variety of Ti-alloys have
been extensively tested for fatigue under different cyclic-loading
schemes, in many cases with surface treatment [14]. Unfortu-
nately, those studies only provide limited reference, because most
of them investigated pore-free or even defect-free Ti-materials,
normally with extra-low interstitials.

What’s more, compared with ingot-metallurgical or additive
manufactured Ti-alloys characterized with rapidly cooled
microstructures, slow furnace-cooled microstructures in tradition-
ally powder-metallurgical as-sintered specimens have relatively
coarse equiaxed-grains/colonies [15]. Of particular significance in
this regard is that the small-crack effects, which in principle govern
classic smooth-bar stress/life (fatigue S/N scatter) are closely
related to the maximum size of ‘‘weak”-microstructural features/
units [16]. It should be noted, that naturally occurring cracks, but
not artificially pre-notched ones in fatigue samples are of signifi-
cance. Their sizes are comparable to: i) the dimension of the
microstructural unit oriented for easy small-crack nucleation/-
growth (a continuum limitation); ii) the extent of localized plastic-
ity ahead of the crack-tip (a linear-elastic fracture mechanics
limitation); and iii) the extent of effective crack closure/shielding
behind of the crack-tip (a similitude limitation) [17]. Therefore,
in view of microstructural morphology, it has been generally rec-
ognized that fine equiaxed grains or variously oriented platelets
associated with reduced effective slip-band lengths are more
HCF-resistant than coarse lamellar colonies concomitant with
extended planar slip bands [18,19].

For accurate assessment, it is necessary to experiment by using
exactly the same MIM-processing and fatigue-testing parameters
as employed for MIM common a-b Ti-alloys as reference (incl.
Ti-6Al-4V [20] and Ti-6Al-7Nb [21] for comparing fatigue proper-
ties). A standard shot-peening process is performed on MIM as-
sintered parts to erase harsh surface-defects. Testing surface-
treated specimens allows for the identification of explicit effects
of inner microstructural features of the materials on HCF [22]. By
using high-quality powders and optimized processes with tight
restrictions to achieve low impurity levels, both reference Ti-
materials offer fatigue endurance limits of approximately
450 MPa. In these cases, initial HCF crack/slip-planes are oriented
parallel to the weak lamellar interfaces acting as the maximum
operative slip bands, partially/completely across one lamella
within a colony or jumping occasionally to adjacent lamellae
[23]. Specifically, it has been discovered that the smooth slip-
bands/crack-facets in fracture surface initially open up within a/
b lamellar-interfaces across a colonies with sizes of � 148 mm in
MIM Ti-6Al-4V [20] and � 97 mm in MIM Ti-6Al-7Nb [21], when
exactly the same processing and testing conditions were used. In
contrast to MIM a-b Ti-alloys, there are basically no colony-type
lamellar-structures of alternating a- and b-phase nor any coarse-
grained equiaxed single-phase structure with geometrically flat
GBs to provide operative dislocation slip-bands in most MIMmeta-
stable b Ti-alloys [24]. However, they have packets of small-sized
a-platelets with various and often preferential orientations, pre-
cipitating initially at prior b grain boundaries and subsequently
inside the b grains as a rule [25]. Interestingly, such inherently pre-
cipitated a-platelets with various orientations in the Ti-matrix
conformmaterially to the HCF-resistant microstructures suggested
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by Ritchie et al., where ‘‘weak”-microstructural features are ran-
domly oriented and size-minimized [26]. It naturally can: i) reduce
operative slip-bands/crack-facets size by interrupting by intra-
granular a-platelets, which fairly rises cyclic stress threshold
[26]; and ii) compel crack-tilt and -twist by randomly oriented
slip/crack-planes, which effectively retards HCF crack propagation
or even arrests the fatal/critical crack [27].

The work is to develop impurity-resistant active materials with
superior fatigue endurance limits so that this material class can
cater to low processing cleanliness technologies. Ti-MIM, as a typ-
ical example, always suffers from (very) high amounts of impurity
uptake. The traditional strategies by technical-precaution/process-
optimization to avoid impurities were abandoned here. A bio-
tolerant MIM metastable b Ti-Nb-Zr material was studied, with
the advantages of large tolerance to oxygen solutes and a certain
feasibility to mitigate detrimental effects of carbide inclusions. In
this study, the specimens were produced with deliberately intro-
duced (very) high amounts of impurities. The impurities were
mostly added by the following processes: blended powders
method and conventional vacuum-sintering but altered sintering-
cleanliness by either i) directly using dirty furnace or ii) running
burnout prior to sintering, and shot-peening finishing; which
caused either i) very high O- and C-levels in polluted-sintered Ti-
parts or ii) very high O-level and normal C-levels in clean-
sintered Ti-parts. The polluting sources were taken from a low-
cost starting material and a dirty furnace without any burnout pro-
gram, thereby imitating a bad production environment, other than
adding carbon- and oxygen-containing powders. In the end, the
impurity uptakes under the two different pathways, microstruc-
tures, and biomechanical properties of MIM Ti-Nb-Zr active mate-
rials for fatigue-critical applications are systematically
characterized. Its fatigue crack resistance mechanisms, accounting
for superior high-cycle fatigue properties in spite of very high car-
bon and oxygen concentrations, are elaborated. Moreover, the
competing mechanisms of crack initiation giving rise to a condi-
tional fatigue duality response and the propagation mechanism
are illustrated. Furthermore, this work fills the lack of fatigue stud-
ies for powder metallurgical b Ti-alloys. This early study on the
mechanisms of superior fatigue endurance insensitive to high
amounts of impurities is likely a potent supplement to the efforts
to overcome the low-cost and high-performance trade-off.
2. Method

2.1. Materials processing

The nominal composition of the metastable b-class Ti-alloy
investigated in this study is Ti-20Nb-10Zr (units in wt.%, in the fol-
lowing text just referred to as Ti-Nb-Zr). Ti elemental powder (TLS
Technik, Bitterfeld, Germany), Ti-42Nb master-alloyed powder (H.
C. Starck, Goslar, Germany) and Zr elemental powder (Alfa Aesar,
Haverhill, United States) were employed as the starting materials
by the blended elemental/master-alloyed method. Other details
of the raw powders are given in Figure S1 in the file of Supple-
mentary Material.

The feedstock of Ti-MIM consisting of the alloy composition
proportioned metallic powders (powder packing ratio of ca.
67 vol%) and a common binder system [4] was sufficiently kneaded
at a constant temperature of 120 �C for 4 hr under argon atmo-
sphere for achieving homogeneous injection molding, through a
mixer (Femix Misch- und Knettechnik, Waiblingen, Germany).
After granulating, the feedstock was moulded into numerous
green-parts with two geometric configurations for i) tensile testing
[22] and ii) fatigue testing [20], via an injection-molding machine
(Arburg, Lossburg, Germany). Specifically, the green-parts used
3

for tensile testing are dog bone geometry (ISO 2740) with a length
of 90 mm, while the others for fatigue testing are rectangular shape
within a dimension of 50 mm � 6.3 mm � 3.4 mm.

Next after trimming the burrs, the green-parts were immersed
in n-hexane (VWR CHEMICALS, Radnor, United States) within a
debinding device (LÖMI, Grossostheim, Germany) at 40 �C for 15
hr. Subsequently, these (brown-)parts were placed in a vacuum
furnace (XERION, Freiberg, Germany) and subjected to the conven-
tional thermal debinding (isobaric argon flow at 5 mbar under
600 �C) and high vacuum sintering (at 10-5 mbar and 1500 �C for
4 hr with a set cooling rate of 10 �C min-1) processes [4]. Note well
this sintering cycle was run independently to produce two
groups/batches of specimens varying in the sintering-pollution
level, depending on the cleanliness of the vacuum sintering. One
batch of Ti-parts was produced after performing a burnout cleanup
program charging an argon/hydrogen gas mixture and defined as i)
clean sintering. Another sintering cycle with a batch of Ti-parts
was performed after heavy use of the furnace (around ten batches
of Ti-MIM) without any burnout cleanup in-between them, defined
as ii) polluted sintering, modelling bad production conditions.

At the end, shot-peening, as a widely accepted finishing tech-
nique for MIM-parts, was applied to as-sintered Ti-Nb-Zr parts of
fatigue testing. Through adequate exposure under the bombard-
ment of ZrO2 shots with an average diameter of 0.5 mm, the
surface-defects were obliterated/flattened and a hardening effect
was remained in the surface layer [28].

2.2. Mechanical tests

Uniaxial tensile tests of clean-sintered MIM Ti-Nb-Zr were con-
ducted on a servo-hydraulic structural test machine (Schenck-
Trebel, Deer Park, United States), which is modernized with an
electronic testing control (Zwick Roell, München, Germany) and
equipped with a non-contact laser extensometer (Fiedler
Optoelektronik, Lützen, Germany). Its tensile properties were
determined for three specimens under standard manufacturing
quality control at a strain rate of 0.5 mm min-1 at room
temperature.

High-cycle fatigue tests of two batches of MIM Ti-Nb-Zr were
performed on a resonant four-point bending machine (RUMUL,
Neuhausen am Rheinfall, Switzerland). The default testing fre-
quency was 95 Hz, the load ratio of minimum stress to maximum
stress was set 0.2, and the stress was loaded in a sinusoidal line.
The peak stresses ranged from 550 MPa to 900 MPa. The fatigue
properties at each critical peak stress were repeated two to three
times, whereas, near threshold value of critical stress for fatigue
duality response behaviors, the fatigue properties were verified
five times.

2.3. Materials characterization

In situ high-energy X-ray diffraction capable of characterizing
trace phases (e.g., TiC-phase with 0.55 area %) in high precision
was performed at the Helmholtz-Zentrum Hereon operated HEMS
beamline of Deutsches Elektronen-Synchrotron (DESY). This syn-
chrotron radiation beam has a photon energy of 87.1 keV matching
to a wavelength of 0.14235 Å. The diffractograms of Debye-
Scherrer diffraction rings was recorded by using a PerkinElmer
XRD 1622 flat panel detector. The cylindrical specimen (Ø 4.5 mm
� 10 mm) that was cut from the MIM Ti-Nb-Zr part for tensile test-
ing beforehand was measured in transmission.

Oxygen and carbon levels of all powders as well as of the clean-
and polluted-sintered MIM Ti-Nb-Zr parts were determined for
three specimens each by elemental analysis instrumentation
(ONH836 and CS744 model) (LECO Corporation, St. Joseph, United
States). The two batches of MIM Ti-Nb-Zr parts were prepared for
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metallography via cutting, mounting, grinding, and polishing,
before mechanical tests and (partially) after fatigue failures.

Optical microscope (Olympus Corporation, Tokyo, Japan) and
scanning electron microscopes (Carl Zeiss AG, Jena, Germany; TES-
CAN, Brno, Czech Republic) were used to characterize: i) the mor-
phology of starting powder (using SEM-SE mode, Secondary-
Electron), ii) the clean- and polluted-sintered microstructures (us-
ing OM and SEM-BSE, Backscattered-Electron), iii) b grain size (us-
ing EBSD, Electron Backscatter Diffraction), iv) orientation
relationships among different phases (using EBSD), v) fatigue frac-
ture fractography (using SEM-SE), and vi) fatigue fracture profile
(using SEM-BSE), respectively.

The average values (AVG) for the whole material of porosity and
pore characteristics were determined on the basis of five optical
microscopy images by ImageJ analysis software. Additionally, the
holistic porosity was again calculated according to density mea-
surement by Archimedes’ principle determined for five fatigue
specimens, to validate the accuracy of the performed image analy-
sis. The local porosity and pore geometric characteristics of specific
areas (incl. crack initiation area and crack propagation area) were
calculated by ImageJ as well, which were determined for at least
five scanning electron microscopy images of fatigue-failed parts
respectively. The area fractions of TiC-inclusions in clean- and
polluted-sintered MIM Ti-Nb-Zr parts were also calculated by Ima-
geJ, determined for five optical microscopy images each.
3. Results and discussions

3.1. Composition, microstructure and mechanical properties

3.1.1. Porosity parameters and impurity uptake
The investigated MIM b Ti-Nb-Zr biomaterial exhibits general

processing-drawbacks [29]; consequently, basic porosity structural
parameters and grain size as well as alloy density are listed in
Table 1, while its as-sintered impurity levels are given in Table 2.
Compared with the earlier studies [30], these porosity parameters
have been greatly improved, through optimizing the particle size/
shape of partial starting powders as well as the tap density of
blended starting powders. An example of this is the pore shape fac-
tor consequently rose from 0.64 to 0.77, where 1 denotes the circle.
Apart from that, the residual porosity of ca. 3% in this Ti-Nb-Zr is
essentially within the same level as that of the reference alloys,
incl. Ti-6Al-4V and Ti-6Al-7Nb, in hereinafter fatigue-
performance comparison. This is also a usual value in the accepted
porosity range (i.e., 1%�5%) of PM Ti-alloys [31].

These affordable Ti-42Nb and Zr powders used justifiably con-
tain relatively high amounts of impurities, as detailed in Figure S1.
Their oxygen levels are in the range of 3000–5000 mg/g. As a result,
the impurity levels in as-sintered parts obtained are also very high,
Table 1
Alloy density, grain size, and structural parameters of porosity.

Sintered density [g/cm3] (b) Grain size [mm] Porosity [unitless]

5.01 ± 0.01 (gauged) 293 ± 24 2.7% ± 0.3% (by imagin
5.15 (theoretical) 2.7% ± 0.1% (by Archim

Table 2
Impurity levels and TiC area fraction in MIM Ti-Nb-Zr produced by changed sintering-pol

Sintering cleanliness Carbon [mg/g] Oxygen [mg/g

Clean 597 ± 53 3775 ± 6
Polluted 1670 ± 51 3893 ± 49

4

at least 1000–2000 mg/g higher than those of most reported PM-Ti
alloys, as preliminarily defined very high impurities here. Specifi-
cally, the oxygen level of � 3800 mg/g is about twice as high as
those of the reference materials (i.e., ca. 1900 mg/g in Ti-6Al-4V
and ca. 1500 mg/g in Ti-6Al-7Nb) in this study, whereas the carbon
concentrations of � 600 mg/g in clean-sintered case and � 1670 mg/
g in polluted-sintered case are much higher than those (ca. 450 mg/
g and 210 mg/g, respectively). In terms of sources of impurity
uptake in conventional MIM technology, oxygen primarily stems
from starting materials, whereas carbon is mainly picked up from
debinding-sintering furnaces [4]. In this study, the nitrogen uptake
in Ti-MIM simply from processing pollution is valued as negligible,
being less than 240 mg/g even under polluted sintering.
3.1.2. Phase constitution and microstructure
The phase constitution and basic microstructure of as-sintered

MIM b Ti-Nb-Zr biomaterial are displayed in Fig. 1. The ratio of
a-phase to b-phase is approximately 50:50 deduced by in situ
high-energy X-ray diffraction, where Nb and Zr could be major b-
stabilizers in this alloy [32]. TiC-inclusions (The amount of 0.55
area % is a normal value under the circumstances of clean sinter-
ing) distribute in alignment along the b grain boundaries. Such
an intermediate phase and its distribution pattern are common
in most PM b-class Ti-alloys, but not usual in the common a-b
Ti-counterparts [11]. A more detailed evolutionary mechanism of
TiC precipitation can be found in a previous report [4]. Electron
backscatter diffraction (EBSD) shows the existence of large-sized
b-grains, in which intragranular 2D-acicular a-phase and porosity
are uniformly and randomly dispersed (see Fig. 1c). Compared with
as-sintered Ti-6Al-4V with a mean grain/colony size of approxi-
mately 100 mm but prepared by the pre-alloyed method in the lit-
erature [1] and the reference materials herein, the grain size in this
Ti-Nb-Zr alloy is almost three times as high (see also Table 1).
Owing to the use of blended starting powders, the sintering pro-
cess being compelled at a very high temperature for the sake of
homogeneity is a reason of strong grain growth [33].

Fig. 2 reveals that substantial microscale and nanoscale 2D-
acicular a-phase regions were uniformly precipitated in the form
of hierarchical dispersion inside b-grains. Differing from colony-
structures of alternating a- and b-phase, they exhibit a three-
dimensional ‘‘tent”-architecture that appears as a pyramid with
each of its faces composed of a a-variant. Inspection of a variety
of b-grains of the Ti-Nb-Zr using EBSD (set probing step-size:
0.5 mm) demonstrates that in terms of microscale a-phase (excl.
nanoscale a-phase), in all cases only 8 a-variants of the theoretical
possible 12 a-variants according to the Burgers orientation rela-
tionship nucleate from a single parent b-grain, rather than all 12
a-variants. The a-variant preferential selection-behavior and
dual-scale ‘‘tent”-stuctural a-platelets here are in line with the lit-
Average pore diameter [mm] Pore shape factor [unitless]

g) 7.3 ± 5.6 0.77 ± 0.19
edes)

lution degrees via burnout cleanup and heavy usage of sintering furnace.

] Nitrogen [mg/g] TiC area fraction [area %]

188 ± 11 0.55 ± 0.06
235 ± 3 2.14 ± 0.25



Fig. 1. Phase constitution and basic microstructure of MIM b Ti-Nb-Zr biomaterial produced by clean sintering. (a) High energy XRD pattern indicating the presence of only a-
, b-, and a trace amount of TiC-phase; (b) OM image showing dispersed pores and aligned TiCs; and (c) EBSD figure exhibiting large-sized b-grains.

Fig. 2. Microstructure of b-grains. (a) SEM-BSE image at lower magnification, where the dark phase is a-phase while the bright phase is b-phase; (b) SEM images at higher
magnifications demonstrating there are micro- and nano-scale a-phase within 3D ‘‘tent”-architecture; (c) EBSD figure of b-phase in a typical b-grain; and (d) a variety of
lattice orientation (selection preference of a-variants) of its inner microscale a-phase.

P. Xu, F. Pyczak, W. Limberg et al. Materials & Design 211 (2021) 110141

5



P. Xu, F. Pyczak, W. Limberg et al. Materials & Design 211 (2021) 110141
erature [25]. Especially for slowly cooled PM Ti-alloys, the variant
selection is more pronounced governed by dislocation driving than
by chemical driving [25].

Relatively long grain boundaries (GBs) of MIM Ti-Nb-Zr are usu-
ally decorated with GB a-precipitates and GB TiC-inclusions, as can
be seen in Fig. 3; their formation is related to GB-regions enriched
with impurities [34]. In fact, a so-called single TiC-particle with
widely recognized elongated-shape [35] in PM b-class Ti-alloys is
often assembled from a plurality of TiC-particles with irregular
shape, indicated in Fig. 3b. On the other hand, the GB a-
precipitates as a whole frequently present a typical ‘‘fishbone”-
like morphology, and evidence for this is shown in Fig. 3c. Further-
more, these side-plates of a certain GB a-phase, in essence, belong
to distinct crystallographic a-variants in the different spatial direc-
tions inside adjacent b-grains, and therefore are in most cases more
or less misoriented against each other [24]. In most cases, the back-
bone of the GB a-phase has an identical orientation with one of the
side-plates of a GB a-phase but within the same GB a-phase this
can occasionally alternate so that some sections are crystallo-
graphically oriented to the side plates on one and other sections
parallel to the side plates on the other side [36]. This is the reason
why such a grain boundary even if appearing straight in lower
magnification is winding on a micron level. From now on, such a
GB containing GB a-phase will be termed an absolute grain bound-
ary. It is defined as the exact interface between two GB a-variants
featuring a slight lattice misorientation. Analogous absolute GBs
like this, which are actually winding on a micron level, have also
been found in other b-class Ti-alloy [37] and b-solutionized a-b
Ti-alloy [38]. Compared with those flat absolute GBs on a micron
Fig. 3. Structure, phase constitution, and orientation relations among these phases
at grain boundaries (GBs). (a) The ‘‘fishbone”-like GB a-phase, in which TiC-phase is
occasionally embedded; (b) EBSD figure manifesting that elongated TiC-phase
might be composed of multiple delicate TiC-individuals (i.e., a plurality of TiCs); and
(c) a slight misorientation between side-plates of ‘‘fishbone”-like GB a-phase.
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level, these winding absolute GBs may have significantly different
effects on crack initiation and propagation.

3.1.3. Tensile and fatigue properties
3.1.3.1. Tensile properties. The room-temperature tensile testing
results of MIM Ti-Nb-Zr are given in Table S1, and the engineering
stress–strain curves are plotted in Figure S2 in the file of Supple-
mentary Material. Merely tensile properties of conventionally
clean-sintered parts are presented, as materials failure under
monotonous loading is not the core issue in this paper. For tensile
studies on this type of alloy, please refer to the previous publica-
tion [4]. A Young’s modulus of 74 GPa is lower than that of most
metallic biomaterials [39]. Secondly, elongation to fracture
upwards of 6.5% is also sufficient for the intended application
and remarkably high, considering that this material contains an
oxygen level as high as approximately 3800 mg/g. Note that, unlike
common a-b Ti-alloys (e.g., a critical value of ca. 3300 mg/g in Ti-
6Al-4V [9]) particularly susceptible to oxygen solutes and not
apparently to carbon, the ductility of b-class Ti-alloys has apprecia-
bly high oxygen tolerance [10], but is rather vulnerable to exces-
sive amounts of carbon [11].

Tensile strength does not always correlate with fatigue
strength, nevertheless a higher static bearing-strength obtained
in fatigue-critical structural materials can often support a rela-
tively higher maximum for the fatigue endurance limit. In this
regard, the beneficial reinforcement of the Ti-matrix of MIM Ti-
Nb-Zr can be ascribed to the high concentration of solute elements
including Nb, Zr, O, etc. [40], as well as to hierarchical dual-scale
(incl. microscale and nanoscale) intragranular a-precipitates with
the ‘‘tent”-architecture in high density. In contrast, very large grain
size (ca. 293 mm) and residual porosity of about 3% are two major
drawbacks on bearing-strength. With regard to (GB-)TiC disper-
soids, although they are often added as stiff reinforcing particles
in some light alloys (e.g., magnesium alloys [41]), so far the effec-
tiveness of carbon-deficient TiCx (x less than 1) with lower fracture
strengths during tensile loading as strengthening precipitates in Ti-
alloys is still ill-defined [42].

3.1.3.2. Fatigue properties. In Fig. 4 high-cycle fatigue (HCF) proper-
ties among b Ti-Nb-Zr biomaterial and common a-b Ti-reference
alloys are compared, where all materials were produced by essen-
tially the same i) MIM-processing, ii) conventional clean vacuum-
sintering, and iii) shot-peening finishing. Since the polluted sinter-
Fig. 4. High-cycle fatigue (HCF) properties of MIM b Ti-Nb-Zr biomaterial produced
by clean sintering, compared with MIM a-b Ti-reference alloys. Please note
corresponding four-point bending fatigue testing parameters used in all materials
herein were exactly the same and all points at 107 cycles were run-outs.



Fig. 5. The topography of typical fracture surface of HCF failure of the MIM Ti-Nb-Zr
produced by (a) clean sintering and (b) polluted sintering.
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ing can induce the investigated biomaterial to have a fatigue dual-
ity behavior, its particular fatigue failure mechanism will be illus-
trated separately in Section 3.3. Notwithstanding the presence of
ductility-unfavorable TiC-inclusions and very high O-levels, this
Ti-Nb-Zr material has an excellent fatigue endurance limit (cyclic
stress at 107 cycles) of 600 MPa, in contrast to 450 MPa in both ref-
erence materials, which all were processed by MIM. This is also the
first time the fatigue performance of PM b-class Ti-alloys has been
reported. The mechanism of microstructural resistance to fatigue
crack initiation and propagation that enables this Ti-material to
possess superior fatigue performance exempt from high processing
cleanliness is elaborated in the next two sections.

Interestingly, from the perspective of impurity levels, the effects
of oxygen uptake on the fatigue behaviors of different classes of Ti-
alloys are contradictory when considering the available studies.
Bache et al. [43] claimed that fatigue crack propagation could be
accelerated when Ti-6Al-4V contains internal oxygen concentra-
tion in excess of 1700–2300 mg/g. Hidalgo et al. [44] discovered that
the rise of interstitial oxygen levels significantly degraded the fati-
gue endurance limit for Ti-6Al-7Nb. Moreover, it has been demon-
strated that the increase of oxygen content caused the reduction of
fatigue strength and/or lifespan in unalloyed-Ti [45] and Ti-6Al-
2Sn-4Zr-2Mo [46]. On the contrary, Liu et al. [47], Li et al. [8], Long
et al. [48] and Cho et al. [49] indicated that oxygen additions
enhance the fatigue endurance limits of b-class Ti-alloys, through
enhancing the resistance to the fatigue crack initiation/propaga-
tion, e.g., by grain refinement induced by oxygen atoms. Further-
more, there was no practically adverse influence of oxygen
content on fatigue crack growth in some b-class Ti-alloys either
[50].

However, there is no report regarding the effects of carbon on
fatigue behavior of Ti-alloys yet. It seems logical that for most
(a-b) Ti-alloys that have higher carbon solubility (i.e., the cases
where carbon atoms fully dissolve into Ti-matrix), carbon is likely
to impair fatigue properties in the form of partial oxygen equiva-
lent. Conversely, for many b-class Ti-alloys, besides dissolved car-
bon atoms also TiC-precipitates are present. These carbide-
inclusions will certainly have a different impact on fatigue behav-
ior compared to carbon atoms in solution. As a result, its influences
on the type of competing fatigue small-crack initiation mecha-
nisms taking place in as-sintered b-class Ti-alloys are illustrated
in Section 3.2 and Section 3.3.

3.2. High-cycle fatigue failure mechanism

Examination of all broken parts reveals that there are three dis-
tinct areas in the fracture surface in all cases. Typical examples for
MIM Ti-Nb-Zr are given in Fig. 5. In the subsurface layer, a small
‘‘crater”-like area with winding ridges radiating from the center
(i.e., so-called ‘‘fish-eye” crack) is identified as the crack initiation
area (CIA), marked by an orange dotted circle. The top surface of
the bent beams was subjected to the highest tension during four-
point bending fatigue testing. Apart from CIA, the remaining two
areas have different roughness and are separated by a white line.
The relatively even terrain filled with tearing ridges, starting from
the ‘‘crater” of the CIA, is the crack propagation area (CPA). The
other area is the unstable fracture area (UFA), where several bare
grains or pits remaining from missing grains (i.e., grains being on
the matching other fracture surface) can be found. However, some
studies have stated that more than one crack may take place in
fatigue failure process, even the fatal crack might not be the one
initiated first [51]. In the case presented here, no other cracks were
discovered on the side surfaces of the broken fatigue parts. This
implies that even if there were multiple small-cracks initiated,
those nonlethal-cracks did not grow sufficiently to reach the outer
surface or were completely arrested, then being dormant, which
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might be attributable to strong crack-stoppers by diverse shielding
effects [52].
3.2.1. Fatigue crack initiation mechanism
The classical model of metal fatigue has been well-established,

that is under cyclic stress loading the to-and-fro slip movement of
the dislocation slip-bands can generate extrusions and intrusions
at the surface, thereby initiating the fatigue small-crack [53]. It is
reported that the cyclic stress intensity factor (DK) is unsuited to
describe the microstructural small-crack regime [54] and it is more
precise to consider a critical stress, rather than a stress intensity,
for naturally occurring cracks [26]. Nevertheless, stress intensity
factor (DK) theoretically pertains a corresponding large-crack
regime, e.g., a pre-crack created artificially by removing the crack
wake. Moreover, the growing rate of a small-crack is far in excess
of the corresponding large-crack subjected to an equally applied
driving force [23]. Following Mott [55] and Stroh [56], the critical
stress of fatigue crack initiation, Dsc, can be formulated as Equa-
tion (1):

Dsc ¼ 12aG=n ð1Þ
where a is equal to c/(bG), c represents the surface energy, b is

the Burgers vector, G denotes the shear modulus, and n is the
amount of planar dislocation pile-ups. Given n is greatly related
to the operative slip-band length, it is conceivable that a long dis-
location slip-band bordering on a free surface is a ‘‘soft spot” [57],
as initial fatigue small-crack may centre on the preferential nucle-
ation site [26]. With regard to the Ti-alloys that contain lamellar
microstructural features of a-platelets or a-colonies, these weak-
bonded phase interfaces or grain boundaries in-between hcp-
lattice a-phase and bcc-lattice b-phase are most likely to be the
preferential operative slip-bands or crack-facets for fatigue crack
nucleation [58]. In addition, it is well-known that the crack initia-
tion site can be shifted from the outer surface to the subsurface by
surface treatment processes. The shot-peening process has the
ability to significantly harden the near-surface layer being able to
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shift the crack initiation location underneath the peened layer. One
example is the creation of a compressive stress area (CSA) to
depths ranging up to ca. 100 mm in a Ti-Al alloy [28].

The representative fractograph indicating the CIAs of clean-
sintered MIM Ti-Nb-Zr can be seen in Fig. 6, and a more detailed
example is visible in Figure S3 in the Supplementary Material.
A rather large-sized or an irregular-shaped pore can be always
found in the center of the ‘‘crater” with a cleavage facet bordering
on the porosity-wall. Based on the studies via three-dimensional
phase-field simulations [25], the shapes of the smooth cleavage
facets (see Figure S3a) correspond to the geometry of microscale
a-phase and certainly not to nanoscale a-phase or other phases
in this case. In terms of microstructural lengths, i) TiC-phase has
an average particle-diameter of 6.6 mm [4], ii) nanoscale a-phase
is merely submicron long, iii) microscale a-phase in geometric
length direction often reach tens of microns capable of providing
the longest planar crystallographic slip band, and iv) prior b grains
with micro-winding absolute GBs, not flat interfaces, hardly offer
effective slip bands, although average grain size is up to 293 mm.
A factor of note, in most metals, is that the geometry of GBs could
decide whether they can provide effective slip-bands or crack-
planes [27]. The porosity-walls in the near-surface area functioning
similar to a free surface facilitate the dislocation slip-bands to
reciprocate without structural restrictions under cyclic stress load-
ing, while the operative slip bands might stem from microscale a-
phase with the longest weak-bonded interfaces. Hence, it is evi-
dent that the studies completed here are in good agreement with
the aforementioned theories.

Unlike as-cast or hot-worked cases, the investigated b Ti-Nb-Zr
processed by MIM or other traditional PM technologies is a typi-
cally pore-containing material. In nature, a porosity-wall acts as
a free surface for dislocation slip-bands and a stress concentration
raiser during fatigue loading, which accordingly has a strong
impact on fatigue behaviors. Thus, it is imperative to investigate
in detail the implications of pores in the CIA for fatigue failure of
MIM Ti-Nb-Zr. In order to characterize the local porosity structural
parameters in the territory of the ‘‘crater” a designated CIA in this
investigation can be defined such that this area is a circle with a
radius of 100 mm centered on the particular pore which has initi-
ated the crack. The results of porosity structural parameters of
the designated CIA in comparison to the situation in the unfatigued
alloy on a comparable area called average area (AVG; for numbers
see Table 1) are plotted in Fig. 6b�d, calculated using the method
described in Section 2 and in the earlier report [30]. By evaluating
these parameters, it is clear that there are severely pore-related
defects in the CIAs, especially average pore diameter and porosity
Fig. 6. (a) SEM-SE fractograph of crack initiation area (CIA) in the subsurface undernea
comparison of porosity structural parameters between the CIA and average area (AVG)
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in the CIA deviate by up to about four times from the average val-
ues based on the holistic porosity.
3.2.2. Cyclic stress-induced crack stable propagation mechanism
The fatigue fracture-surface and -profile of the CPA of MIM Ti-

Nb-Zr produced by clean sintering are presented in Fig. 7. In order
to gain greater insight into the role of porosity on fatigue, a com-
prehensive comparison is provided in Fig. 7c�e. The first impres-
sion from the histograms is that the porosity structural
parameters in the CPA are between those of AVG and the worst-
case CIA. In effect, on closer examination, the fatigue crack path
seems to be preferentially located in areas with relatively high
porosity (i.e., a small bearing cross-sectional area) as can be seen
from Fig. 7d, instead of areas with a single larger and/or more
irregular pore similar to the case in the CIAs.

Microcracks with a length of ca. 10 mm can be found in Fig. 7a.
By fracture profile analyses these microcracks appearing in the
fracture surface are actually identified as branches of fatal cracks
(i.e., crack bifurcation behavior, not extended secondary crack).
These cracking bifurcation and deflection in the fatal crack paths
appear to be caused by microscale a-phase, as indicated in
Fig. 7b. Furthermore, most crack segments of the fatal crack paths
are oriented along the phase-interfaces of microscale a-platelets,
ascribed to a limited number of slip systems available within hcp
a-lattice [16].

Firstly, crack bifurcation is also an effective crack preventer, due
to needed extra energy for the fatal crack to branch [26]. It seems
like the fatal crack paradoxically did not seek a rather easy path
without superfluous damage energy consumption. The mechanism
of crack bifurcation as a necessary byproduct of the crack locally
propagating along a path of instantaneous low energy consump-
tion is explained below. The 3D ‘‘tent”-architecture of a-phase spa-
tially contains a great deal of twist and tilt weak-bonded slip/
crack-plane misorientation [27] (neither purely lattice misorienta-
tion, nor previously misinterpreted 2D crack inclination [59]). A
sufficiently large twist angle can cause retardation or even arrest
of crack growth along these planes. The resumption of arrested
cracks propagating across the twist and tilt slip/crack-plane
misorientation can be effected by crack branching through reduc-
ing the twist and tilt angles and necessary tear lengths of strong-
bonded sections [27]. This is also the reason why the crack
branches open to a certain extent (see Fig. 7b). When the fatal
crack crosses the misorientation junction of the slip/crack-planes
having sufficient twist and tilt angles, a superfluous extended
weak-bonded section of slip/crack-planes is fractured in exchange
th compressive stress area (CSA) of the peened near-surface layer; and (b)�(d) the
of the whole material.



Fig. 7. (a) SEM-SE fractograph of crack propagation area (CPA); (b) SEM-BSE fracture profile of the CPA; and (c)�(e) comprehensive comparisons of these porosity structural
parameters among AVG, CPA, and CIA.
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for a smaller tearing-area of the strong-bonded structure, to
achieve the lowest instantaneous energy consumption.

Secondly, the observed highly-serrated edge from the fracture-
profiles of the CPA is mainly yielded by the crack deflection that is
a well-documented crack-stopper [52]. The fatal cracks advance
along ‘‘tent”-architectural microscale a-phase. In principle, its long
a/b-interfaces with certain orientations enable the easiest crack-
ing, just for instantaneous situations, but eventually formed
serrated-like fracture edges. This effect and aforementioned bifur-
cation greatly increase the length and tortuosity of the crack path
prior to final failure of the part. Apart from that, it is widely recog-
nized the roughness-induced crack closure mechanism theoreti-
cally valid for large-crack growth produced by repetitively
cracking along twist and tilt slip/crack-planes is mainly responsi-
ble for crack growth retardation [60]. It is worthy to mention that
a higher average misorientation angle (incl. 3D twist and tilt
angles) tends to cause larger crack deflection and consequent lar-
ger crack-growth retardation [61]. Therefore, it seems highly prob-
able that increased misorientation caused by the inherent selection
preference of a-variants for microscale a-phase in the present
material (see Section 3.1.2) enhances fatigue large-crack growth
resistance.

3.2.3. Strain-induced unstable fracture mechanism
As the fatal crack grows, the remaining effective bearing cross-

section shrinks continuously. When the actual bearing stress ahead
of the crack-tip exceeds the yield strength of 855 MPa in this Ti-
Nb-Zr, complete failure will take place shortly after via strain-
induced damage mode from the initial cyclic stress-induced dam-
age mode. Theoretically, strain-induced fracture mechanisms at
9

the end-stage of four-point bending fatigue, analogous to tensile
fracture, of MIM Ti-Nb-Zr could follow i) the voids coalescence
mode and ii) the cleavage fracture mode from the fracture behavior
theory suggested by Ritchie [62]. Furthermore, a discussion in
regard to the cracking evolution during plastic deformation in this
Ti-Nb-Zr can refer to the publication [4]. In this paper, the fractog-
raphy for the UFA is provided in Fig. 8, as a support and supple-
ment to the previous studies.

The fractography of the UFA mainly contains two kinds of dis-
tinct topography, as shown in Fig. 8a. Firstly, there are a large num-
ber of pits representing pores acting as rather large voids
surrounded by relatively deep dimples. This could indicate that
the fatal cracking path occurred inside b-grains via i) void coales-
cence mode. The second is the standard cleavage plane with very
shallow dimples and a small number of broken pores via ii) cleav-
age fracture mode. Cleavage fracture occurred at grain boundaries,
where the geometry of the cleavage plane is consistent with the
general curvature of GBs and coarse grain morphology [63]. More-
over, many TiC fragments are clearly identifiable in these cleavage
planes (see Fig. 8b), which also agrees with the morphology of
cleavage fracture previously observed by tensile-damaged Ti-Nb-
Zr biomaterials [4].

The fracture-edge profile of cleavage planes is represented in
Fig. 8c. It can be seen that cracks passed through the backbone of
fishbone-like GB a-phase and GB TiC-phase. The winding crack
paths on a micron level are virtually in line with the morphology
of absolute grain boundaries observed by EBSD measurement in
this study. The crack propagation paths inside b-grains are strongly
influenced by the porosity-guided redirection, as evident from the
Fig. 8d. An enlarged image (Fig. 8e) indicates that the redirection



Fig. 8. Fractography of unstable fracture area (UFA). (a) UFA consists of many pits, cleavage planes and rather deep dimples; (b) shallow dimples and TiC fragments were
found on the cleavage planes; (c) cracking along GBs; and (d)�(e) porosity-guided crack redirection, in spite of presence of ruptured TiCs alongside the fatal crack path.
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action can even ignore the presence of ruptured TiCs near the front
of the crack. Such ruptured TiCs out of the fatal crack paths were
only found in the fracture subsurface of the partial section of
UFA. Nevertheless, they cannot be discovered from either deeper
region in the UFA or any depth region in the CPA. The results indi-
cate that MIM Ti-Nb-Zr in the UFA in four-point bending fatigue
did not undergo uniform deformation like that in the tensile tests,
but merely elicits a localized plastic deformation zone ahead of
crack-tips. The reason is that with the advancement of cracks,
the region ahead of crack-tips underwent plastic deformation suc-
cessively due to the decreasing effective bearing cross-section and
the nature of stress gradient induced by four-point bending fatigue
loading.

On the basis of the above observations and analyses, the high-
cycle fatigue failure mechanisms of MIM metastable b Ti-Nb-Zr
containing general sintered defects could be illustrated in Fig. 9.
3.3. Conditional duality of fatigue behavior under polluted sintering

In this section, we evaluate the high-cycle fatigue property of
MIM Ti-Nb-Zr produced by polluted sintering. First, the analysis
results of impurity uptake for polluted-sintered Ti-parts were
listed in Table 2, together with values of clean-sintered specimens
for comparison. These results suggest that changes in the cleanli-
ness of the sintering process can significantly influence carbon
uptake but has less effect on oxygen and nitrogen uptake. This
likely attributes to carburization reactions, especially for the fine
powder compact with a high specific surface area. There is heavy
volatilization of carbon-containing matters at the high-
temperature in the complex-configuration structured debinding-
sintering furnaces, which is difficult to get clean [64]. It is impor-
tant to note that this does not mean that oxygen uptake from the
sintering atmosphere is negligible, but that did not fluctuate in line
with the sintering cleanliness changed by the burnout cycle and
heavy usage of sintering furnace. Besides, the area fraction of resul-
tant TiC-inclusions has increased by a factor of approximately four,
as evident from Figure S3d.

The HCF testing results of polluted-sintered Ti-Nb-Zr are shown
in Fig. 10. Surprisingly, its fatigue endurance limit is not degraded
even minimally under low sintering cleanliness, mainly excessive
carbon uptake. Furthermore, below the dash-dot-line, the fatigue
responses are retained irrespective of the sintering cleanliness, as
can be seen from Fig. 10a. Interestingly, in the higher stress region,
the fatigue lifespans of the polluted-sintered apparently scatter on
two distinct trajectories. However, both are subpar marginally
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shifting to left as well, if the clean-sintered results are considered
as a benchmark/criterion. It is generally acknowledged that the
fatigue S-N curve of a metal is usually on a core trajectory with a
small dispersion. However, such an unusual phenomenon, i.e., fati-
gue responses appearing in proportion onto two trajectories, has
been first discovered by Ravi Chandran in Ti-10V-2Fe-3Al alloy
and was defined as fatigue duality [65]. It has been well-
established that fatigue duality derives from the competing mech-
anisms between different categories of defects that can initiate
fatigue cracks. Which crack initiation mechanism can prevail or
be activated is highly dependent on the quantity, heterogeneity,
geometric shape, effective size, spatial distribution, occurrence
probability of the defect, and the synergy (i.e., synergistic interac-
tion) of defects in combination, etc. [65]. Later, similar phenomena
have been observed in a variety of Ti-alloys, often seen in multi-
defect containing materials processed by some specific technolo-
gies, such as powder metallurgy [66]. Nevertheless, a conditional
fatigue duality is found and explained here for the first time. It
means that the fatigue S-N curve changes from one core trajectory
to two separated trajectories, when the loading peak stress
increases beyond a threshold (e.g., � 777 MPa in the investigated
MIM Ti-Nb-Zr), where another crack initiation mechanism can be
activated.

The fracture surface (Fig. 5b) and topographic characteristics of
the polluted-sintered specimens are comparable to those of the
clean-sintered ones. The CIA topography on the core trajectory of
S-N curves is represented in Fig. 10b, likewise comparing well with
that of clean sintering. That is, locally worse porosity structural
parameters in comparison to AVG promote the pore a-phase initi-
ation of fatigue cracks by dislocation band slipping, as elaborated
in Section 3.2.1. By contrast, examination of the CIAs on the
condition-triggered trajectory reveals that fatigue cracks can be
initiated despite the absence of excessive pores, as shown in
Fig. 10c. Such a combination of a large-sized TiC and a normal
porosity can be repeatedly observed on the ‘‘crater” (see Figure S3b
at a higher magnification). It may be inferred that the dislocation
pile-ups after accumulating to a certain extent could lead to stress
concentration at the porosity-walls, which gives rise to cleavage
fracture tearing TiC-phase when the actual stress on high-
modulus TiCs exceeds their bearing strength via stress-
transferring effect. The ruptured TiC-inclusions with a large size
could replace the small-crack facets usually induced by microscale
pore a-platelets and practically brought about the cleavage facets
as initial cracks. As a result, the fatigue lifespan might be reduced
by premature crack initiation and be accordingly scattered on the



Fig. 9. High-cycle fatigue failure mechanisms in as-sintered metastable MIM b Ti-Nb-Zr biomaterial containing typical powder metallurgical defects. Schematics of the
uniform moment region between the loading inner rollers of a four-point bending fatigue test specimen.
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second trajectory. A theoretical threshold value at ca. 777 MPa is
the initial value of local stress concentration that was calculated,
if mainly taking into account the AVG-porosity of 2.7%, overall
yield strength of 855 MPa in MIM Ti-Nb-Zr and the localized CIA-
porosity of 11.6%, when only these key factors were taken into con-
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sideration. Even this calculated value seems to be in good agree-
ment with the experimental data.

Apart from these two competing major crack-initiation mecha-
nisms described, a unique CIA topography was observed, as
reported in Fig. 10d, of which an enlarged image is given in Fig-



Fig. 10. (a) HCF of MIM Ti-Nb-Zr produced by polluted sintering; (b) the CIA topography of dominant crack initiation mechanism for relatively higher lives; (c) the CIA
topography of a pore TiC inclusion initiating fatigue crack; and (d) an unique CIA topography triggered by the synergistic interaction.
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ure S3c. The most striking features of this ‘‘crater” are the inclusion
of a community of fishbone-like GB a-phase, a GB TiC-phase falls
within the team of upper left fishbone-like GB, and moderate
porosity. This fatigue crack initiation was occasionally caused by
the synergistic interaction from such a rare combination but simul-
taneously was suppressed on account of the lack of an effective
free-surface. In the end, the crack propagation mechanisms in the
polluted-sintered can be referred to those of the clean-sintered
elucidated in Section 3.2, since no apparent abnormalities were
found, except that more and larger ruptured TiCs in cracking paths
contribute to a reduction in fatigue lifespan, i.e., marginally shifting
to left.

4. Conclusions

A metastable b Ti-20Nb-10Zr material was designed for bio-
tolerant implants, i.e., fatigue-critical applications. In this work,
Metal-Injection-Molded titanium alloys (Ti-MIM) containing either
very high O-levels or very high O- and C-levels, were polluted-
produced by using blended powders and changing the cleanliness
of vacuum-sintering. Through investigations of high-cycle fatigue
(HCF) behavior, the following can be concluded:

� Polluted-produced MIM b Ti-alloys can provide the HCF endur-
ance limits beyond 600 MPa significantly higher than those of
clean-produced MIM common a-b Ti-reference alloys.

� Its hierarchical dual-scale 3D ‘‘tent”-architecture of variously
oriented a-platelets and slip/crack-unfavored micro-winding
absolute grain boundaries, combined with proper solutes in
Ti-matrix, can effectively retard fatigue small-crack presence.
12
� The microscale ‘‘tent”-architecture of a-platelets can compel
the fatal/critical crack twists and tilts to effect cracking bifurca-
tion and deflection, thereby triggering diverse crack closure
mechanisms to hinder fatigue large-crack propagation.

� It endows MIM b Ti-alloys superior HCF performance exempt
from high processing cleanliness that even a large number of
oxygen and carbon does not facilitate crack initiation in
‘‘weak”-microstructural features/units.

� Two competing mechanisms of crack initiation could bring
about a conditional fatigue duality only if a very high C-level
is present. It can merely take place above a cyclic stress-
threshold of � 777 MPa where in addition to crack initiation
at microscale pore a platelets also crack initiation at large pore
TiC inclusions can occur.
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