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Chapter 1

Introduction

The development of modern automotive vehicles with improved environmental, safety and vehicle
performance has driven the development of a variety of new steel grades that are lighter, safer, greener
and more cost effective. Low-alloyed Transformation Induced Plasticity (TRIP) steel were especially
developed for automotive applications in the 80s [1-3] and provide remarkable large elongation values,
while retaining high-strength characteristics [4-9] (Fig. 1.1). Their complex microstructure at room
temperature comprises three phases: ferrite, carbide-free bainite and retained austenite [10,11]. The
beneficial mechanical properties of this advanced steel are coming from the multiphase microstructure,
but also from the TRIP phenomenon, which consist of the diffusionless transformation of the soft
austenite to the strong martensite providing a high tensile strength without deterioration of the uniform

elongation [12,13] (Fig. 1.2).
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Figure 1.1: 4 comparison of relationship between ultimate tensile strength to total elongation of various
steels [14].



The austenite phase is thermodynamically stable only at high temperatures. However by combining
different alloying elements with a specific thermal process route, it is possible to retain a significant
amount of austenite at room temperature in a metastable condition. The process route for the material
is composed of two annealing steps: an intercritical annealing followed by a first quench to the
temperature region where the bainite transformation takes place. After a specific holding time the
material a second quench to room temperature is applied. Great efforts have been devoted to optimize
the process route in order to retain a higher volume of austenite in metastable condition, which leads to

improved mechanical response of the TRIP steel.

Cooling
Metastable austenite ‘ Martensite

Deformation

, - _’

| | Diffusionless o
/ 7 transformation
“

Figure 1.2: Schematic representation of the Transformation Induced Plasticity (TRIP) phenomenon.

1.1 State of the art

Despite the advantages offered by TRIP steels their volumes consumed in automotive markets remain
low. This is partly due to the complex microstructure of the material and limited the insight in how the
TRIP mechanism contributes to the overall performance in complex stress states. The key
microstructure-property relationships have not been sufficiently well defined. This knowledge gap is a
major obstacle for commercial developments since TRIP steels cannot be designed to meet specific
application requirements. A more accurate control of the austenite stability is required to envisage

wider industrial applications.

Recently, the research efforts of our group have yielded the first in-situ experimental information about

the martensitic transformation of individual austenite grains within the -multiphase TRIP microstructure,



1. Introduction

using synchrotron X-ray diffraction measurements during cooling the material [15-18]. Both the carbon
content and grain volume of a significant number of individual grains were monitored throughout their
martensitic transformation to obtain the first quantitative experimental data on the stabilizing effects of
both parameters on the austenite phase. An accurate control of the spread in austenite grain size and
the carbon content is an absolute requirement to control the TRIP properties of the material and thus
the optimization of the mechanical properties. However, these results only convey information about
the effect of two microstructural parameters on the thermal stability of the austenite grains. The
stability of the austenite grains however depends on several intrinsic (carbon content, grain size and
orientation) and extrinsic (local stress, surrounding microstructure) microstructural parameters.
Furthermore, the martensitic transformation cannot only be activated thermally, but also by applied

stress.

1.2 Aim of the thesis

In this PhD project the thermally- and mechanically- induced martensitic transformation of metastable
austenite is studied in-situ within the bulk of TRIP steels. This transformation behaviour is correlated to
the microstructure evolution. Different deformation modes have been investigated to characterize the
austenite stability. A detailed study has been conducted to characterize the stability of individual
austenite grains and characterize the interplay between microstructural parameters, like grain volume,
carbon concentration and grain orientation within the bulk material to the mechanical stimuli. In-situ
high-energy X-rays diffraction technique employed in this study will provide new insights into the factors
determining the mechanical austenite stability. Three experiments have been conducted at the
European Synchrotron Facility Source, Grenoble, FRANCE and at the Deutsches Elektronen-Synchrotron,
Hamburg, GERMANY to achieve new insight in the transformation behaviour of metastable austenite in

TRIP steels.

1.3 Contents of the thesis

In Chapter 2 the experimental methods relevant for the high-energy X-ray diffraction experiments are

briefly explained.



The experimental work conducted in this study is presented in six chapters. In Chapter 3, the retained
austenite in metastable condition has been optimized for our material by tuning both the bainitic
transformation temperature and bainitic holding time. Dilatometry and magnetization experiments have
been conducted to determine the austenite fraction and its stability. These results led to an optimised

sample preparation route for the synchrotron experiments.

Chapter 4 presents the results of the high-energy X-ray diffraction experiments during tensile tests at
variable temperatures down to 153 K on low-alloyed TRIP steels. A detailed powder analysis has been
performed to probe the austenite-to-martensite transformation by characterizing the evolution of the
phase fraction, load partitioning and texture of the constituent phases simultaneously. The results show
that at lower temperatures the mechanically induced austenite transformation is significantly enhanced
and extends over a wider deformation range, resulting in a higher elongation at fracture. Low carbon
content grains transform first, leading to an initial increase in average carbon concentration of the

remaining austenite.

Chapter 5 presents the results on the microstructure evolution during shear loading of low-alloyed TRIP
steels with different amounts of the metastable austenite phase and its equivalent Dual Phase (DP)
grade studied by in-situ high-energy X-ray diffraction. A similar powder data analysis as presented in
Chapter 4 has been performed to investigate the behaviour of the constituent phases of the materials.
The results show that for shear deformation the TRIP effect extends over a significantly wider
deformation range than for simple uniaxial loading. A clear increase in average carbon content during
the mechanically-induced transformation indicates that austenite grains with a low carbon

concentration are least stable during shear loading.

Chapter 6 presents the results focusing on the determination of the local retained austenite-to-
martensite transformation behaviour in an inhomogeneous yet carefully controlled shear loaded region
of double notched TRIP and DP steel samples. The interplay between local strain development and the
austenite-to-martensite transformation in low-alloyed TRIP steel has been studied in-situ during shear

deformation by spatially resolved high-energy X-ray diffraction experiments in the vicinity of the shear
4



1. Introduction

zone. The results indicate that the metastable retained austenite shows a mechanically-induced
martensitic transformation in the localized shear zone, which is accompanied by a carbon enrichment of
the remaining austenite. At the later deformation stages the geometry of the shear test samples results
in the development of an additional tensile component. The experimental strain field within the probed

sample area is in good agreement with finite-element calculations.

Chapter 7 presents the results on the stability of individual austenite grains in metastable condition
studied in situ in low-alloyed TRIP steels. An analysis has been performed to correlate the macroscopic
behavior of the material to the microstructural parameters of individual grains. The grain volume,
carbon concentration, grain orientation and position have been investigated. Our results show the
carbon concentration, grain volume and orientation play a significant role in the austenite stability. The
grain volume is found to be the most relevant factor in the determination of the mechanical stability.
The effect of the grain orientation on the mechanical austenite stability of individual grains has been
determined experimentally: as expected grains with the highest Schmid factor showed the lowest

stability.

Chapter 8 presents the results on the martensitic transformation behavior of the meta-stable austenite
phase in low-alloyed TRIP steels has been studied in-situ using high-energy X-ray diffraction during
tensile deformation. For the first time, a high resolution far-field detector was used to study the initial
and evolving structure of individual austenite grains during uniaxial tensile deformation of the sample.
The sub-grain size in austenite is found not to change significantly during the deformation. The final

transformation to martensite occurred in either one or two loading steps.
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Chapter 2

Experimental methods

2.1 Instrumental setup
The three dimensional X-ray diffraction experiments described in this thesis were performed at the

instrument ID11 at the European Synchrotron Radiation Facility (ESRF) Grenoble, FRANCE and at the
instrument P07 at the Deutsches Elektronen-Synchrotron (DESY), Hamburg, GERMANY. A schematic
drawing of the experimental set-up to study the austenite stability in low-alloyed TRIP steels is shown in

Fig 2.1.

Uni-Axial load

E = 88 keV

Rotation

Figure 2.1: Schematic representation of the experimental setup used for the high-energy microbeam X-ray
diffraction experiments on low-alloyed TRIP steels.



Figure 2.2: Synchrotron X-rays diffraction experiments on low-alloyed TRIP steels at P07 (up) and ID11
(bottom). The sample is mounted on a tensile microtester placed on table able to translate in three
directions (x, y, z) and rotate along the vertical axis (®). In the background is the 2-dimensional CCD
detector.



2. Experimental methods

Fig 2.2 shows the experimental hutch of the beamline where the experiments have been performed. A
white synchrotron beam diffracts from a bent silicon Laue crystal, which induces a monochromatic X-ray
beam with an energy of around 70-90 keV depending on the instrument. A set of slits defines the shape
and the size of the X-ray beam. For our powder experiments the beam dimension was 100 x 100 pm?. In
order to illuminate the sample uniformly, a homogeneous flux of photon is required over the cross-
section of the beam. As shown in Fig 2.3, the sample is mounted on a 2kN Deben microtester, which
allows the in-situ studies of the austenite stability in low-alloyed TRIP steels by X-ray diffraction. The
microtester is positioned on a table, which can be translated in three directions (x, y, z) and rotated over
an angle w. The diffracted X-rays are recorded with a 2D-CCD detector. For the high-resolution X-ray
diffraction analysis, presented in chapter 8, a second 2D-CCD detector is positioned at a longer distance

behind the first detector.

Figure 2.3: Low-alloyed TRIP steels sample mounted on the 2kN Deben tensile microtester. The glass
dome allows for temperature dependent experiments under vacuum. The grips can be heated by cartridge
heaters or cooled with cold N, gas.



Fig 2.4a shows the 2D X-ray diffraction pattern of the powder experiments of the multiphase TRIP
microstructure. Full diffraction rings on are observed due to a high number of grains monitored
simultaneously during the experiment. For single grain experiments, separate diffraction spots appear
on the recorded diffraction pattern, as shown in Fig 2.4b. It is possible to detect separate reflections by
choosing a relatively small beam size of 20 x 20 um? corresponding to a size about 4 times bigger than
the average austenite grain size in the sample. As a consequence, a limited number of grains contribute
to the diffraction pattern. The recording time of the diffraction patterns for these experiments was 0.2 s.
To verify that particular grains are not partly monitored and then completely positioned within the
illuminated volume, 2 bigger beam sizes of 30 x 30 um? and 40 x 40 pm?” were also used for each single
grain measurement. In the case that a grain would be partly monitored, an increase in Bragg intensity of

the corresponding diffraction spots is observed when a bigger beam sizes is used.

Figure 2.4: (a) Two-dimensional X-ray diffraction pattern using a beam of 100 x 100 um’ showing a
powder pattern (b) and a beam of 20 x 20 um’ showing single reflections.

In addition, it is also necessary to verify that the monitored volume within the sample remains identical
during the mechanical test. The mechanical stability of the austenite grains is investigated by applying
macroscopic deformation. To verify that the same grains are monitored after each macroscopic strain

step, the coordinate of an untransforming reference ferrite grain within the sample is tracked. The X-ray

beam is realigned on this grain for each deformation step.

10



2. Experimental methods

2.2 Theory of three-dimensional x-ray diffraction microscopy

For each of the diffraction spots, the integrated intensitylg is related to the volume of the grain ngy

the following equation [1,2]:

2 13|Fhk1 |2 Vg

2

I, =D

g

il 75 ) PT exp(-2M) ()
Aw|sinn|v: ¢

where CDOis the incident flux of photons, F}ﬂd is the structure factor of the {hkl} reflection, A is the
photon wavelength, A@ is the angular range over which the grain is rotated, v is the volume of the

unit cell, P is the polarization factor, and 7 is the transmission factor. The Lorentz factor of the grain is
given by L, =1/sin(26), where 26 is the scattering angle. The angles 1 and ® are the azimuthal

angle and sample rotation angle respectively. The Thomson scattering length 7 is given by:

2
e

A :—2:2.82><10’15m (2)
4rg,m,c

where ¢=1.602x10""Cis the electron charge, me=9.1094><10_31kgis the electron mass,

c=2.9979x10°m/s is the velocity of light, and &, = 8.85419x10 “F/mis the permittivity of vacuum.

The Debye-Waller factor exp(—2M) accounts for the thermal vibrations of the atoms [3],

6h*T x |(sin@ ?
_ 3
M = ) 2{¢(x)+4}[ 7 j (3)

where ©=6.62608x107*Js is the plank constant, m is the mass of the vibrating atom,

ky = 1.381x107> J/K is the Boltzman constant, @ is the Debye temperature, x = ® / T is the relative

11



temperature, T is the temperature, and ¢ is given by:

Ny
o )7! 1% @

For a powder diffraction experiment, the integrated intensity /, of a {hk/}-diffraction ring of a

polycrystalline material with randomly oriented grains is given by:

2 mhklﬂ’3 |F;lkl | V
V

1= L, Pexp(~2M) (5)

where m,,,is the multiplicity factor of the {hk/}-ring and V' is the volume of the diffracting phase. The

Lorentz factor for a powder is given by Lp =1/(4sin(#)). The volume of the diffraction phase is given

by:

where f;is the volume fraction of the diffraction phase and Vgauge is the gauge volume, which is defined

by the beam size and the thickness of the sample.

The volume of an individual grain is calculated from the integrated Bragg peak intensity of a grain Ig

normalized by the powder intensity of the {hk/}-ring in which the reflection from the individual grain

appeared.

1
v zémhk,Aa)]smn |cos(O) fV, == (7)

g i’ gauge
[P
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Chapter 3

Optimisation of the fraction of
metastable austenite in TRIP steels

We have performed in-situ magnetization and high-energy X-ray diffraction measurements on two
aluminum-based TRIP steels from room temperature down to 100 K in order to evaluate amount and
stability of the retained austenite for different heat treatment conditions. We have found that the
bainitic holding temperature affects the initial fraction of retained austenite at room temperature but
does not to influence significantly the rate of transformation upon cooling.

3.1 Introduction

Low-alloyed transformation-induced plasticity (TRIP) steels have attracted significant interest for
automotive applications due to their high strength and formability [1]. A relatively complex two-stage
heat treatment leads to the presence of a significant amount of austenite (<20%) in a metastable
condition at room temperature [2]. The transformation of this metastable austenite into martensite can
be induced by changes in temperature and/or an applied stress [3,4]. This transformation seems to
constitute the key process to obtain a high work hardening rate and a large uniform elongation in these
materials [2,4]. We have recently derived a new equation that links the martensitic transformation
temperature not only to the carbon content of the austenite grains but also to the grain size [5]. These
two microstructural parameters are controlled by the heat treatment and the chemical composition of
the material. The aim of this work is to maximize the amount of metastable austenite present in the
room-temperature TRIP microstructure in order to improve the strength/ductility combination in these
materials. To achieve this goal, we have varied the heat treatment parameters systematically in two

aluminum-based TRIP steel grades. We have subsequently studied the thermal stability of the retained
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austenite by using two in-situ bulk techniques: magnetization measurements using a SQUID

magnetometer [6] and high-energy X-ray diffraction at a synchrotron source [5,7].

3.2 Experimental methods
Two TRIP steels grades with a different aluminum content were used: 0.188C-1.502Mn-0.254Si-0.015P-

0.443Al (Alp4) and 0.218C-1.539Mn-0.267Si-0.018P-1.750Al (Al1.8) in wt.%. Cylindrical samples with a
length of 10 mm and a diameter of 5 mm were machined from the hot-rolled steel material and heat
treated under vacuum using a Bahr 850a dilatometer. The samples were first annealed during 30
minutes at an intercritical temperature of 1098 K for Al0.4 and 1143 K for Al1.8, corresponding to
approx. equal fractions of austenite and ferrite. The second stage was to quench the samples to a lower
temperature where part of the intercritical austenite transformed into bainite. In order to assess the
influence of the bainitic holding temperature (T,,) on the resultant TRIP microstructure at room
temperature, we have prepared samples at three different temperatures: 623, 648 and 673 K. At each
temperature, the holding time was varied systematically from 30 s to 10 min. Finally, the material was
guenched to room temperature. The austenite grains with sufficient stability did not transform into
martensite during the final quenching step and remained in the room-temperature microstructure in a
metastable condition. This specific heat treatment yielded a multiphase microstructure composed of
ferrite, bainite and retained austenite. Fig. 3.1 shows the resultant microstructure of Aly4 and Al 5 at
room temperature for two bainitic holding temperatures: 623 and 673 K, and a holding time of 2 min.
The thermal stability of retained austenite was studied by magnetization measurements using a SQUID
magnetometer while cooling the material down to 100 K and heating back to room temperature in the
presence of magnetic field of 5 T. The difference in saturation magnetization of the TRIP steel containing
the metastable austenite and the as-received ferritic steel is directly related to the volume fraction of
the non-magnetic austenite [6]. The magnetization results are compared with those of our earlier in-situ
high-energy (E =80 keV) X-ray diffraction measurements performed in transmission geometry at the
beam line ID11 of the European Synchrotron Radiation Facility (Grenoble, France) [5,7]. In this

experiment, the sample was cooled from room temperature to 100 K in steps of 20 K using a nitrogen
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3. Sample optimisation

gas cryostream cooler. For each temperature step, the diffracted intensity from the different phases

present in the microstructure was recorded on a two-dimensional detector placed behind the sample.

Figure 3.1: Room-temperature microstructure of the two studied TRIP steel grades as revealed by optical
microscopy. The micrographs correspond to a bainitic holding temperature of Ty, = 623 and 673 K and a
holding time of 2 min. Austenite and martensite appear in white, while bainite and ferrite grains are
shown in brown.

3.3 Results and discussion

3.3.1 Austenite fraction at room temperature
Fig. 3.2 shows the austenite fraction present at room temperature as a function of the bainitic holding

temperature and time for the two studied TRIP compositions. Fig. 3.2b shows that for the Al, s sample
and T,y = 673 K, the austenite fraction increases with the holding time up to 2 min and then decreases
slowly at longer times. By decreasing the bainitic temperature from 673 to 623 K, the austenite fraction
is reduced and the maximum in the austenite fraction is shifted towards longer times. By comparing Fig.

3.2a and b, the austenite fraction at room temperature turns out to be lower for the Aly, sample than
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for the Al, s sample at the same T,,. The shape of the curve is similar for both compositions, but in the
case of Aly4 the maximum in austenite fraction appears at a shorter holding time of 1 min at 673 K and

2 min at 648 K and 623 K. The retained austenite fraction decreases faster at longer holding times in the

Aly4 sample.
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Figure 3.2: Variation of the austenite fraction at room temperature with the bainitic holding temperature
and time for (a) Alyand (b) Al s

The microstructure of TRIP steels depends on the bainitic holding time. For short holding times, the
austenite fraction at room temperature is relatively low due to a limited carbon enrichment during the
bainitic transformation. Consequently, part of the austenite transforms into martensite during the
guenching to room temperature. By increasing the holding time, the austenite fraction increases to
reach a maximum value, which indicates the minimum degree of bainitic transformation necessary to
hinder the partial transformation of the remaining austenite into martensite above room temperature.
The position of this maximum depends on the bainitic holding temperature due to the influence of
temperature on carbon diffusion. For longer times, a significant amount of bainite plates have grown
into the austenite grains leading to a reduction in the austenite fraction with time. A second parameter
that affects the austenite fraction at room temperature is the aluminum content. Aluminum increases
the driving force of the bainitic transformation and retards the cementite formation during the bainitic
holding step [5]. As shown in Fig. 3.2, the austenite fraction decreases with the aluminum content due
to a reduced degree of bainite formation. Consequently, a lower carbon enrichment in austenite is

expected. For longer holding times, the austenite fraction seems to tend to zero. This may indicate the
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3. Sample optimisation

possible formation of carbides in the TRIP sample with only 0.4 wt.% Al at long holding times. A higher
bainitic holding temperature leads to faster bainite transformation kinetics, and therefore induces a
faster austenite stabilization with a maximum point at 673 K for 1 min instead of 2 min for the Alg4

sample.

3.3.2 Austenite stability below room temperature
The heat treatment leading to the highest fraction of retained austenite at room temperature

(Ten = 673K for 2 min in Al; g) was selected as base material to study the thermal stability of the retained
austenite at lower temperatures. For comparison, the bainitic holding temperature was varied from 673
to 623 K for a fixed holding time of 2 min for both chemical compositions. Fig. 3.3a and b shows the
austenite fraction as a function of the temperature during cooling down to 100 K. In all cases, the
austenite fraction decreases during the cooling process, what indicates that part of the metastable
austenite has transformed into martensite. The transformation starts at 250-275 K irrespective of the
bainitic holding temperature and the chemical composition, and stops in the temperature range of
120-150 K. As expected, the austenite fraction does not change any further upon heating the material
back to room temperature. An austenite fraction of 1.4% transforms thermally into martensite in the
Alo4 sample for all bainitic holding temperatures, while the transformed austenite fraction is around
2.3% in the Al g sample. The bainitic temperature turns out to have a weak influence on the austenite
stability when varied from 623 to 673 K, only on the initial austenite fraction before cooling. Moreover,

a fraction of the initial metastable austenite grains still remain untransformed at the lowest

temperature of 100 K in all samples. The average austenite carbon content (< x/ >) and grain volume
(< Vy >) have been compared before and after cooling down to 100 K using high-energy X-ray

diffraction [5], see Table 3.1. These data indicate that only small grains with a high carbon content

remain untransformed at 100 K.

Finally, in Fig. 3.3c and d the comparison between the results of the magnetization measurements and
those of the in-situ X-ray diffraction experiment is displayed. A very satisfactory agreement is obtained
between both techniques. All the curves have the same slope, what means that the transformation
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behaviour is similar for all process routes for a selected chemical composition. The martensitic
transformation occurs in a narrower temperature range between 150 K and 250 K for Aly4 sample. A

higher aluminum content is found to induce a more gradual transformation of the austenite during

cooling down to 100 K.

Table 3.1: Average grain volume (<V,>) and carbon content (< x! >) of austenite before and after

cooling down to 100 K for both compositions, taken from ref. [5]. The width of the distribution (standard
deviation) is indicated in parenthesis.

<V,> (um) <x! > (wt.%)
Material Before After Before After
Alg.a 11.8 (6.5) 7.8 (2.9) 0.92 (0.10) 1.01 (0.16)
Alyg 20.9 (12.2) 11.5(7.2) 0.81 (0.14) 1.02 (0.11)
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Figure 3.3: Evolution of the austenite fraction as a function of the temperature for (a) Aly, and (b) Al s
The relative volume fraction as a function of the temperature is shown in (c) and (d) for both chemical
compositions and for a bainitic holding time of 2 min. The green dots correspond to the data obtained by

in-situ X-ray diffraction (taken from ref. [7]). The dashed line indicates the temperature region where the
austenite transforms into thermal martensite.
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3.4 Conclusions
The thermal stability of retained austenite in two aluminum-based TRIP steels was studied by a

combination of two in-situ bulk experimental techniques: magnetization measurements and high-energy

X-ray diffraction. The main conclusions of the present study are:

1. The austenite fraction at room temperature increases with the bainitic holding time up to a maximum
value, and then decreases slowly for longer times. If the bainitic holding temperature is lowered, this
maximum is shifted towards longer holding times. A decrease in the aluminum content causes a

reduction in the austenite fraction and the maximum occurs at shorter holding times.

2. The thermal stability of the retained austenite does not vary significantly with the bainitic holding
temperature in the range of 623-673 K for each of the two studied TRIP steels. An increase in the

aluminum content leads to a more gradual transformation of the metastable austenite.

3. A certain amount of austenite remains untransformed at 100 K in all the studied samples. These
remaining austenite grains are too stable due to a high carbon content and a small grain size that gives a

very low value for their martensite transformation temperature.

4. In-situ magnetization and high-energy X-ray diffraction measurements show similar results with
respect to the transformation behavior of the metastable austenite below room temperature. Both
techniques are successful in monitoring in-situ the martensite transformation of a small amount of

retained austenite.
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Chapter 4

Tensile experiments at variable
temperatures

The stability of the retained austenite has been studied in situ in low-alloyed TRIP steels using high-
energy X-ray diffraction during tensile tests at variable temperatures down to 153 K. A detailed powder
diffraction analysis has been performed to probe the austenite to martensite transformation by
characterizing the evolution of the phase fraction, load partitioning and texture of the constituent
phases simultaneously. Our results show that at lower temperatures the mechanically induced austenite
transformation is significantly enhanced and extends over a wider deformation range, resulting in a
higher elongation at fracture. Low carbon content grains transform first leading to an initial increase in
average carbon concentration of the remaining austenite. Later the carbon content saturates while the
austenite still continues to transform. In the elastic regime the probed {hkl} planes develop different
strains reflecting the elastic anisotropy of the constituent phases. The observed texture evolution
indicates that the austenite grains oriented with the {200} along the loading direction are transformed
preferentially as they show the highest resolved shear stress. For increasing degrees of plastic
deformation the combined preferential transformation and grain rotation results in the standard
deformation texture for austenite with the {111} component along the loading direction. The
mechanical stability of retained austenite in TRIP steel is found to be a complex interplay between
carbon concentration in the austenite, grain orientation, load partitioning and temperature.

4.1 Introduction

Low-alloyed TRansformation Induced Plasticity (TRIP) steels were developed in the late 80s [1-4] and

have attracted significant interest for automotive applications due to their outstanding combination of
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high strength and formability [5-7]. A typical TRIP steel microstructure contains three phases at room
temperature: ferrite, bainite and metastable austenite [8,9]. The remarkable mechanical properties of
this material are attributed to the multiphase microstructure as well as to the transformation of the soft
metastable austenite phase into the hard martensite phase upon activation by mechanical and/or
thermal stimuli. This phenomenon, called the TRIP effect, increases the work-hardening rate during

plastic deformation and delays necking [10,11].

A lot of effort has been devoted in recent years to maximize and tune the retention of austenite at room
temperature in order to enhance the TRIP effect [12-15]. In order to create a sufficient amount of
retained austenite in the TRIP microstructure, a three step heat treatment (intercritical annealing,
bainitic holding and finally quenching to room temperature) is imposed [16]. This heat treatment is only
effective if a sufficient concentration of alloying elements (such as Si, Al and P) retarding the cementite
formation during the bainitic holding treatment is present [17,18]. An optimized composition and heat
treatment leads to a retained austenite fraction of 10-15%. The carbon concentration of the retained

austenite is about 6-9 times the nominal carbon concentration, but varies from grain to grain [19-21].

In previous in-situ studies the average retained austenite behavior was either studied as a function of
the undercooling (defining the thermal stability) [22-24] or as a function of the applied load at room
temperature (defining the mechanical stability) [25-32]. In these studies some attention was paid to the
behavior of the non-transforming ferritic phase as well. These experimental results led to the
development of micro-mechanical models for the TRIP multiphase microstructure [33-36]. An accurate
prediction of the material’s mechanical response at variable temperatures requires detailed knowledge
about the interplay between the transformation behavior, the local load redistribution between the
phases, the texture evolution and the deformation behavior of the non-transforming ferritic matrix as a

function of both temperature and uniaxial load.

Recent advances at synchrotron radiation sources have provided material scientists with intense high-
energy X-ray beams of micron dimensions that are a valuable tool for in-situ studies during the thermo-

mechanical processing of advanced engineering materials [37]. In our previous synchrotron X-ray
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4. Tensile deformation: Powder experiments

diffraction studies we have probed the austenite transformation behavior in the bulk TRIP
microstructure during deformation at room temperature [38] and during cooling down to 100 K
[21,24,39,40]. We found that the austenite stability depends on both the local carbon content and the
grain size. In this work, a complete in-situ characterization of the combined thermal and mechanical
stability of the retained austenite has been performed by high energy synchrotron X-ray diffraction
(XRD) during temperature-dependent tensile tests. The interplay between tensile deformation, the
orientation-dependent austenite to martensite transformation and grain rotation has been analyzed by
a Rietveld refinement of the diffraction data characterizing the relevant phases and their textures

simultaneously.

4.2 Experimental methods

4.2.1 Sample preparation
The chemical composition of the studied TRIP steel is shown in Table 4.1. Cylindrical dog-bone tensile

specimens with a gauge length of 10 mm and a diameter of 1 mm were machined from hot rolled sheet
material. The cylindrical axis of the samples was chosen parallel to the rolling direction (RD). A mark
parallel to the normal direction of the sheet material was made on the top part of the cylindrical sample

in order to keep track of the sample orientation.

Table 4.1: Chemical composition of the studied samples in wt.% with balance Fe.

C Mn Si Al P

0.218 1.539 0.267 1.75 0.018

First, the samples were annealed in a salt bath for 30 min at an intercritical temperature of 1143 K in
order to obtain equal fractions of austenite and ferrite. Then the samples were quenched in a second
salt bath to a temperature of 673 K and held for 2 min. During this holding time part of the intercritical
austenite transformed into bainite and the remaining austenite was enriched in carbon. The carbon-

enriched austenite remained in a metastable state after a final water quench to room temperature. This

23



heat treatment yielded a multiphase microstructure composed of ferrite (a), bainite (a,) and metastable

austenite (y), as shown in the optical micrograph of Fig. 4.1.

l;::{wg

20 Hm

Figure 4.1: Optical micrograph of the low-alloyed TRIP steel (etched by LePera). The room temperature
multiphase microstructure contains a metastable austenite phase (white) within a matrix of ferrite (dark
brown) and bainite (light brown) phases.

4.2.2 In-situ high-energy X-ray diffraction
The in-situ XRD experiments were performed at the 3D X-ray diffraction microscope at the ID11 beam

line of the European Synchrotron Radiation Facility (Grenoble, France). Fig. 4.2 shows the experimental
setup used for the experiments. A monochromatic X-ray beam of 88 keV (wavelength of 0.141 A) and a
beam size of 100x 100 pum’ illuminated the cylindrical sample. For these high-energy X rays the
absorption is relatively small making it possible to study even 1 mm thick samples in transmission
geometry. The diffracted beam was recorded on a two dimensional CCD detector (FRELON) [41] placed
behind the sample. The sample was continuously rotated around the cylindrical axis perpendicular to
the X-ray beam in steps of A®m = 0.25° covering an angular range of 84°. During each rotation step a 2D
diffraction pattern was continuously recorded using an exposure time of 0.2s. The instrument
parameters of the 3D X-ray diffraction microscope were determined using a CeO, calibrant (NIST SRM

674b).
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Figure 4.2: Schematic representation of the experimental setup used for the high-energy microbeam X-ray

diffraction experiments on low-alloyed TRIP steels. The sample is under a tensile stress (o) and cooled
from both ends. During exposure the sample was continuously rotated around the vertical axis.

To study the mechanical stability of the retained austenite, the sample was mounted on a 2-kN micro
tensile tester placed on a translation table that provided alignment of the sample in three directions
with respect to the X-ray beam and ®rotation along the cylindrical axis of the sample (the loading
direction was along the sample axis). The samples were aligned with the top mark parallel to the frame
of the tensile tester. For each deformation step, the strain was held constant during a complete set of
measurements for the full ® range. The mechanical stability of the austenite phase was studied at
selected temperatures of 293, 213 and 153 K. The sample was cooled via the grips of the tensile tester
by a flow of cold N, gas. During cooling additional XRD patterns were recorded every 10K. The
temperature was regulated by a temperature controller (Oxford Instruments). The tester and cooling
system were placed in a borosilicate glass dome put under vacuum (10° mbar). Possible variations in
sample-detector distance during deformation were checked by analyzing of the X-ray diffraction pattern

of a calibrant placed on the sample surface.

25



4.2.3 Data analysis
The measured data consisted of a series of two-dimensional diffraction patterns as a function of

temperature, sample elongation and w-angle. The two-dimensional diffraction patterns for the
complete w range covered in this experiment were summed. Afterwards, an integration over the
azimuthal angles at constant scattering angle was performed using the FIT2D software package [42] to
obtain the corresponding one-dimensional diffraction patterns. A Rietveld refinement of the resulting
one-dimensional X-ray diffraction patterns was performed using the Fullprof package [43] in order to
determine the phase fraction and lattice parameter of the constituent phases as a function of the
macroscopic strain. Fig. 4.3 shows two examples of the two-dimensional X-ray diffraction patterns with
the corresponding one-dimensional patterns analyzed by the Rietveld method before and after applying
a load. Deformation leads to a reduction in intensity for the austenite peaks, and an increase in the

diffraction peaks from the ferritic matrix.

In addition to the study of the average phase behavior, we also studied the change in lattice parameter
of the constituent phases oriented along and perpendicular to the loading direction. The evolution of
these two families of grains has been determined by studying a specific angular section of 15 degrees on
the detector. A mask has been generated to obtain the one-dimensional pattern for these zones of the
two-dimensional patterns. A fit of individual reflections to a pseudo-Voigt profile function was used in
order to study the stress partitioning between subsets of grains having specific {hk/} plane normals

oriented along and perpendicular to the loading direction [44].

A texture analysis has been performed using the MAUD software [45] to monitor the evolution of the
preferred {hkl} plane orientation with respect to the rolling (RD), normal (ND) and transverse (TD)
sample directions. For each elongation step, 16 individual two-dimensional patterns were obtained by
summing the measured data over a w range of 5°. These summed patterns were then integrated over 5°
of the azimuth angle. The 16 x 72 resulting 1D patterns were analyzed by the Rietveld method using

MAUD and the E-WIMV algorithm [46] for the texture refinement.
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Figure 4.3: Two-dimensional X-ray diffraction patterns at (a) no strain and (b) the ultimate tensile
strength (UTS). These patterns have been obtained by summing all the measured patterns for the whole w-
range used in the experiments. The loading direction is indicated in the figure (LD). The 2D patterns have
been subsequently integrated over the azimuth angles to obtain the one-dimensional X-ray patterns as a
function of the scattering angle at (c) no strain and (d) the ultimate tensile strength. The corresponding
Rietveld refinement of the one-dimensional X-ray patterns is shown at the different strain stages.

4.3 Results and discussion

4.3.1 Macroscopic behaviour
Fig. 4.4a shows the macroscopic (engineering) stress-strain curve of the low-alloyed TRIP steel measured

step-wise at a temperature of 293, 213 and 153 K. Each data point on the curves represents a set of
X-ray diffraction measurements for the covered w-rotation range while the macroscopic strain is held
constant. We recorded the diffraction patterns for a series of elongation steps up to the ultimate tensile
strength. Table 4.2 contains the relevant parameters that characterize the mechanical behavior of the
studied TRIP steel samples at the three selected temperatures. Both the yield stress and the ultimate
tensile strength show an increase of more than 200 MPa when cooling the sample from 293 to 153 K.
The uniform elongation also shows a significant increase when lowering the temperature, taking a value

of about 6.6% at 293 K and 11% at the lowest temperature of the experiments. This effect does not
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agree with the expected temperature-dependent mechanical behaviour of metals and multiphase alloys
where plastic deformation takes place primarily by dislocation glide and dislocation interactions [47].
The reverse phenomenon observed in these TRIP steel samples with respect to the variation of the

uniform elongation with temperature may be ascribed to the presence of the TRIP effect.

Table 4.2: Characteristic values for the macroscopic mechanical response of the TRIP steel at three
selected temperatures.

Temperature Yield Stress  Ultimate Tensile Uniform Elongation at
Strength Elongation fracture
(K) (MPa) (MPa) (%) (%)
293 206 519 6.61 8.14
213 405 660 9.28 11.53
153 471 754 10.96 14.42

4.3.2 Evolution of the austenite phase fraction
The austenite phase fraction was derived from the Rietveld refinement of the 1D diffraction patterns at

the selected deformation steps and temperatures, assuming the presence of the austenite phase within
a ferritic matrix (consisting of ferrite, bainite, and the formed martensite). In previous diffraction studies
[24,31,32] an attempt has been made to separate the phase contributions within the ferritic matrix. For
our steels the formed martensite shows no indication of a tetragonal distortion and is indistinguishable
from ferrite and bainite (see also [38-40]). Fig. 4.3c and 4.3d show the fitted pattern of the original
material and for the ultimate tensile strength at 153 K, respectively. The austenite reflections show a

significant reduction in intensity caused by the combined effect of deformation and cooling.

Fig. 4.4b shows the austenite fraction as a function of the macroscopic strain at the selected
temperatures. The difference in the initial austenite fraction at the selected temperatures is caused by
the austenite-to-martensite transformation during cooling. The austenite fraction decreases
progressively with increasing strain due to the mechanically induced austenite transformation. At all
studied temperatures the austenite starts to transform well before the macroscopic yield stress is
reached. The stability of the retained austenite phase strongly depends on the chemical composition

and the applied heat treatment. It was found that for short bainitic holding times the least stable
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austenite grains can be destabilized by cooling [39] or by adding strain energy in the elastic regime [38].
At room temperature the austenite fraction decreases continuously (by maximum 1.8 %) for strains up
to 2.5% and then remains roughly constant until fracture. At lower temperatures the transformation
continues until fracture. As indicated in Table 4.3, the amount of austenite transformed by deformation
is 4.3% at 213 K and 4.5% at 153 K. At fracture a finite amount of austenite is still present and cannot be
transformed mechanically for these experimental conditions. The increase in the austenite fraction
transformed by deformation at lower temperatures shows a strong correlation to the increase in

maximum elongation. The TRIP effect clearly becomes more effective at lower temperatures.
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Figure 4.4: (a) Macroscopic (engineering) stress-strain curves of TRIP steel measured step-wise during
the in situ X-ray diffraction experiments at temperatures of 293, 213 and 153 K. (b) Austenite fraction as
a function of the macroscopic strain for the different temperatures. The variations in the initial austenite
fraction are due to the transformation during cooling.
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This observation is consistent with recent temperature-dependent studies on the austenite stability

above [48] and below [49] room temperature.

Prior to the deformation at 213 and 153 K the material was cooled from room temperature. In order to
evaluate the austenite stability as a function of temperature a diffraction pattern was collected every
10 K during the cooling process. Fig. 4.5 shows the austenite fraction as a function of temperature
during continuous cooling from room temperature to 153 K. The austenite fraction decreases gradually
when the temperature is lowered and reached a constant value below 180 K. This is consistent with

earlier observations [24]. After cooling 0.4% of austenite has transformed at 213 K and 1.1% at 153 K

(see Table 4.3).

Table 4.3: Austenite fraction for the TRIP steel measured for different strain stages at three selected
temperatures.

Temperature Initial Austenite  Austenite fraction  Austenite fraction

fraction after cooling at fracture
(K) (%) (%) (%)
293 9.8(3) - 8.0(2)
213 9.4(2) 9.0(2) 4.7(2)
153 9.5(2) 8.4(2) 3.9(2)
1 T T T T T T T T T T 0.3
(153K 213K

T i
293K

Austenite fraction (%)

—=— Austenite fraction
: —e— Carbon concentration | !
6 " i 1 " 1 " 1 " i 1 " 1 " 1 " 1 " : -0.1

1
o
Change in carbon concentration (wt.%)

140 160 180 200 220 240 260 280 300
Temperature (K)

Figure 4.5: Phase fraction and carbon enrichment of the austenite as a function of the temperature during
cooling from 293 to 153 K. The increase in the average carbon content in the remaining austenite is
caused by the preferred transformation of the less stable austenite grains.
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4. Tensile deformation: Powder experiments

4.3.3 Relative change in lattice parameter
In addition to the austenite phase fraction, we can simultaneously analyse the carbon enrichment of the

remaining austenite from the relative change in lattice parameter during cooling. At room temperature,

the lattice parameter of austenite depends on the chemical composition according to [24,50]:

a, =3.556+0.0453x, +0.00095x,,, +0.0056x,, (1)

wherea, is the austenite lattice parameter in Aand x_, x,, and x, are the alloying concentrations in

wt.%. The presence of Si and P is considered to have a negligible effect on the lattice parameter of
austenite. Using this equation and the measured initial lattice parameter, the carbon content at room
temperature amounts to 1.31(2) wt.%. During cooling the austenite lattice parameter is affected by the
thermal contraction. Below room temperature the thermal contraction of austenite shows a coefficient

of thermal expansion that linearly depends on temperature [21]:

a(M)—a(T) ¢
- Tj a(T)dT 2)

where a(7}) is the lattice parameter at room temperature (Tp = 293 K) and a(T') is the coefficient of

the thermal expansion. The thermal expansion at T= 300 K is equal to 16.0x10°K ™" for austenite and

11.7x10°°K™" for ferrite [24].

In Fig. 4.5 the increase in average carbon concentration in the untransformed austenite is shown as a
function of temperature during cooling. These values have been obtained from the relative change in
lattice parameter corrected for the thermal contraction. The average carbon concentration increases
during cooling as only the least stable grains, with a lower carbon content, transform into martensite.

According to Andrews’ law [51] the martensite start temperature M, depends linearly on the carbon

concentration X, in the austenite phase:

M =M,— Ax, (3)

where My and A are constants.
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In our previous XRD experiments on the stability of individual austenite grains [39] it was found that M,

1
also depends on the austenite grain size V,: M, =M —BV, >, where M, and B are constants. For our

composition the experimental constants are determined to be: M,, = 702 K, A = 425 K/wt.% and
B =475 um-K. As the least stable grains will transform first, the average carbon concentration of the

remaining austenitic fraction is higher at low temperature.

The relative change in lattice parameter due to deformation originates from the elastic strain and the
carbon enrichment of the austenite resulting from the mechanically induced martensite transformation.

The elastic strains have been determined by the lattice strain & for each phase [27]:

(4)

where @, is the lattice parameter of the considering phase at zero deformation and a the lattice

parameter at a given deformation. In Fig. 4.6 the development of the relative change in lattice
parameters is shown as a function of the applied macroscopic stress. During deformation, the load is
distributed between the austenite and the ferritic matrix. In each phase the load distribution depends

on the grain orientation.

The grains with their plane normal oriented along the loading direction (axial) will be in a tensile
condition and the ones with their plane normal perpendicular to the loading direction (radial) in
compression. To distinguish the response of the axial and radial orientations for the diffracting planes
we have selected the two relevant parts of the recorded 2D diffraction patterns (see experimental
section for details). Fig. 4.6 shows the relative change in lattice parameter for austenite and ferrite at
the selected temperatures. For austenite the relative change in lattice parameter originates from two
contributions: the lattice strain and a change in average carbon content caused by the mechanically
induced martensite formation. By comparing the relative change in lattice for the axial and radial

orientations we can separate both contributions.
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Figure 4.6: Lattice plane strain of the ferritic matrix and austenite (close symbols) as a function of the
macroscopic stress for selected grain orientations at temperatures of 293, 213 and 153 K. For the axial
orientation (||) the plane normal is parallel to the loading direction while for the radial (L ) direction it

is perpendicular to the loading direction. For austenite the open symbols correspond to the relative
change in lattice parameter (Aa/a ). This change is due to the elastic strains and the carbon enrichment.
Both contributions have been separated by using the Poisson ration for austenite (see text). The effect of

carbon enrichment (&) is indicated by the dashed line. The horizontal dotted-lines correspond to the
macroscopic yield point (R ).
The carbon enrichment has a isotropic effect, while the orientation dependence for the elastic strains is

defined by the Poisson ratio v = 0.367 [35,52]. The relative change in lattice parameter due to the
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carbon enrichment &£, can now be estimated by &. =[(Aa, /a)+v(Aq, /a)]/(1+V), where Aa, /a
and Aa”/aare the relative changes in lattice parameter for the radial and axial orientations,
respectively. The resulting lattice plane strain is now obtained by subtracting &.from the relative

change in lattice parameter for the axial and radial orientations. In Fig. 4.6 the resulting value of & is

indicated by the dashed line and the lattice plane strains by the closed symbols.

Fig. 4.7 shows carbon enrichment Axc in the austenite obtained from the relative change in lattice
parameter &.and the corresponding the austenite fraction as a function of the macroscopic strain at
the selected temperatures. The carbon enrichment due to mechanically induced martensite formation is

lower at 153 K than at 293 K. As listed in Table 4.4, the carbon enrichment varies from Ax. =0.24 wt.%

for 1.8% transformed austenite at 293 K to Ax, =0.16 wt.% for 4.5% transformed austenite at 153 K.

The lower carbon enrichment during deformation at lower temperatures may be due to the carbon
enrichment during the prior cooling step (Fig. 4.5). Larger amount of austenite transformation did not
result in a higher carbon enrichment. Even though we observe a continuous austenite transformation up
to the maximum uniform elongation for temperatures of 213 and 153 K no further carbon enrichment is

observed for macroscopic strains beyond about 2.5%.

In Fig. 4.6a and 4.6b the obtained lattice strain is shown for austenite and the ferritic matrix at room
temperature. Below the macroscopic yield point (Rpo2), the lattice plane strains of austenite and ferritic
matrix evolve roughly linearly with the stress. At room temperature austenite shows a Young’s modulus
of E,= 167 GPa, while for the ferritic matrix a value of E, = 225 GPa is obtained. In Fig. 4.6¢c to 4.6f the
obtained lattice strain is shown for austenite and the ferritic matrix below room temperature. At the
lowest temperature of 153 K the Young’s modulus of austenite and the ferritic matrix increases to E, =
185 GPa and E, = 233 GPa, respectively. In Table 4.5 the temperature dependence of the Young’s
modulus is reported for both phases. Based on the reported elastic constants at room temperature [35]

values of £, = 164 GPa and E, = 134 GPa are predicted for fcc and bcc iron, respectively.
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Figure 4.7: Austenite fraction and carbon
enrichment as a function of the macroscopic
strain at a constant temperature of 293, 213
and 153 K. The initial carbon concentration
corresponds to the value after cooling.

A good agreement is observed for austenite, while the difference for the ferritic matrix probably
originates from the presence of bainite and the newly formed martensite. For bcc iron the temperature
dependence of the elastic constants [52] indicates an increase in Young’s modulus of about 5% for
cooling to 153 K in line with the observed behavior. In the plastic regime the load is redistributed over
the austenite and the ferritic matrix, which is mainly a result of the austenite transformation. The
deviation from linearity in the stress strain curves is observed at all temperatures, but more pronounced

below room temperature. This is probably due to the enhanced TRIP effect at low temperatures.
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Table 4.4: Change in the carbon concentration of austenite before and after deformation at three selected
temperatures. The initial carbon content in austenite at room temperature is 1.31(2) wt.%.

Change in carbon concentration ~ Change in carbon concentration

Tem pz;;ature after cooling at fracture
(wt. %) (wt. %)
293 - 0.24(3)
213 0.03(2) 0.12(4)
153 0.06(2) 0.16(5)

Table 4.5: Young’s modulus of the ferritic matrix and austenite at selected temperatures.

Temperature Ferritic Matrix Austenite
(K) (GPa) (GPa)
293 225(31) 167(28)
153 233(6) 185(7)

4.3.4 Lattice plane strain for individual {hkI} planes
The high-energy X-ray diffraction experiments allow us to follow not only the load partitioning between

the phases and their main orientations, but also for the specific {hk/} planes of each phase. In this
section, the lattice plane strain of grains having specific {hk/} planes oriented axial and radial to the

tensile direction are analyzed independently. In Fig. 4.8 the strain of individual {hk/} planes is shown for

each subset of grains at the studied temperatures. The plane strain &, ,, is defined as:

— dhkl — d}(l)kl (5)

hil 0
dhkl

where dhk, is the d-spacing of the diffracting {hk/} plane and d,?k, its unstrained value. The curves of the

plane strain for austenite have been corrected for the carbon enrichment obtained from Fig. 4.6.
Significant variations in the stiffness of all the {hk/} planes are observed for the radial and axial

orientations.
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Figure 4.8: Austenite fraction and carbon enrichment as a function of the macroscopic strain at a
constant temperature of 293, 213 and 153 K. The initial carbon concentration corresponds to the value
after cooling.

For a cubic single crystal the orientation-dependent variation in elastic strain caused by a tensile stress
O is characterized by the cubic elastic anisotropy factor 4,,, [53]:

k? + kP + PR
(W +1 +1%)°

Ahkl = (6)

where h, k, | are the Miller indices of the diffracting plane. The elastic strain for a family of grains with a
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plane normal <hk/> aligned along (|| ) or perpendicular ( L ) to the loading axis is given by [54]:

g ) 1
o = Su _2[5'11 _S12 __S44i|Ahkl (7)
o 2

& 1
o — S12 +[Su _SIZ __S44i|Ahkl (8)
o 2

where S;; are the elastic compliances. For planes aligned with the plane normal along the loading axis a
greater value of 4,,, implies a greater stiffness £, = O'/Eh,d” . Hence, for the austenite phase the <200>
direction is the most compliant crystallographic direction in the axial loading direction with
Ay < Ay < Ay (Ao = 0.00, Aszpy = 0.16, Ay = 0.25) and therefore £, < E,,,” < E,,, . For ferrite

the <200> directions are also the most compliant crystallographic directions in the axial loading

direction with A, <4, = 4yy =4y, (Azo = 0.00, A1 = Ao = Ayx = 0.25) and therefore

a a _ a _ a
E200 <E110 _E220 _E211 :

Our results shown in Fig. 4.8 confirm these predictions: along the loading direction the {200} plane of
the ferritic matrix is the most strained by the applied stress at all temperatures. A comparable strain
development for the {110}, {220} and {211} planes of the ferritic matrix is observed up to the yield point.
For austenite the lattice strain of the {200} plane shows the fastest growth for increasing applied stress.
The {220} plane of austenite shows the weakest strain development for increasing applied stress, but
demonstrates the highest initial strain at low stress levels. The Young’s modulus for the individual {hk/}
planes is shown in Table 4.6 for both phases. Along the radial axis, the resulting contraction due to the
axial stress also varies with the {hk/} plane. Again the cubic anisotropy factor predicts that the stiffness
of the {200} plane is the highest for both the austenite and the ferritic matrix. The qualitative elastic
response observed experimentally is well predicted by the cubic elastic anisotropy factor. However,
guantitative estimates of the macroscopic hkl/ Young’s modulus for the multiphase polycrystalline

aggregate need to be obtained using a homogenization scheme of the single crystalline values [55].
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Table 4.6: {hkl} dependent Young’s modulus Euy (in GPa) for the ferritic matrix and austenite at a
temperature of 293 and 153 K.

Temperature Ferritic Matrix Austenite
(K) {200} {211} {220} {200} {311} {220}
293 159(29)  183(28)  309(45) 161(36)  121(25)  160(45)
153 156(2)  268(10)  330(16) 127(7)  141(4)  145(7)

4.3.5 Austenite stability for different {hkl} planes

Fig. 4.9 shows the relative peak intensity of the {hk/} reflections of austenite and the ferritic matrix as a

function of the macroscopic stress for grains with plane normals oriented parallel to the loading

direction. For the ferritic matrix the variation in peak intensity is mainly caused by grain rotation and

start around the macroscopic yield stress. For the ferritic matrix the most pronounced effect is observed

for the {200} planes oriented with the plane normals along the loading.
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Figure 4.9: Relative peak intensity of the ferritic matrix and austenite as a function of the macroscopic
stress at 293 and 153 K for the grains with a plane normal oriented along the loading direction. The

vertical dotted-lines correspond to the macroscopic yield point (Ry.).
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For the austenite phase the diffracted intensity is affected by grain orientation and the austenite
transformation. The largest change in intensity is observed for the {200} orientation, while the intensity
of the {hhh} reflection is hardly affected. Again the effect of deformation is most pronounced beyond
the macroscopic yield stress, although for austenite minor variations are also observed at lower
stresses. This is probably caused by the austenite transformation taking place below the macroscopic
yield point. The reduction in intensity for the {200}, {220}, and {311} reflections is strongly enhanced at
low temperatures. The preferential martensite transformation of the {200} austenite grains is in
agreement with previous diffraction studies [31,38,56]. The orientation-dependent stability of the

austenite phase is defined by the Schmid factor m, which relates the maximum resolved shear stress

T=mo = COS(/I)COS(¢)G to the applied tensile stress ¢, where A is the angle between the tensile

orientation and the {111} slip plane normal and ¢ the angle between the tensile orientation and the
<110> slip direction. For the diffracted intensity shown in Fig. 4.9 for the grains with their plane normal

oriented along the tensile direction the Schmid factor m can be determined.

The Schmid factor amounts to: m{m}” = m{m}” = (2/3)/\/8 =0.272, m{m}” = (10/1 1)/\/8 =0.371

and m{m}” zm{m}” =1/\/€=0.408 for the studied {hk/} austenite planes. The elastic shear strain

1

1
=—S,7° 255441%20'2. This shear strain

Gibbs free energy per unit volume corresponds to: Ag, >

energy suggests a stress dependence of the martensite start temperature of the form:

M (c)=M (0)+Cm’c’ (9)

where C = (S44 /2)(dAgv /a'Tf1 is a constant and Ag,, the difference in Gibbs free energy per unit

volume between austenite and martensite. The orientation dependent stability of the {hk/} diffraction
planes is governed by the relative strength of the Schmid factor for the relevant planes. The reduced
stress dependence of the {220} intensity compared to the {200} intensity is expected to be caused by

the lower number of potentially active slip systems. Our proposed model considers an elastic energy
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criterion for the transformation of austenite into martensite, since we experimentally observe that the
transformation already starts in the elastic regime. In comparison, the Patel-Cohen model [57] considers
an energy criterion for the mechanical work done by the transformation that leads to a linear stress

dependence of the martensite start temperature.

4.3.6 Texture analysis
A texture analysis has been performed using the MAUD software on the constituent phases for selected

macroscopic strains and temperatures. Fig. 4.10 shows the texture evolution at characteristic stages:
before cooling, after cooling, close to the yield strength and at ultimate tensile strength (UTS). The grain
orientation of the TRIP steel has been represented by inverse pole figures as a function of the rolling
(RD), transverse (TD) and normal (ND) directions. The initial preferred orientation of the ferritic matrix is
the {111}<110>. For austenite there are two components: a weak {110}<001> and a strong {110}<111>.
Cooling the material does not significantly affect the texture. The grains do not rotate during cooling
although the transformation induced by cooling can activate some grain rotations. By applying the
mechanical load, the {111}<110> component of the ferritic matrix is further enhanced. In the austenite
phase two types of texture evolution have been observed. The strong {110}<111> component increases,
which means that the grains rotate during the loading, while the {110}<001> component tends to
disappear because these austenite grains have been transformed mechanically. This is in agreement
with the results of Fig. 4.8 and 4.9 where the {110}<001> component decreases by straining the TRIP
steel due to transformation. At low temperature the texture evolution is more pronounced than at

room temperature but shows the same characteristic behavior.
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Figure 4.10: Texture evolution of the ferritic matrix and austenite represented as inverse pole figures
reconstructed from the ODFs for different strain steps at a temperature of 293 K (top) and 153 K
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4.4 Conclusions
We have performed in-situ high-energy X-ray diffraction experiments at a synchrotron source in order to

study the austenite stability in a low-alloyed TRIP steels during tensile tests at three selected
temperatures. A detailed analysis of the diffraction data reveals the relevant characteristics of the
temperature dependent austenite-to-martensite transformation during deformation. The main

conclusions are:

1. At lower temperatures the mechanically induced austenite transformation is significantly enhanced
and extends over a wider deformation range. At room temperature the austenite transformation is only
observed for strains up to 2.5%, while it extends over the full deformation range at temperatures of 213
and 153 K. At lower temperatures both the ultimate tensile strength and the elongation at fracture
show an increase. The higher elongation at fracture is expected to be caused by the more efficient TRIP
effect for lower temperatures. At all temperatures the austenite transformation starts well below the

macroscopic yield stress.

2. By selecting subsets of grains with plane normals along and perpendicular to the tensile load we can
decouple the carbon enrichment in the austenite and the elastic phase strain from the derived relative
change in lattice parameter during deformation. The carbon concentration in the remaining austenite
due to the progressive transformation to martensite first increases but stabilizes well before the TRIP

effect is depleted.

3. In the elastic regime the probed {hk/} planes develop different strains reflecting the elastic anisotropy
of the constituting phases. The Young’s modulus for the {hkl} planes has been determined at room
temperature and at 153 K. At both temperatures the relative strength of the elastic strains on the {hk/}

planes is in good agreement with the predictions from the cubic elastic anisotropy factor.

4. The observed texture evolution indicates that the austenite grains oriented with the {200} along the
loading direction are transformed preferentially as they show the highest resolved shear stress. For
increasing plastic deformation the combined preferential transformation and grain rotation results in

the standard deformation texture for austenite with the {111} component along the loading direction.
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5. The mechanical stability of retained austenite in TRIP steel is found to be a complex interplay
between carbon concentration in the austenite, grain orientation, load partitioning and temperature. A

model is proposed to describe the effect of applied tensile stress on the M, temperature.
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Chapter 5

Shear experiments for different bainitic
holding times

The microstructure evolution during shear loading of a low-alloyed TRIP steel with different amounts of
the metastable austenite phase and its equivalent DP grade has been studied by in-situ high-energy X-
ray diffraction. A detailed powder diffraction analysis has been performed to probe the austenite-to-
martensite transformation by characterizing simultaneously the evolution of the austenite phase
fraction and its carbon concentration, the load partitioning between the austenite and the ferritic matrix
and the texture evolution of the constituent phases. Our results show that for shear deformation the
TRIP effect extends over a significantly wider deformation range than for simple uniaxial loading. A clear
increase in average carbon content during the mechanically-induced transformation indicates that
austenite grains with a low carbon concentration are least stable during shear loading. The observed
texture evolution indicates that under shear loading the orientation dependence of the austenite
stability is relatively weak, while it has previously been found that under tensile load the {110}<001>
component transforms preferentially. The mechanical stability of retained austenite in TRIP steel is
found to be a complex interplay between the interstitial carbon concentration in the austenite, the grain
orientation and the load partitioning.

5.1 Introduction

Low-alloyed transformation-induced-plasticity (TRIP) steels were developed in the late 1980s [1-3] and
have attracted significant interest for automotive applications due to their outstanding combination of
high strength and formability [4-9]. At room temperature a typical TRIP steel microstructure contains

three phases: ferrite, bainite and metastable austenite [10,11]. The remarkable mechanical properties of

47



this material are attributed to the multiphase microstructure as well as to the transformation of the soft
metastable austenite phase into the hard martensite phase upon activation by mechanical and/or
thermal stimuli. This phenomenon, called the TRIP effect, increases the work-hardening rate during
plastic deformation and delays necking [12,13]. The understanding of the mechanical parameters

controlling the austenite stability under complex loading conditions remains limited.

Previous in-situ studies have examined the austenite stability by cooling the material [14-19] or by
applying an uniaxial tensile load at room temperature [20-28] and at selected low temperatures [29].
These experimental results led to the development of advanced micromechanical models for the TRIP
multiphase microstructure [30-33]. The influence of shear loading and more complicated deformation
states is still not investigated in detail. Understanding the mechanical response of the microstructure
during shear deformation is an essential step to control the sheet forming process in TRIP steels for
automotive application [34]. An accurate prediction of this process requires a better insight in the
mechanical response in terms of the austenite-to-martensite transformation, the load partitioning

between the constituent phases and the texture evolution during shear loading.

In this study, a detailed characterization of the austenite stability during shear loading has been made by
in-situ high-energy synchrotron X-ray diffraction (XRD) experiments. In order to determine the effect of
the austenite-to-martensite transformation on the mechanical response, a single low-alloyed steel
composition with three different microstructures has been investigated: a dual-phase (DP) steel without
austenite, a TRIP steel with stable austenite (TRIP-15min) and a TRIP steel with metastable austenite
(TRIP-2min). The relation between the macroscopic stress, the orientation-dependent martensitic
transformation and grain rotations has been determined by a Rietveld refinement of the high-energy
XRD data. A complementary position-dependent mapping of the strain fields in the shear region will be

presented elsewhere.

48



5. Shear deformation: Powder experiments

5.2 Experimental methods

5.2.1 Sample preparation
The chemical composition of the TRIP steel studied is shown in Table 5.1. Double-notched plate

specimens [35] with a shear length of 1 mm and a thickness of 1 mm were machined for the shear
experiments from hot-rolled sheet material by spark erosion. The slits are at 45° with respect to the
loading direction and have a width of 0.2 mm. The loading axis of the samples was chosen parallel to the

rolling direction (RD).

Table 5.1: Chemical composition of the studied samples in wt.% with balance Fe.

C Mn Si Al P

0218 1539 0.267 1.75 0.018

Three different microstructures have been generated by the applied heat treatment. To start, all
samples were annealed in a salt bath for 30 min at an intercritical temperature of 1143 K in order to
obtain about equal fractions of austenite and ferrite. The first microstructure was obtained by a direct
guench to room temperature creating a dual phase steel (DP) containing about equal amounts of ferrite
(a) and martensite (a’). The other two samples were quenched in a second salt bath to a temperature of
673 K and held for either 2 min (TRIP-2min) or 15 min (TRIP-15min), respectively. During this isothermal
holding the intercritical austenite transformed partly into bainite, resulting in a continuous enrichment
of the interstitial carbon content in the untransformed austenite. The carbon-enriched austenite
remained in a metastable state after a final water quench to room temperature. This heat treatment for
the TRIP-2min and the TRIP-15min samples yielded a multiphase microstructure composed of ferrite (a),

bainite (ab) and metastable austenite (y). In Fig. 5.1 the formed microstructures are shown.

5.2.2 In-situ high-energy X-ray diffraction
The in-situ XRD experiments were performed at the high-energy materials science beamline (P07) of the

PETRA Ill synchrotron radiation source at DESY (Hamburg, Germany). Fig. 5.2 shows the sample

geometry and the experimental setup used for the experiments.
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Figure 5.1: Initial microstructure of the studied samples: (a) DP, (b) TRIP-2min and (c) TRIP-15min. The
DP microstructure contains a matrix of ferrite (black) and martensite (white). The TRIP microstructure
contains a metastable austenite phase (white) within a matrix of ferrite (black) and bainite (grey) phases.

A monochromatic X-ray beam with an energy of 79.6 keV (wavelength of 0.156 A) and a beam size of
100x 100 um? illuminated the plate sample. For the high-energy X rays the sample absorption is
relatively small, making it possible to study even 1 mm thick samples in transmission geometry. The
diffracted beam was recorded on a two-dimensional digital flat panel X-ray detector (Perkin Elmer XRD

1622) placed at 1025.1 mm behind the sample.
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5. Shear deformation: Powder experiments

To study the mechanical response of the constituent phases, the sample was mounted on a 2-kN micro
tensile tester (Deben) placed on a translation table that provided alignment of the sample in three
directions with respect to the X-ray beam and @ rotation around the loading axis of the sample. The
symmetric displacement of the grips of the micro tensile tester permits us to monitor the same sample

volume during the tests.

During the experiment samples were continuously rotated around the loading axis perpendicular to the
X-ray beam in steps of Aw = 0. 5°, covering a total angular range of 80°. For each deformation step the
strain was held constant during a complete set of diffraction measurements over the full ® range.
During each rotation step a two-dimensional (2D) diffraction pattern was recorded continuously using
an exposure time of 0.5 s. The instrument parameters for the X-ray diffraction setup were determined

using a CeO, calibrant (NIST SRM 674b).

o
A
Uniaxial load

E=79.6 keV \

20

32 mm
v

Rotation w

v z

o | :\" eteqbr
X

Figure 5.2: Schematic representation of (a) the sample geometry of the shear specimen and (b) the
experimental setup used for the high-energy microbeam X-ray diffraction experiments. The monitored
sample volume with a beam size of 100x100 um’ is positioned in the centre of the shear area indicated by
the crossing of the dotted lines.

5.2.3 Data analysis
The measured data consist of a series of 2D diffraction patterns as a function of the sample elongation

and w angle. For each deformation step the individual w-dependent 2D diffraction patterns were
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summed for the covered w range of 80°. An integration over the azimuth angles at constant scattering
angle was performed using the FIT2D software package [36] to obtain the corresponding one-
dimensional (1D) diffraction patterns. A Rietveld refinement of the resulting 1D X-ray diffraction
patterns was performed using the Fullprof package [37] in order to determine the phase fraction and
lattice parameter of the constituent phases as a function of the macroscopic strain. Fig. 5.3 shows two
examples of the 2D X-ray diffraction patterns with the corresponding 1D patterns analysed by the
Rietveld method before and after applying a shear load for the TRIP-2min sample. Shear deformation
leads to a reduction in peak intensity for the metastable austenite phase having a face-centred cubic
(fcc) structure, and an increase in the diffraction peaks for the ferritic matrix having a body-centred

cubic (bcc) structure.

In addition to the study of the average phase behaviour, we integrated each summed 2D pattern for
constant scattering angles over sections of the detector covering an azimuth angular range of 102. Each
2D pattern then yielded 36 1D patterns. All the resultant 1D patterns were fitted using Fullprof in a
batch processing mode. The variation of the lattice parameter as a function of the azimuth angle for
each deformation step reveals the evolution of the elastic properties of the constituent phases with

stress.

A texture analysis has been performed using the MAUD software [38] to monitor the evolution of the
preferred {hkl} plane orientation with respect to the rolling (RD), normal (ND) and transverse (TD)
sample directions. For each elongation step 16 individual two-dimensional patterns were obtained by
summing the measured data over an w range of 5°. These summed patterns were then integrated over
5° of the azimuth angle. The 16x72 resulting 1D patterns were again analysed by the Rietveld method

using MAUD and the E-WIMV algorithm [39] for the texture refinement.
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5. Shear deformation: Powder experiments
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Figure 5.3: 2D X-ray diffraction patterns at (a) no strain and (b) ultimate shear strength (USS).These
patterns have been obtained by summing all the measured patterns for the whole w-range used in the
experiments. The loading direction (LD) is indicated in the figure. The 2D patterns have been
subsequently integrated over the azimuth angles to obtain the one-dimensional X-ray patterns as a
function of the scattering angle at (c) no strain and (d) ultimate shear strength. The corresponding
Rietveld refinement of the one-dimensional X-ray patterns is also shown. The studied {111}y , {200}, ,
{220}, and {311}, austenite reflections have been labeled on the 1D patterns.

5.3 Results and discussion

5.3.1 Macroscopic mechanical behaviour
Fig. 5.4a shows the mechanical response of the three steels deformed under shear load. The sample

elongation corresponds to the displacement of the grips normalized to the length of the shear section in
the sample. Table 5.2 contains the relevant parameters that characterize the macroscopic mechanical
behaviour of the 3 samples. The difference in microstructure, resulting from the variation in bainitic
holding time, results in a significant change in the mechanical response. The ultimate shear strength
(USS) and the elongation at fracture vary respectively from 630 to 495 MPa and from 24.4% to 60.4% by
varying the bainitic holding time from 0 to 15 min. Due to presence of about 50% of the strong

martensite phase in the dual-phase steel the macroscopic stress-strain curve remains linear nearly up to
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fracture. The two TRIP microstructures also show a different response: the TRIP-2min sample shows a
higher ultimate shear stress and a lower elongation at fracture compared to the TRIP-15min. This
difference is explained by the variation in fraction and carbon content of the metastable austenite
phase. The strong sensitivity of the macroscopic mechanical response on the microstructural
parameters highlights the need to understand the microstructural evolution in TRIP steels in order to

control and predict their mechanical properties.
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Figure 5.4: (a) Macroscopic shear stress as a function of the relative displacement of the DP, TRIP-2min
and TRIP-15min steels during shear loading. (b) Austenite fraction as a function of the relative

displacement under shear load for the TRIP-2min and TRIP-15min steels. The austenite fraction was
obtained from the in-situ X-ray diffraction measurements at constant strain during step-wise deformation.
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5. Shear deformation: Powder experiments

Table 5.2: Characteristic values for the macroscopic mechanical response of the steels deformed
continuously under shear load for DP, TRIP-2min and TRIP-15min steels.

Steel Yield Strength  Ultimate Shear Elongation Elongation at
(MPa) Strength atYS fracture
(MPa) (%) (%)
DP 527 630 17.1 24.4
TRIP-2min 324 543 10.9 54.1
TRIP-15min 290 495 10.1 60.4

5.3.2 Evolution of the austenite phase fraction
The austenite phase fraction was derived from the Rietveld refinement of the 1D diffraction patterns at

the selected deformation steps, assuming the presence of two phases: an austenite phase embedded
within a homogeneous ferritic matrix (consisting of ferrite, bainite, and martensite). Fig. 5.3c and 5.3d
show the fitted patterns of the TRIP-2min sample at zero strain and at ultimate shear strength,
respectively. The austenite reflections show a significant reduction in intensity as a result of the shear
deformation. Fig. 5.4b shows the fitted austenite fraction as a function of the macroscopic strain for
bainitic holding times of 2 and 15 min. The difference in initial austenite fraction of 9.7% for the TRIP-
2min sample and 6.1% for the TRIP-15min sample is related to the bainitic holding time. The bainite
formation leads to a continuous reduction in the austenite fraction for increasing holding times. For this
steel composition and annealing temperature the optimal holding time to retain a maximum amount of
metastable austenite at room temperature had previously been determined at 2 min [16]. The austenite
fraction of the TRIP-2min sample decreases with increasing strain due to the mechanically induced
austenite transformation into martensite, while the austenite fraction of the TRIP-15min sample
remains relatively constant with increasing strain. For the TRIP-2min sample, the martensitic
transformation continues until fracture. As shown in Table 5.3, the amount of austenite transformed by
shear deformation is 6.7% for a bainitic holding time of 2 min and 1.6% for a bainitic holding time of
15 min. This indicates that the lower austenite carbon concentration in the TRIP-2min sample exhibits a
lower stability and a higher degree of transformation during shear deformation compared to the TRIP-
15min sample. The larger austenite fraction transformed by shear deformation correlates to a higher

ultimate shear strength in the stress-strain curve of Fig. 5.4a.
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Table 5.3: Austenite fraction for the TRIP steel measured for different strain stages for the TRIP-2min
and TRIP-15min steels.

Steel Austenite fraction Austenite fraction Austenite fraction
Initial value at Yield strength at fracture
(%) (%) (%)
TRIP-2min 9.7(3) 7.9(3) 3.0(4)
TRIP-15min 6.1(2) 5.8(2) 4.5(2)

5.3.3 Relative change in lattice parameter

The elastic strain tensor &, can be determined by measuring the normal strains in various directions in

the sample coordinates (1, 2, 3) = (RD, TD, -ND) [40,41], where RD is the rolling direction, ND the normal
direction and TD the transverse direction of the plate sample. Note that RD is along the vertical loading

axis and ND along the X-ray beam in the laboratory system. The orientation-dependent elastic strain
Eyy with respect to the sample coordinates is defined in terms of the angles ¢ and y, where ¢ is

defined with respect to RD (loading axis) and i is defined with respect to ND. The orientation-

dependent normal strain &4, €an be related to the elastic strain tensor & by [40,41]:

a¢l//_a0 2 . .2 )
g, =4 —= (8llcos P+¢&,sin2p+¢,, sin ¢)szn 7
a, (1)

+&5 co5” y + (&, cos P+ &y, sin @) sin 2y

where g, is the lattice parameter at zero deformation and a,, in the deformed state measured along

the sample orientation defined by angles@ and . Variables &, &,, &,, &3, &3 and &;; are the

components of the elastic strain tensor &; in sample coordinates. For X-ray diffraction in transmission

geometry using a 2D detector, the sample coordinates can be translated in detector coordinates by
T
¢p=-nand y = E — 6, wheren is the azimuth angle on the surface detector and @ is the Bragg angle.

As @ issmall (6 <5°) for our high energy X-ray diffraction experiment, the strain equation reduces to:

e(n)= 0(773_% z(g“ ;522j+(511 ;gzzjcosm]—glz sin2n (2)
0
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5. Shear deformation: Powder experiments

Fig. 5.5 shows the development of the relative change in lattice parameter as a function of the azimuth

angle monitored at the centre of the shear band for the studied macroscopic strain steps. A clear

sinusoidal normal strain 5(77) develops during shear loading for both the austenite phase and the

ferritic matrix. For a positive &, contribution minima in & (77) are expected for 77 values around 45° and

225° and maxima for 135° and 315° For our double-notched sample geometry, the maximum shear
strain is observed at slightly higher angles. The estimated tilt angle of the shear band with respect to the
vertical loading axis is between 5 and 10 degrees. During deformation, the load is distributed between

the austenite and the ferritic matrix.
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Figure 5.5: Lattice plane strain of the ferritic matrix and austenite as a function of the azimuth angle for a
varying macroscopic shear stress.
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The relative change in lattice parameters of austenite originates from both the elastic strain and the
average carbon enrichment resulting from the mechanically-induced martensite transformation. For the
TRIP-2min sample, the global increase in the average lattice parameter of austenite originates from an
increase in carbon content of the austenite that is untransformed by the shear loading (caused by a
preferential transformation of the least stable grains with a low carbon content). In addition to the
shear strain, the TRIP microstructure also shows a weaker elastic tensile component developing at the
later deformation stages. This new component is found at characteristic 7 values of 0°, 90°, 180° and
270° and is more pronounced for the ferritic matrix than for the austenite. This suggests that the overall

strain state in the strongly deformed state combines shear and tensile modes. The shear component for

both phases can be estimated by &, =[£(45°)—&(—45°)]/2. The relative change in the (shear)
strain-free lattice parameter can be estimated by &, =[£(45°)+&(—45°)]/2. For the austenite
phase &;reflects the relative change in lattice parameter due to the carbon enrichment &, =&, while

for the ferritic matrix &, =0 is expected.

Fig. 5.6 shows the amplitude of the elastic shear strain &, axial tensile strain &, =&(0"), transverse

tensile strain &, =&(907). In addition the value of &, is shown for both phases. Below the macroscopic

yield point, the lattice plane strains of the austenite phase and ferritic matrix evolve linearly with the
macroscopic shear stress. For the TRIP-2min sample, austenite shows a shear modulus (G = C44 = Cs5 =
Ces) Of G, = 75(3) GPa, while for the ferritic matrix a value of G, = 214(1) GPa is obtained. The reported
single-crystal shear moduli at room temperature are G, = 118 GPa for bcc iron (ferrite) and of G, = 145
GPa for fcc iron (austenite) [32]. The difference in the shear moduli between the single-crystal values
and the values obtained for our TRIP-2min sample partly arises from the effect of the surrounding
microstructure. In addition, for the ferritic matrix the presence of bainite and the newly formed
martensite will be of influence. The DP sample shows a significantly higher shear modulus of

G, =330(13) GPa resulting from the presence of a relatively large fraction of about 50% martensite
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within the microstructure. In Table 5.4 the shear moduli for both phases are reported as a function of

the bainitic holding time.

Table 5.4: Shear modulus G of the ferritic matrix and the austenite for DP, TRIP-2min and TRIP-15min
steels.

Steel Ferritic Matrix Austenite
G G
(GPa) (GPa)
DP 330(13) -
TRIP-2min 214(1) 75(3)
TRIP-15min 240(1) 77(4)

In Fig. 5.7 the carbon enrichment Axc in the austenite phase of the TRIP-2min sample is shown as a
function of the macroscopic shear stress. In this figure the corresponding austenite fraction is also
shown. The change in average carbon concentration in the austenite phase, resulting from the

martensitic transformation of the least stable grains is obtained from the relative change in austenite
lattice parameter &-. The austenite lattice parameter is related to chemical composition via the

following relationship [17]:

a,=3.556 + 0.0453xc + 0.00095xn + 0.0056x, (3)

where a, is in A and x¢, xw, and xa are in wt.%. The obtained initial carbon content amounts to
Xc-=1.30(2) wt.% for the TRIP-2min sample and X.= 1.50(1) wt.% for the TRIP-15min sample. The

increase in xc for the TRIP-15min sample compared to the TRIP-2min sample is caused by the longer
bainitic holding time that further enriches the remaining austenite. Under shear the carbon enrichment

increases continuously with the transformed austenite fraction, resulting in a maximum carbon

enrichment of Ax. =0.13 wt.% for a transformed austenite fraction of 6.7%.
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Figure 5.7: Phase fraction and carbon enrichment of the austenite phase in the TRIP-2min sample. The
increase in the average carbon content in the remaining austenite is caused by the preferred
transformation of the less stable austenite grains.

5.3.4 Austenite stability for individual {hkl} planes
In Fig. 5.8 the relative integrated intensity of the individual {hk/} austenite reflections is shown as a

function of the macroscopic stress for grains with a plane normal oriented 0°, 45° and 90° with respect
to the loading direction. Up to the macroscopic yield strength the intensity of all {hk/} reflections slowly
decreases proportional to the austenite fraction. The presence of a comparable decrease in relative
intensity for all {hk/} planes at 0°, 45° and 90° orientations indicates that the martensitic transformation
is nearly isotropic under shear load. In order to understand this the resolved shear stress along the most

favourable slip system should be considered [32,42].

For the more common case of tensile stress one finds 7,4 :acos(¢)cos(l), where O is the

macroscopic tensile stress, ¢ is the angle between the macroscopic tensile direction (/;) and the plane
normal of the {111} austenite shear plane (n) and A is the angle between the macroscopic tensile

direction (lAl) and the <110> slip direction (§) within the shear plane. The corresponding Schmid factor

A A

then amounts to m =17, /o = ([1 'ﬁ)(l1 §) =cos(p)cos(A). The critical resolved shear stress 7 g is
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obtained by the maximum resolved shear stress for the most favourable slip system. In total 12 different

{111}<110> slip systems can be activated.

For shear loading the resolved shear stress can be written as 7, = rcos(l//)cos(i) , Where 7 =0, is

the macroscopic shear stress, i/ is the angle between the macroscopic shear plane normal (/,) and the
plane normal of the {111} austenite shear plane (7 ) and A is the angle between the macroscopic shear

direction (lAl) and the <110> slip direction (s ) within the shear plane. The resolved shear stress relative

A

to the macroscopically applied shear then corresponds to 7, / 7 = (12 ﬁ)(lﬁl §) = cos(l//)cos(i) .

In a powder experiment one generally still needs to average over the possible orientations, as within

one family of {hk/} planes only the plane normal of the diffracting plane is known. One relatively simple

example is found for the {111} plane at 1 = 90°. In this case we find 7, /7 = <c0s (1)> =3/7=0.96

(with 0.87 < cos(i) <1) as the macroscopic and microscopic shear planes are aligned.

Beyond the macroscopic yield stress the reduction in intensity for the {200}, {220} and {311} reflection is
strongly enhanced by the plastic deformation that promotes further transformation of the remaining
austenite. It is interesting to note that in the plastic regime a significant orientation dependence is
observed for the {111} plane intensity. For the shear orientation at 45° a slight increase in the {111}
plane intensity is observed, while for 0° no difference in behaviour with respect to the {200}, {220} and
{311} planes is observed. For 90° the decrease in the {111} plane intensity falls in between the ones for
45° and 0°. The increase in the {111} plane intensity at 45° suggests that this plane experiences a
significant grain rotation towards the orientation with the highest normal strain during plastic

deformation by shear loading.
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direction. The vertical dotted lines correspond to the macroscopic yield point.
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In line with our previously proposed model [29] the dependence of the martensite start temperature M,

on the (elastic) shear stress can qualitatively be described by:

MS(U)=MS(O)+C'[RSS2 :MS(O)+Cn272 (4)

where C =(1/2G)(d4g, / dT)_1 is a constant, G is the shear modulus and Ag, the difference in Gibbs

free energy per unit volume between austenite and martensite. In agreement with the experimental

datain Fig. 5.9, the relative intensity of the {hk/} diffraction peaks is found to scale with 7’

5.3.5 Texture analysis
A texture analysis of the constituent phases has been performed using the MAUD software for selected

macroscopic stress states. Fig. 5.9 shows for all 3 samples the texture evolution from the undeformed
state to the yield strength and for the TRIP-2min sample to ultimate shear strength (USS). In Table 5.5
the local stress state of the constituent phases has been derived using the Reuss model for all three
samples at the selected macroscopic stress states. The orientation of the grains has been represented by
inverse pole figures as a function of the rolling (RD), normal (ND) and transverse (TD) directions. In the
initial (undeformed) state the ferritic matrix shows a single preferred {111}<110> orientation. For
austenite there are two preferred orientations: {110}<001> and {110}<111>. When applying a
mechanical load in the elastic regime, for all 3 samples the {111}<110> component of the ferritic matrix
remains unchanged. For the TRIP-15min sample the austenite texture remains unchanged up to the
yield strength as no significant transformation takes place. For the austenite in the TRIP-2min sample
however, a comparable decrease of both texture components is observed as a result of the martensitic
transformation induced by shear load. This behaviour is significantly different from the behaviour

observed for tensile deformation where only the {110}<001> component is suppressed under load [29].
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Table 5.5: Elastic stresses in the ferritic matrix and the austenite for the DP, TRIP-2min and TRIP-15min
steels at Yield strength (YS) and at Ultimate Shear Strength (USS).

Steel Stress state Ferritic Matrix Austenite
C12 O11 O12 G11
(MPa) (MPa) (MPa) (MPa)
DP uss 343.4(4) 3.4(8) - -
_ YS 225.5(4) 104.3(3) 573(6) 99.4(8)
TRIP-2min
USS 158.8(4) 168.3(6) 294(5) 239(4)
_ YS 230.9(4) 97.0(2) 561(3) 125.4(8)
TRIP-15min
USS 330.4(4) 349.3(8) 606(9) 130(10)
DP steel
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Figure 5.9: Texture evolution of the ferritic matrix and austenite represented as inverse pole figures
reconstructed from the ODF’s for the indicated stress states. The scale is in multiples of random
distribution.
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In the plastic regime, the texture of both the ferrite and austenite is significantly suppressed during the
shear deformation and develops towards a fully random orientation. This is probably induced by the
strongly inhomogeneous stress state that is induced at ultimate shear stress for our sample geometry.
The inhomogeneity of the stress state may strongly enhance grain rotations in the centre of the shear

band.

5.3.6 Comparison between shear and tensile deformation
In Fig. 5.10 a comparison is made between the relative austenite fraction of the TRIP-2min steel as a

function of the relative displacement for shear load and tensile load. At room temperature the austenite
is destabilised much faster under tensile load than under shear load as a function of the equivalent
strain. Under shear the transformation is initially significantly delayed but shows a similar rate of
transformation beyond a value of about 10%. Under tensile deformation the austenite fraction rapidly
decreases until a strain of about 2.5% and then remains constant until fracture. Under shear
deformation the maximum elongation is much higher. As the austenite transformation continues until
fracture, a larger relative fraction is transformed. When we consider the tensile data at 153 K we
observe that the relative rate of transformation is initially equal to the data at 293 K. At low

temperature, however, the austenite transformation continues until fracture.

1.2 T T T T T T T T T T T T T
—®—shear (293K) |
—=— tension (293 K)

1.0 —=— tension (153 K)
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Figure 5.10: Comparison of the relative austenite fraction of the TRIP-2min steel as a function of the
relative displacement for shear load (T = 293 K) and tensile load (T = 293 and 153 K).
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So far limited experimental work has been done to systematically compare the austenite stability for
different deformation modes. Reviews by Jacques [12], Shan [43] and Choi [44-45] indicate that simple
shear shows the lowest amount of austenite transformation as a function of the equivalent plastic strain
in comparison with deformation modes such as tensile loading. This is in good agreement with the data
of Fig.5.10 where the transformation under shear is significantly delayed with respect to tensile

deformation.

5.4 Conclusions
We have performed in-situ synchrotron high-energy X-ray diffraction experiments in order to study the

stability of metastable austenite in low-alloyed TRIP steel (TRIP-2min) during shear loading. For
comparison (1) a TRIP steel with stable austenite (TRIP-15min) and (2) a dual-phase (DP) steel with the
same chemical composition have also been studied. A detailed analysis of the diffraction data reveals
the relevant characteristics of the martensitic transformation of metastable austenite during shear

deformation. The main conclusions are:

1. Shear deformation of the TRIP-2min sample results in a relatively large transforming austenite
fraction of about 75% of the initial retained austenite. The austenite transformation is found to start
well below the macroscopic yield strength and to continue until rupture. The large degree of
transformation however results in a limited TRIP effect with a relatively small mechanical response
compared to the TRIP-15min sample with a more stable austenite. The shear modulus is found to
increase for a decreasing amount of retained austenite in the TRIP-2min, TRIP-15min and the DP
samples due to the increasing amount of bainite/martensite. For the retained austenite a comparable

shear modulus is found for the TRIP-2min and TRIP-15min samples.

2. From the orientation dependence of the normal strain simultaneously the elastic strain and the
carbon enrichment could be obtained. During shear, the carbon concentration in the remaining
austenite first increases, but then stabilizes before the TRIP effect is depleted due to the progressive

transformation of the least stable austenite grains into martensite.
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3. The texture evolution during shear indicates that the austenite grains transform without a significant
preferred orientation. The initial texture components {110}<001> and {110}<111> for austenite are
significantly suppressed by shear loading in the plastic regime. The texture of both the ferrite and the

austenite develop towards a fully random orientation.
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Chapter 6

Mapping investigation during shear
experiments

While earlier studies on TRIP steels focussed on the determination of the austenite to martensite
decomposition in uniform deformation or thermal fields, the current research focusses on the
determination of the local retained austenite-to-martensite transformation behaviour in an
inhomogeneous yet carefully controlled shear loaded region of double notched TRIP and DP steel
samples. A detailed powder analysis has been performed to simultaneously monitor the evolution of the
phase fraction and the changes in average carbon concentration of metastable austenite together with
the local strain components in the constituent phases as a function of the macroscopic stress and
location with respect to the shear band. The metastable retained austenite shows a mechanically-
induced martensitic transformation in the localized shear zone, which is accompanied by an increase in
average carbon concentration of the remaining austenite due to a preferred transformation of the
austenite grains with the lowest carbon concentration. At the later deformation stages the geometry of
the shear test samples results in the development of an additional tensile component. The experimental
strain field within the probed sample area is in good agreement with finite-element calculations. The
strain development observed in the low-alloyed TRIP steel with metastable austenite is compared to
steels with the same chemical composition containing either no austenite (a DP grade) or stable
retained austenite (a TRIP grade produced at a long bainitic holding time). The transformation of
metastable austenite under shear is a complex interplay between the local microstructure and the

evolving strain fields.
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6.1 Introduction
Low-alloyed transformation-induced-plasticity (TRIP) steels were developed in the late 1980s [1-3] and

have ever since attracted significant interest for automotive applications due to their outstanding
combination of high strength and formability [4-8]. At room temperature a typical TRIP steel
microstructure contains three phases: ferrite, bainite and metastable austenite [9,10]. The remarkable
mechanical properties of this material are attributed to the combined effect of the multiphase
microstructure and the transformation of the soft metastable austenite phase into the hard martensite
phase upon activation by mechanical and/or thermal stimuli. This phenomenon, called the TRIP effect,
increases the work-hardening rate during plastic deformation and delays necking [11,12]. The
understanding of the mechanical parameters controlling the austenite stability under complex loading

conditions remains limited.

Previous in-situ studies have examined the austenite stability by applying an uniaxial tensile load at
room temperature [13-17], by cooling the material below room temperature [18] and by tensile
deformation at selected temperatures [19]. These experimental results led to the development of
advanced micromechanical models for the multiphase TRIP microstructure [20-23]. So far, limited work
has been done to investigate the structural behaviour of TRIP steels under shear loading [12] and more
complicated mechanical testing conditions [24] in detail. Understanding the mechanical response of the
microstructure under shear deformation is an essential step to control the sheet forming process in TRIP
steels for automotive applications [25]. An accurate prediction of this process requires a deeper insight
into the mechanical response in terms of the austenite-to-martensite transformation, the load

partitioning between the constituent phases and the texture evolution during shear loading.

In this study, we have undertaken a spatially-resolved characterization of the austenite evolution in the
deformed area during shear loading by performing in-situ high-energy synchrotron X-ray diffraction
(XRD) experiments. In order to determine the austenite transformation behaviour and the local strain
partitioning as a function of the distance from the central shear length, a single low-alloyed steel

composition with three different microstructures has been investigated: a dual-phase (DP) steel without
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austenite, a TRIP steel with stable (i.e. non-transforming) austenite (TRIP-15min) and a TRIP steel with
metastable austenite (TRIP-2min). The relation between the macroscopic stress and the orientation-
dependent martensitic transformation has been determined by a Rietveld refinement of the high-energy
XRD data. The corresponding texture evolution in the centre of the shear band was monitored by

rotation of the sample and will be discussed in Chapter 5.

6.2 Experimental methods and data analysis

6.2.1 Sample preparation
The chemical composition of the studied TRIP steel is shown in Table 6.1. Double-notched plate

specimens [26] with a shear length of 1 mm and a thickness of 1 mm were machined along the hot-
rolling direction of the starting sheet material. The slits are at 45° with respect to the loading direction
and have a width of 0.2 mm. The loading axis of the samples was chosen parallel to the rolling direction
(RD). Three different microstructures have been generated by the applied heat treatment. To start, all
samples were annealed in a salt bath for 30 min at an intercritical temperature of 1143 K in order to
obtain about equal fractions of austenite and ferrite. The first microstructure was obtained by a direct
guench to room temperature creating a dual phase steel (DP) containing about equal amounts of ferrite
(a) and martensite (a'). The other two samples were quenched in a second salt bath to a temperature of
673 K and held for either 2 min (TRIP-2min) or 15 min (TRIP-15min), respectively. During this isothermal
holding the intercritical austenite transformed partly into bainite, resulting in a continuous enrichment
of the interstitial carbon content in the untransformed austenite. The carbon-enriched austenite
remained in a metastable state after a final water quench to room temperature. This heat treatment for
the TRIP-2min and the TRIP-15min samples yielded a microstructure made of three constituents: ferrite

(a), bainite (o) and metastable austenite (y). In Fig. 6.1 the formed microstructures are shown.

Table 6.1: Chemical composition of the studied samples in wt.% with balance Fe.

C Mn Si Al P

0218 1539 0.267 1.75 0.018
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Figure 6.1: Initial microstructure of the studied samples: (a) DP,
(b) TRIP-2min and (c) TRIP-15min. The DP microstructure
contains a matrix of ferrite (black) and martensite (white). The
TRIP microstructure contains a metastable austenite phase (white)

within a matrix of ferrite (black) and bainite (grey) phases.

6.2.2 In-situ high-energy X-ray diffraction
The in-situ XRD experiments were performed at the high-energy materials science beamline (P07) of the

PETRA IIl synchrotron radiation source at DESY (Hamburg, Germany). Fig. 6.2 shows the sample
geometry and the experimental setup used for the experiments. A monochromatic X-ray beam with an
energy of 79.6 keV (wavelength of 0.156 A) and a beam size of 100x 100 pum? illuminated the plate
sample. For the high-energy X rays the sample absorption is relatively small, making it possible to study
even 1 mm thick samples in transmission geometry. The diffracted beam was recorded on a two-
dimensional digital flat panel X-ray detector (Perkin EImer XRD 1622) placed at 1025.1 mm behind the

sample.
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Figure 6.2: Photography of (a) the shear specimen and (b) the experimental setup used for the high-
energy microbeam X-ray diffraction experiments. The sample area of 2.1x1.3 mm’ scanned in steps of
100 um is represented by a red rectangle at the crossing of the dotted lines.

To study the mechanical response of the constituent phases, the sample was mounted on a 2-kN micro
tensile tester placed on a translation table that provided alignment of the sample in three directions
with respect to the X-ray beam. During the experiment, the samples were translated along (z axis) and
transverse (y axis) the loading axis in steps of 100 um. We covered a rectangular area of 2.1 x 1.3 mm?
centred on the middle of the shear path (21 steps along y and 13 steps along z). The sample area
monitored by the in-situ microbeam X-ray diffraction experiments is indicated in red in Fig. 6.2. For each
deformation step the strain was held constant during a complete set of diffraction measurements over
the scanned sample area. During each translation step a two-dimensional (2D) diffraction pattern was

recorded using an exposure time of 0.5 s. The instrument parameters for the X-ray diffraction setup

were determined using a CeO, calibrant (NIST SRM 674b).

6.2.3 Analysis of diffraction data
The data measured consist of a series of 273 individual 2D diffraction patterns covering the sample area

of interest in (y, z) sample coordinates for each macroscopic deformation step. An integration over the
azimuthal angles at constant scattering angle was performed using the FIT2D software package [27] to

obtain the corresponding one-dimensional (1D) diffraction patterns. A Rietveld refinement of the
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resulting one-dimensional X-ray diffraction patterns was performed using the Fullprof package [28] in
order to determine the phase fraction and lattice parameter of the constituent phases as a function of
the macroscopic strain. Fig. 6.3a and 6.3b shows two examples of the two-dimensional X-ray diffraction
patterns with the corresponding 1D patterns analysed by the Rietveld method before and after applying
a shear load. Shear deformation leads to a reduction in peak intensity for the metastable austenite
phase having a face-centred cubic (fcc) structure, and an increase in the diffraction peaks for the ferritic

matrix having a body-centred cubic (bcc) structure.
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Figure 6.3: 2D X-ray diffraction patterns at (a) no strain and (b) ultimate shear strength (USS). The
loading direction (LD) is indicated in the figure. The 2D patterns have been subsequently integrated over
the azimuth angles to obtain the one-dimensional X-ray patterns as a function of the scattering angle at
(c) no strain and (d) ultimate shear strength. The corresponding Rietveld refinement of the one-
dimensional X-ray patterns is also shown. The studied {111}y , {200}y , {220}y and {311}y austenite
reflections have been labeled on the 1D patterns.

6.2.4 Finite element modelling
In order to study the relation between the (macroscopic) tensile load applied at the grips of the

specimen and the local shear deformation induced in the central section due to the slits, a two-
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6. Shear deformation: Mapping experiments

dimensional finite element analysis has been performed under plane stress conditions, shown in Fig. 6.4.

The material behaviour is modelled using a classical J,-Von Mises elasto-plastic constitutive law with

isotropic hardening. The model parameters are calibrated from the uniaxial stress-strain response of the

same material at 293 K as reported in [19]. Consequently, the material model describes the effective

behaviour of a large number of grains of all microstructural phases (austenite, ferrite, martensite). The

inelastic deformation mechanisms occurring at individual phases (e.g., plastic deformation in the ferrite

or phase transformation in retained austenite) are accounted for collectively as an effective inelastic

deformation. Although the model is not intended for providing grain-scale information, it is suitable at

the length scale of the specimen.
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Figure 6.4: Finite Element Method (FEM) results for the shear sample geometry at yield strength. The

local shear &, (a) and tensile &, (b) strains have been represented over the full domain. The area

measured by X-ray diffraction has been showed in detail for &, (c) and &, (d).
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6.3 Results and discussion

6.3.1 Macroscopic mechanical behaviour
Fig. 6.5 shows the mechanical response of the three steels deformed under shear load with a strain rate

of 5.5x10™ s*. The relative displacement corresponds to the displacement of the grips normalized to the
length of the shear section (1 mm) in the sample. Table 6.2 contains the relevant parameters that
characterize the mechanical behaviour of the 3 samples. The difference in microstructure, resulting from
the variation in bainitic holding time, results in a significant change in the mechanical response. Each
sample was deformed step-wise in order to perform the X-ray diffraction experiments at constant
macroscopic strain. Due to presence of about 50% of the hard martensite phase in the dual-phase steel
the macroscopic stress-strain curve remains linear nearly up to fracture. The two TRIP microstructures
also show a different response: the TRIP-2min sample shows a higher ultimate shear stress and a lower
elongation at fracture compared to the TRIP-15min. This difference is explained by the difference in
fraction and average carbon content of the retained austenite phase present. The strong sensitivity of
the macroscopic mechanical response on the microstructural parameters highlights the need to
understand the microstructural evolution in TRIP steels in order to control and predict their mechanical

properties.

Table 6.2: Characteristic values for the macroscopic mechanical response of the steels deformed
continuously under shear load for DP, TRIP-2min and TRIP-15min steels.

Steel Bainitic Yield Ultimate Shear  Elongation Elongation
holding time  Strength Strength atYS at fracture
(min) (MPa) (MPa) (%) (%)
DP 0 527 630 171 244
TRIP-2min 2 324 543 10.9 541
TRIP-15min 15 290 495 10.1 60.4
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6. Shear deformation: Mapping experiments

800 : : . , . , . , .

600

400

Macroscopic shear stress (MPa)

200 —
— DP
—— TRIP 2 min-
—— TRIP 15min
0 L | L | L | L | L
0 20 40 60 80 100

Relative displacement (%)

Figure 6.5: Characteristic values for the macroscopic mechanical response of the steels deformed
continuously under shear load for DP, TRIP-2min and TRIP-15min steels.

6.3.2 Development of elastic shear strains
The elastic strain tensor can be determined by measuring the normal strains in various directions in the

sample coordinates (1, 2, 3) = (RD, TD, -ND) [29], where RD is the rolling direction, ND the normal
direction and TD the transverse direction of the plate sample. Note that RD is along the vertical loading

axis and ND along the X-ray beam in the laboratory coordinate system. For this high-energy X-ray

diffraction experiment in transmission geometry, the orientation-dependent normal lattice strain ¢ (77)

can be described as [30]:

e(n)= 0(773_“0 z(g“ ;gzzj+(8“ ;gzzjcosﬁy +&, sin2n (1)
0

where 77 is the azimuth angle on the 2D detector placed behind the sample, q is the lattice parameter
at zero deformation and a(ﬂ) in the deformed state. &);, &,, and &), are the components of the strain

tensor &; in sample coordinates. During deformation, the load is distributed between the austenite and

the ferritic matrix. It is important to note that the relative change in the austenite lattice parameter can

originate both from elastic strains and from a change in average carbon concentration. This change in
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average carbon content originates from the fact that retained austenite grains with a low carbon

concentration preferentially transform earliest as they have a lower stability. In this case we find:

g(n)z(‘g“ 42_822}+(8“ ;‘gzzjcos%]he12 sin2n+ &, (2)

where & is the relative change in lattice parameter caused by a change in average carbon content.

For the TRIP-2 min grade the average carbon concentration in the retained austenite is lower than that

in the TRIP-15 min grade and hence a stronger evolution in average carbon content is expected.

The elastic shear strain component for both phases can be estimated by &, =[£(45°)—&(—45°)]/2
where £(45°) and €(—45°) are the relative changes in lattice parameter for an azimuth angle of 7 =

45°and 7 =-45°, respectively.

Fig. 6.6 shows the spatial distribution of the local shear strain &), in the area of interest at the initial

undeformed state and at ultimate shear strength (USS) for the three samples. The particular design of
the sample shows a clear development of a shear strain localized along the shear length. Note that the
notches are observed at the bottom right and top left of the shear strain maps. For increasing load the

shear band is found to rotate about 5°-10° with respect of the loading axis.

Fig. 6.7 shows the spatial profile of the local shear strain for the ferritic matrix and the austenite phase
in the DP, TRIP-2min and TRIP-15min samples for an increasing macroscopic shear load. The curves were
obtained by an integration along the loading direction covering a length of 0.5 mm around the centre on
the shear length. The profile of the shear band can roughly be described by a Gaussian function. For
increasing shear load the shape of the profile is largely unchanged while the maximum strain value
increases linearly with the load until the yield point. Above this point a plastic deformation mode is
activated where the grains are yielding and deviations from this linear behaviour are found. For the local
shear strains these deviations are found to be small. At the USS the ferritic matrix of the TRIP

microstructures present a shear band of about 2 mm and about 1 mm for the DP microstructure. The
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6. Shear deformation: Mapping experiments

corresponding maximum shear strain in the ferritic matrix is é‘lza = 0.34% for the DP microstructure and

é‘lza = 0.25% for the TRIP microstructures at USS. Comparing the strain profile of the shear band in the

ferritic matrix at fixed stress levels between 300 and 500 MPa, a higher maximum strain is observed at
the centre of the shear band for the DP microstructure than for the two TRIP microstructures (TRIP-2min

and TRIP-15min).

Austenite
Uss

Austenite
No deformation

2.1 mm

Ferritic matrix
Uss

Ferritic matrix
No deformation

ul g didl ulw ST didL

Figure 6.6: Spatial maps of the elastic shear strain &, (10°) in the ferritic matrix and the austenite at no
deformation and at USS for the DP, TRIP-2min and TRIP-15min samples.
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This difference can be explained from the strain partitioning with the retained austenite phase in the
TRIP steels. The retained austenite in the TRIP steels is only present in a relatively low volume fraction
(<10%), but shows a significantly higher shear strain than the ferritic matrix.The width of the shear band
in the ferritic matrix is significantly higher for the two TRIP microstructures than for the DP

microstructure for stress levels beyond 300 MPa.
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Figure 6.7: Elastic shear strain &, (10°) as a function of the distance from the middle of the shear band

in the ferritic matrix and the austenite for the DP, TRIP-2min and TRIP-15min samples for the studied
Stress states.
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As the increase in width for the TRIP samples is most pronounced beyond the yield stress, it is expected
to originate from the plastic deformation, which is negligible for the DP microstructure. The width of the

shear band is comparable for both TRIP samples, which indicates that their elastic properties are similar.

In the TRIP-15min microstructure, the shear band shows a similar strain profile for both the austenite
phase and the ferritic matrix, as this microstructure is relatively stable during shear deformation. For the
TRIP-2min sample with a metastable austenite phase the strain profiles appears to flatten for austenite
at the centre of the shear band and peak for the ferritic matrix. This may be caused by a local

transformation of the relatively unstable austenite into martensite in the centre of the shear band.

6.3.3 Transformation behaviour of metastable austenite
The TRIP-2min sample containing retained austenite with an optimal metastability for transformation

under elastic-plastic deformation at room temperature will be studied in more detail. Fig. 6.8 shows the
elastic tensile strain &;; and the elastic shear strain &,, for the ferritic matrix and austenite, the

austenite fraction and the change in carbon concentration in the austenite for three stress states in the

TRIP-2min sample. The maximum load of 327 MPa correspond approximately to the yield point. For

austenite, the tensile strain &;; can be obtained by:

_&(0°)—-¢£(90°)
B I+v

(3)

11
where v =0.367 is the Poisson ratio of austenite [19]. The corresponding compressive strain amounts to

&y, =—V&|;. The change in lattice parameter due to the evolution in average carbon content & can

now be estimated by:

_ £(45°)+&(-45°) ( 1- vj £(0°)—&(90°) )

¢ 2 1+v 2

In the centre of the shear band only the first term significantly contributes up to the yield point.
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The experimental value of & can directly be used to estimate the change in carbon concentration as

the austenite lattice parameter is related to chemical composition via the following relationship [18]:

a,=3.556 + 0.0453xc + 0.00095xn + 0.0056x, (5)

where g, is in A and x¢, xmn and xu are in wt.%.

For the TRIP-2min sample the initial austenite phase has a carbon content of X, = 1.30(2) wt.%. Fig. 6.8

confirms that for the TRIP-2 min sample a shear band develops with increasing macroscopic shear load.
In addition, we find that near end of the notches an additional tensile component is generated for our
sample geometry. These strain components can now be correlated to the decay of the austenite phase
fraction and the increase in carbon concentration in the remaining austenite. It is found that in the
middle of the shear band indeed the austenite phase fraction is strongly reduced, while the carbon
concentration increases significantly. The transformation of metastable austenite is however not
exclusive found in the shear band but also extends to the regions with a high tensile strain close to the
end of the notches. This confirms that the transformation can be induced both by shear and tensile
deformation as was already shown in dedicated experiments for transformation under uniform tensile

stress [19].

In Fig. 6.9 the spatial profiles of the local austenite shear strain, austenite fraction and change in average
carbon concentration are shown for the TRIP-2min sample for increasing macroscopic shear load. The
curves were obtained by an integration along the loading direction covering a length of 0.5 mm around
the centre on the shear length. The local strain is increasing until fracture, while the austenite fraction is
continuously decreasing and leads to a local increase in average carbon concentration. The carbon
increase seems to saturate at a maximum value of Axc = 0.15 wt.%. The high degree of shear localization
in the centre of the sample leads to a change in austenite volume fraction from about 8% prior to

loading to a final volume fraction of about 3% at USS.
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Figure 6.8: Spatial maps of the elastic shear strain &, (1 0°) and tensile strain &, (1 0°) for the ferritic
matrix and the metastable austenite in the TRIP-2min sample at a macroscopic shear stress of 59, 199

and 327 MPa. The corresponding spatial maps of the austenite phase fraction f, (%) and the change in
average carbon concentration in the austenite phase Axc (wt. %) have also been shown.
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Figure 6.9: Elastic shear strain &,, phase fraction and change in average carbon concentration of the

austenite phase in the TRIP-2min sample as a function of the distance from the middle of the shear band
for the stress state studied.
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6.3.4 Comparison with finite element modelling
Contour plots of the elastic strain components obtained from the finite element simulation at the

macroscopic yield strength are shown in Fig. 6.4. The experimentally measured strain contours compare
qualitatively well with the numerical predictions. As expected, the extension of the specimen at the

grips is localized mostly as a shear deformation in a band-like region connecting the ends of the slits in
the specimen (see &, component in Fig. 6.4. a &c). A similar strain state is indeed observed in the
experimental data of Fig. 6.8. Outside of this banded region, the deformation is significantly smaller.
Strains normal to the shear band (i.e., &; component shown in Fig. 6.4b and Fig. 6.4d) are concentrated

near the ends of the slits but rapidly decay outside this region. These peak tensile regions can be purely
attributed to the geometry of the shear specimen. The above arguments support that the observed
phase transformation in fact takes place primarily in the regions under shear deformation. From the
simulations, it is observed that the normal stress along the shear band is relatively small compared to
the shear stress implying that the applied load is predominantly felt as shear force by the mid-section.
This justifies the approximation of computing the average shear stress (mentioned as macroscopic shear
stress in the above sections) as the total force at the grips divided by the nominal cross section of 1 mm?
in the middle of the specimen.

6.4 Conclusions

We have performed in-situ high-energy X-ray diffraction experiments at a synchrotron source in order to
correlate the austenite transformation behaviour in TRIP steels to the local strain development during

shear deformation. The main conclusions are:

1. The use of a micro-beam of high-energy X-rays to scan the shear length of a double-notched specimen
has proven to be a powerful method to monitor the austenite evolution under shear conditions,
simultaneously with the occurrence of shear and tensile components at different sample positions

relative to the shear band.
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2. The maximum local shear stress and the width of the Gaussian shear band are dependent on the
elastic properties of the material. The DP microstructure present the narrowest strained zone, while

both the TRIP microstructures present a similar behaviour.

3. The evolution of the strain profile has been successfully simulated by finite element modelling under
plane stress conditions using the classical Von Mises model. The simulations confirm the presence of
strong shear strains in the centre of the shear length and the occurrence of additional tensile strains

confined to the edge region of the notches.

4. The austenite fraction evolution in the TRIP-2min sample is correlated to the degree of local shear
strain. The continuous austenite transformation leads to an increase in the average carbon content. The
local carbon content is found to play an important role in the austenite stability under shear

deformation.
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Chapter 7

Individual grain analysis during tensile
test

The stability of individual metastable austenite grains in low-alloyed TRIP steels during tensile loading
has been studied using high-energy X-ray diffraction. A method of analysis based on Friedel pairs has
been employed to correlate the macroscopic behaviour in the material to the microstructural
parameters of individual grains. For individual grains the carbon concentration, the grain volume and
the grain orientation with respect to the loading direction were determined from the diffractograms.
Our results show that these three parameters control the mechanical stability, with the grain volume
being the dominant parameter. The orientation-dependent stability of austenite grains depends on their
Schmid factor with respect to the loading direction. Most austenite grains transform into martensite in a
single transformation step once a critical load is obtained. This present study reveals the complex
interplay of microstructural parameters on the mechanical stability of individual austenite grains.

7.1 Introduction

Low-alloyed TRansformation Induced Plasticity (TRIP) steels were developed in the late 80s [1-4] and
have attracted significant interest for automotive applications due to their outstanding combination of
high strength and formability [5-7]. A typical TRIP steel microstructure contains three phases at room
temperature: ferrite, bainite and metastable austenite [8, 9]. The remarkable mechanical properties of
this material are attributed to the multiphase microstructure as well as to the transformation of the soft
metastable austenite phase into the hard martensite phase upon activation by mechanical and/or
thermal stimuli. This latter phenomenon, called the TRIP effect, increases the work-hardening rate

during plastic deformation and delays necking [10-15]. In previous in-situ studies the average retained
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austenite behaviour was either studied as a function of the undercooling (defining the thermal stability)
[16-18] or as a function of the applied load at a fixed temperature (defining the mechanical stability)
[19-26]. An accurate prediction of the material’s mechanical response upon thermal, mechanical and
thermo-mechanical loading requires detailed knowledge at the single grain scale, level of the interplay
between the transformation behaviour, the microstructural parameters and grain orientation evolution
as a function of the uniaxial load. In our previous synchrotron X-ray diffraction studies we have probed
the austenite transformation behaviour at the level of single grains located in the bulk of the sample
during deformation at room temperature [27], at low temperatures [28] and during cooling down to
100 K [18,29,30,31]. Such experimental results play an important role in the development of micro-
mechanical models for the mechanical and transformation behaviour of TRIP multiphase
microstructures [32-35]. The method is based on a detailed modelling of the relevant microstructural
phenomena at the lowest dimensional levels with a subsequent upscaling to coarser scales via
appropriate homogenization techniques. Hence, these models require accurate experimental data
describing the behaviour of individual phases and grains in order to calibrate the models at the lowest
scale properly. In the present work, a detailed in-situ characterization of the mechanical stability of
individual retained austenite grains has been performed by high energy synchrotron X-ray diffraction
(XRD) during tensile loading. The interplay between tensile deformation, the orientation of the
dominant transformation slip planes, the grain size and the carbon content, all at the level of individual

austenite grains is analyzed in great detail using an analysis method based on Friedel pairs [36,37].

7.2 Experimental methods

7.2.1 Sample preparation
The chemical composition of the TRIP steel studied is shown in Table 7.1. Cylindrical dog-bone tensile

specimens with a gauge length of 10 mm and a diameter of 1 mm were carefully machined from hot
rolled sheet material. The cylindrical axis of the samples was taken parallel to the rolling direction (RD).
The samples were annealed in a salt bath at an intercritical temperature of 1143 K for 30 min in order to
obtain equal fractions of austenite and ferrite. Then the samples were quenched in a second salt bath to

a temperature at 673 K and held for 2 min. During this holding time part of the intercritical austenite
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7. Tensile deformation: Single grain experiment

transformed into bainite, while the remaining austenite was enriched in carbon. The carbon-enriched
austenite remained in a metastable state after a final water quench to room temperature. This heat
treatment yielded a multiphase microstructure composed of ferrite (a), bainite (ab) and metastable

austenite (y), as shown in the optical micrograph of Fig. 7.1.

Table 7.1: Chemical composition of the TRIP steel in wt.% with balance Fe.

C Mn Si Al P

0218 1539 0.267 1.75 0.018

Figure 7.1: Optical micrograph of the low-alloyed TRIP steel. The room temperature multiphase
microstructure contains a metastable austenite phase (white) within a matrix of ferrite (dark brown) and
bainite (light brown) phases.

7.2.2 In-situ high-energy X-ray diffraction
The in-situ XRD experiments were performed at the 3D X-ray diffraction microscope at the ID11 beam

line of the European Synchrotron Radiation Facility (Grenoble, France). Fig. 7.2 shows the used
experimental setup. A monochromatic X-ray beam of 88 keV (wavelength of 0.141 A) and a beam size of
20 20, 30 30, 40x 40, and 100x 100 pm? illuminated the cylindrical sample. For these high-energy
X-rays the absorption is relatively small making it possible to study even 1 mm thick samples in
transmission. The diffracted beam was recorded onto a two dimensional (2D) CCD detector (FRELON)
[38] placed behind the sample at 352.5 mm. For each beam size, the sample was rotated continuously

around the cylindrical axis perpendicular to the X-ray beam in steps of Aw = 0.25° covering an angular

93



range of 84° at the front and back side of the sample. For each rotation step a 2D diffraction pattern was
recorded using an exposure time of 0.2 s. In addition to the base beam size of 20 x 20 um?, others scans
were performed with bigger dimensions of 30 x 30 um? and 40 x 40 pm?, to test whether the grains
were completely illuminated by the X-ray beam. A beam size of 100 x 100 pm? was used for the powder
data analysis [28]. The instrument parameters of the 3D X-ray diffraction microscope were determined

using a CeO, calibrant (NIST SRM 674b).

0 \
Uni-Axial load
> .
E =88 keV "
Rotation w
z
o y
| - 2D detogtey

Figure 7.2: Schematic representation of the experimental setup used for the high-energy microbeam X-ray
diffraction experiments. The sample was rotated around the vertical axis perpendicular to the beam.

To study the mechanical stability of the retained austenite, the sample was mounted on a 2 kN micro
tensile tester placed on a translation table that provided alignment of the sample in three directions
with respect to the X-ray beam and allowed (® rotation along the cylindrical axis of the sample (the
loading direction was along the sample axis). After each deformation step, the strain was held constant
and the originally illuminated sample volume was retraced by performing scans of the horizontal sample
position, the vertical sample position and the sample rotation angle. For this purpose, the intensity of a
specific diffraction spot from a characteristic non-transforming ferrite grain was used. After sample
repositioning, the diffraction pattern was recorded as a function of (O for the three beam sizes
mentioned. Precise information on the sample-to-detector distance during deformation was obtained
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7. Tensile deformation: Single grain experiment

by analyzing the X-ray diffraction patterns related to a small CeO, calibrant placed on the sample

surface.

7.2.3 Data analysis
A new method to determine the grain orientation, the grain position and an accurate value for the

lattice parameter has been developed. The experimental data consist of a series of two-dimensional
diffraction patterns as a function of sample elongation, w-angle and beam size. The grains that fulfilled
the Bragg condition generated one or more diffraction spots on the 2D detector. Due to the micrometer
sized dimensions of the X-ray beam and the limited angular rotation for each exposure, separate

diffraction spots appear on the austenite and ferrite diffraction rings, as shown in Fig. 7.3.

Beam Size: 100 x 100 pm?

—

Beam Size: 20 x 20 um?2

Figure 7.3: (a) Two-dimensional X-rays diffraction pattern using a beam of 100x100 um’ showing a
powder pattern (b) and a beam of 20x20 um’ showing single reflections.

Each austenite diffraction ring consists of a number of single spots originating from individual austenite
grains in the TRIP microstructure, together with a weak powder signal stemming from austenite grains
whose volume falls below the experimental detection limit for individual grains, estimated to be about
5 um?®. The spots from the {200}, {220} and {311} austenite reflections with a face-centered cubic (fcc)

structure have been indexed and reported in the detector coordinates (26, n, w) [39].
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The Q -vector for an individual peak is given by [36, 37]:

cos(w) sin(w) 0 cos(26) -1
@ = 2771 —sin(w) cos(w) 0 || —sin(28)sin(n) (1)
0 0 1 ){ sin(20)cos(n7)

where A is the wavelength of the X-rays beam and 26, n, w are the detector coordinates of the

diffraction peak. Using the Friedel reflection-pairs that probe the same diffracting plane at Q and -0,

the center-of-mass position of the grain within the sample can be obtained. This results in a more
accurate determination of the d-spacing of the diffracting plane and the related lattice parameter. The
grain orientation has also been obtained using two different Friedel pairs from the same individual

grain. For the {200} austenite reflections the (+200), (0+20) and (00+2) diffraction pairs of the face-

centred cubic lattice structure have perpendicular Q -vectors:

Q{ZOO}pairl ’ Q{ZOO}pairZ =0 (2)

To obtain a higher accuracy in the grain orientation and the grain position, the software packages
Fable 2.0 and ImageD11 were used to combine an average number of 20 from different {hk/} reflections
originating from the same grain. This method gives more detailed information on the grain orientation
and characteristics than can be obtained from just the {200} diffraction spots, but requires more peaks
from the same grain to be identified. Therefore, it means that only diffracting grains located near the
centre of the sample could be analysed. Grains located further away from the centre would not always
be in the (narrow) beam and hence would not always show up in the diffractogram. Consequently, a
lower number of individual grains could be tracked as a function of the macroscopic strain during tensile

deformation.
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7. Tensile deformation: Single grain experiment

The grain volume of each grain (obtained from the collection of diffraction peaks) has been determined

using the integrated intensity Ig of the grain by a scaling to the powder intensity of the corresponding

diffraction ring:

1
v :%mAa)cos(H)nyg £

4 auge
Y )

where M is the multiplicity factor of the {hk/} ring of austenite, A@is the angular range over which the
grain is rotated, fy is the volume fraction of the austenite phase determined from the powder data

analysis, Vgauge is the gauge volume, which is defined by the beam size and the thickness of the sample

and Ip is the powder intensity of the complete {hk/} ring.

7.3 Results and discussion

7.3.1 Macroscopic behaviour & phase fraction evolution
Fig. 7.4a shows the macroscopic stress-strain curve of the low-alloyed TRIP steel. The markers (solid

spheres) indicate the strain levels at which the X-ray diffraction measurements were performed. The
macroscopic strain is held constant while the 2D diffraction patterns are collected for the covered w-
rotation range. We recorded the diffraction patterns for a series of elongation steps up to a stress of
about 400 MPa. The TRIP steel presents a yield strength of 206 MPa, a uniform elongation of 6.6%, an

ultimate tensile strength of 519 MPa and an elongation at fracture of 8.1%.

The austenite phase fraction was derived using a powder data analysis procedure presented in a
previous work [28]. Fig. 7.4b shows the austenite fraction as a function of the macroscopic strain. The
austenite fraction decreases progressively with increasing strain due to the mechanically induced
austenite transformation. The austenite starts to transform well before the macroscopic yield stress is

reached.
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7.3.2 Initial microstructure
The TRIP microstructure contains two types of austenite grains [5,9]: (i) “film-type” austenite located

between the bainite plates with a volume below 1 um?, Due to the combination of their small size and
high carbon concentration (and rigid surroundings) these retained austenite grains are extremely stable
and do not transform upon loading. (ii) “blocky-type” metastable austenite grains with micron-scale
dimensions (>5 pm?) and a lower carbon concentration. The present method only treats the behaviour
of “blocky-type” grains. Fig. 7.5 displays the austenite lattice parameter, and the corresponding carbon
content, as a function of the grain volume at no deformation. The austenite lattice parameter is related

to the grain’s chemical composition [18,40]:

a, =3.556+0.0453x, +0.00095x,,, +0.0056x,, ()

where @, is the austenite lattice parameter in Aandx_, x,, and X, are the alloying concentrations in

wt.%. For this steel composition the effect of Si and P on the lattice parameter of austenite is ignored.
Fig. 7.5 shows the volume and carbon concentration of all individual grains analysed. There is quite
some variation in grain volume and a smaller variation in carbon concentration. Generally the carbon
concentration reaches higher values at smaller grain volumes. The distribution in carbon levels and grain
size reflects the combined effects of variation in austenite grain size prior to the bainite formation and
local variation of bainitic stasis due to interacting transformation fronts. For the grain volume the
experimental values range from 5 to 52 uma and for the carbon concentration from 0.7 to 1.5 wt.%.

Comparable values have been observed in previous studies on similar steels [29-31].
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7. Tensile deformation: Single grain experiment
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Figure 7.4: (a) Macroscopic (engineering) stress-strain curves of TRIP steel during the in situ X-ray
diffraction experiments. The markers (solid spheres) represent the single grain experimental data. (b)
Austenite fraction as a function of the macroscopic strain determined from a Rietveld refinement of the
powder data [28].

7.3.3 Microstructure evolution

7.3.3.1 Carbon content and grain size
Fig. 7.6 shows the carbon concentration of individual grains as well as the grain volume distribution at

three stages: the initial stress-free state (0 MPa), a stress state close to the macroscopic yield point
(196 MPa) and a state where a significant plastic deformation has taken place (243 MPa) (see Fig. 7.4).
The powder diffraction data analysis reveals that the retained austenite fraction decreases linearly with

the macroscopic strain as a result of the mechanically induced austenite-to-martensite transformation.
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Figure 7.5: Carbon content of the individual austenite grains as a function of their grain volume at no
deformation characterized as determined using single Friedel pairs.

160 —————————————————————

140' Bl owvPa
B 196 MPa

120 L I 243 MPa

Number of single Friedel pairs

0.4 0.6 0.8 1.0 1.2 1.4 1.6
Carbon Concentration (wt.%)

160 T T T T T T T T T T T T T T

140 . Bl owMmPa
I I 196 MPa
120 L I 243 MPa

Number of s ingle Friedel pairs

0 5 10 15 20 25 30 35 40

Grain volume (um®)

Figure 7.6: Number of austenite grains above the detection limit (5 um’) at a stress of 0, 196 and
243 MPa as a function of the grain volume and carbon concentration
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7. Tensile deformation: Single grain experiment

The single grain analysis shows that the total volume fraction of austenite with a volume higher than
5 uma in the unstrained sample is around 5.7(1) %, which represents 58% of the initial austenite
fraction. For an applied load of 243 MPa (or strain of 0.78%), the powder and single grain analysis reveal
that around 0.7% of austenite has transformed. Figure 7.6 shows that transformation occurs for all grain
sizes, but the probability of transformation seems a little higher for larger grains. Earlier studies
involving straining at room temperature and low temperatures [29-31] showed a similar effect, with a
slightly higher probability of larger grains to transform preferentially at lower temperatures. As reported
in Table 7.2 and figures 7.6a and 7.6b, the average grain size decreases with applied tensile stress, while
the average carbon concentration in the remaining population increases. The distribution in carbon
concentration roughly corresponds to a Gaussian function with an average value (at the maximum) of
about 0.9 wt.%, which increases slightly with increasing tensile load. The average grain size, however, is
more strongly affected by the applied stress. As the grain average volume shows a more pronounced
change, it is considered to be the dominant parameter governing the mechanical stability.

Table 7.2: The average carbon content and grain size of the untransformed austenite grains as a _function

of the macroscopic stress determined from the single Friedel pairs analysis. The yield stress is about
200 MPa. The width of the distribution (standard deviation) is indicated in parenthesis.

Stress Pairs number Average carbon Average grain

concentration volume
(MPa) ) (Wt.%) (um®)
0 365 0.90(0.12) 19.13(10.9)
196 188 0.93(0.16) 17.15(8.5)
243 90 1.00(0.24) 15.30(8.1)

7.3.3.2 Grain orientation
While the minimal stress required to induce the martensitic transformation of individual austenite

grains depends on grain volume as well as carbon content, the mechanically-induced transformation
also depends on the grain orientation with respect to the loading direction. We assume that the
transformation is controlled by the critical resolved shear stress 7 induced by the macroscopic tensile

load o that initiated slip on preferred crystallographic planes.
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The orientational stability is defined by the Schmid factor m which relates 7 to o [40]:
r:mazcos(i)cos(@a (5)

where A is the angle between the tensile orientation and the slip plane normal and ¢ the angle between
the tensile orientation and the slip direction. In the case of a face-centered cubic (fcc) structure, the slip
plane is the {111} plane and the slip direction is the <110> which defines 12 independent slip systems.
The resolved shear stress has been analyzed in Fig. 7.7 in terms of the inverse pole figure. For the 12
options considered the slip system giving the least stable orientation had a calculated Schmid factor

between 0.27 and 0.5.

In Fig. 7.8, the grain orientation as determined from two perpendicular {200} Friedel pairs originating
from the same grain are reported in an inverse pole figure colour coded as a function of the Schmid
factor. The initial texture of the blocky-type austenite grains is weak. For an increasing macroscopic
stress state, the transformation preferentially occurs for the grains with the highest Schmid factor. At
the stage where the TRIP phenomenon is depleted, the average Schmid factor has decreased from 0.44
to 0.41 (Table 7.3). While almost all of the grains with a Schmid factor higher than 0.43 have
transformed, a particular grain having a Schmid factor of 0.49 has survived, which suggests that the
grain stability depends not only on its carbon content, grain size, and Schmid factor, but also on the
resistance to plastic flow of the surrounding microstructure.

Table 7.3: The average Schmid factor of the untransformed austenite grains as a function of the

macroscopic stress determined from the perpendicular Friedel pairs analysis. The yield stress is about
200 MPa. The width of the distribution (standard deviation) is indicated in parenthesis.

Stress Perpendicular Average
pairs number Schmid factor
(MPa) ()
0 128 0.44(4)
196 26 0.42(6)
243 5 0.41(6)
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7. Tensile deformation: Single grain experiment
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Figure 7.7: Orientation dependence of the resolved shear stress derived by the tensile stress represented

in an inverse pole figure as a function of the loading direction for the 12 slip systems for the martensite
transformation in the metastable austenite.
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Figure 7.8: Austenite grain orientation determined from two perpendicular {200} Friedel pairs at 0 MPa
represented in an inverse pole figure together with the estimated Schmid factor.
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Figure 7.9: Distribution of Schmid factors for individual grains at a tensile stress of 0, 196, and 243 MPa.

7.3.4 High-precision transformation behaviour of individual grains
In this substudy, we follow the transformation behaviour of a limited number of grains for which about

20 reflections could be found leading to a very high precision in their determined orientation and
location in the sample volume. Fig. 7.10 presents individual grain positions within the sample prior to
straining for the 3 analysis methods (1, 2 and multiple Friedel pairs). The 13 grains identified with the
multiple Friedel pairs were tracked as a function of the applied stress and were characterized in terms of
carbon content, Schmid factor and grain volume. The overall carbon concentration is found to be

around 0.8 wt.% with an average volume of about 20 um®. Figure 7.11 shows the orientation of the 13
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7. Tensile deformation: Single grain experiment

grains at different stress levels. The figure clearly shows that the grain retain their orientation. The
grains do not significantly rotate, yet disappear due to the martensitic transformation at specific stress

values.
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Figure 7.10: Grain position within the sample at no deformation for the 3 analysis method, (a) single

Friedel pairs, (b) two perpendicular {200} Friedel pairs and (c) Fable method. In successive order the
methods require a high number of peaks and are therefore located close to the center.
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The order of disappearance is in mostly accordance with their Schmid factor with the exception of grains
4 and 5, which transformed prematurely. These two grains however have a volume that is about twice
as large as the average grain volume which significantly reduces the stability of these grains. Fig. 7.12
shows the grain volume evolution as a function of the macroscopic stress for individual grains. In line
with our previous work on the thermal stability of austenite grains [29-31], different transformation

behaviours have been observed: one-step and two-step transformations.
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Figure 7.11: Grain orientation for a selection of 13 grains tracked as a function of the macroscopic stress
and represented into an inverse pole figure together with the estimated Schmid factor.
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7. Tensile deformation: Single grain experiment

In this study, most of the individual transformation sequences indicate that the transformation occurs in
one step. Only one grain showed a transformation in two steps where the carbon content remains
unchanged during the transformation. A two step transformation may be caused by the presence of two
austenite grains that originates from the same high temperature grain, but were separated by the

bainitic transformation.
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Figure 7.12: Transformation behaviour of the individual austenite grains. Most grains transform
completely into martensite in a single strain step. One grain (2) shows a two-step transformation into
martensite.

7.4 Conclusions
We have performed in-situ high-energy X-ray diffraction experiments at a synchrotron source in order to

study the stability of individual austenite grains in a low-alloyed TRIP steels during tensile loading and
developed a new method to locate and follow individual grains based on Friedel diffraction pairs. The

main conclusions are:

1. The mechanical stability depends simultaneously on the carbon content, grain orientation and grain

volume.

2. The “blocky type” austenite grains present the least mechanical stability because of the predominant

volume and local stress critical parameter.
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3. The orientation dependence of the martensitic transformation is defined by the Schmid factor. The

grains with the highest Schmid factor are the least stable.

4. Transformations have been observed for single austenite grains to take place in either 1 or 2 steps.
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Chapter 8

High resolution XRD investigation of
individual austenite grains

The martensitic transformation behaviour of the meta-stable austenite phase in low-alloyed TRIP steels
has been studied in-situ using high-energy X-ray diffraction during deformation. The austenite stability
during tensile deformation has been evaluated at different length scales. A powder diffraction analysis
has been performed to correlate the macroscopic behaviour of the material to the observed changes in
the volume phase fraction. Moreover, the austenite deformation response has been studied at the
length scale of individual grains, where an in-depth characterization of four selected grains has been
performed including grain volume, local carbon concentration and grain orientation. For the first time, a
high resolution far-field detector was used to study the initial and evolving structure of individual
austenite grains during uniaxial tensile deformation. It was found that the austenite sub-grain size does
not change significantly during tensile deformation. Most austenite grains show a complete martensitic
transformation in a single loading step.

8.1 Introduction

In-situ high-energy synchrotron X-ray diffraction (XRD) is a powerful tool to study the fundamentals of
phase transformations. The intense beam of high energy X-rays makes it possible to monitor the change
in phase fraction and lattice parameters of the constituent phases in the bulk of a material [1]. Using this
unique capability it is possible to analyze the transformation behaviour of metastable austenite in low-
alloyed multiphase steels [2,3]. By selecting an optimal beam size the austenite phase can be

characterised as a powder average and at the level of individual austenite grains.
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The transformation of metastable austenite into martensite during deformation makes it possible to
achieve greater elongations and lends these steels their excellent combination of strength and ductility.
This mechanism is known as the TRansformation-Induced Plasticity (TRIP) effect. This phenomenon
increases the work-hardening rate during plastic deformation and hence delays necking [4,5]. This has
opened the door to obtain outstanding combinations of strength and ductility. At room temperature, a
typical low-alloyed TRIP steel microstructure contains three phases: ferrite, bainite and metastable
austenite [6,7]. In our previous synchrotron X-ray diffraction studies we have monitored the
transformation behaviour of metastable austenite in low-alloyed TRIP steels during tensile deformation
at room temperature [11] and during cooling to a temperature of 100 K [3,9-11]. We found that the

austenite stability depends on the local carbon content, the grain size and orientation.

In this study, a detailed characterization of four individual austenite grains has been performed from a
high-resolution X-ray diffraction experiment using a far-field detector. In order to evaluate their
mechanical stability during tensile deformation, first the average behaviour of the austenite fraction has
been analyzed using a medium-field powder diffraction approach (the term near-field is reserved for
cases where the detector is placed as close as possible behind the sample). Medium-field measurements
covering a wide angular rotation range probing a lower angular resolution have been performed. These
data have been analysed using the 3DXRD method [12-16] in order to characterise the transformation
behaviour of the four retained austenite grains in terms of grain size, local carbon content and grain

orientation.

For TRIP steels it is an open question whether plastic deformation (i.e. the creation of dislocations or
dislocation networks) precedes the martensite transformation or that the martensite forms from
plastically undeformed austenite grains. So far, no experimental single-grain data are available to
resolve this question. To monitor the material at smaller length scales, an additional high-resolution far-
field detector was used. For the first time, the sub-grain structure of austenite prior to the
transformation has been observed. The use of high-resolution diffraction to monitor subgrains under

tensile load was previously explored by Jakobsen and co-workers [17-18] in pure metals. This method is
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8. Tensile deformation: Subgrains experiment

non-destructive, in contrast to the the conventional methods to study the subgrain structure within a
single grain like EBSD [19,20] and TEM [21,22]. The interplay between tensile deformation, the
orientation-dependent austenite-to-martensite transformation, grain volume and carbon concentration
has been analysed by diffraction data from the medium-field detector, while the substructure evolution
of individual grain as a function of the macroscopic stress has been investigated by the diffraction data
from the far-field detector. The analysis from the combination of both data from medium-field and far-
field detectors provided a detailed characterization of the austenite stability. While the angular
resolution obtained with the far-field detector is very high, the spatial resolution is limited (either to the
beam size or to a smaller value defined by reconstruction of the reflections on the medium-field

detector).

8.2 Experimental details

8.2.1 Sample preparation
The chemical composition of the studied TRIP steel is shown in Table 8.1. A cylindrical dog-bone tensile

specimen with a gauge length of 10 mm and a diameter of 1 mm was machined from hot rolled sheet
material. The cylindrical axis of the samples was chosen parallel to the rolling direction (RD). A mark
parallel to the normal direction of the sheet material was made on the top part of the cylindrical sample
in order to keep track of the normal (ND) and transverse (TD) sample orientation. First, the sample was
annealed in a salt bath for 30 min at an intercritical temperature of 1143 K in order to obtain equal
fractions of austenite and ferrite. Then the samples was quenched in a second salt bath to a
temperature of 673 K and held for 2 min. During this holding time part of the intercritical austenite
transformed into bainite and the remaining austenite was enriched in carbon. The carbon-enriched
austenite remained in a metastable state after a final water quench to room temperature. This heat
treatment, discussed in more detail in a previous study [23], yielded a multiphase microstructure
composed of ferrite (a), bainite (a,) and metastable austenite (y), as shown in the optical micrograph of
Fig. 8.1. The austenite phase is present in two forms: blocky type and film type. The blocky type (with a
size > 1 um) corresponds to the metastable retained austenite, while the film type (with a size < 1 um)

corresponds to the stable austenite present within the bainite. The stability of these blocky type
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austenite grains defines the TRIP effect as the film-type austenite remains stable during tensile

deformation. The austenite grain size distribution was investigated previously [9].

Table 8.1: Chemical composition of the studied samples in wt.% with balance Fe.

C Mn Si Al P

0218 1539 0.267 1.75 0.018

8.2.2 Experimental setup
The in-situ high-energy XRD experiments were performed with the 3D X-ray diffraction microscope at

the ID11 beam line of the European Synchrotron Radiation Facility (Grenoble, France). Fig. 8.2 shows the
experimental setup used for the experiments. The monochromatic X-ray beam with energy of 69.52 keV
(wavelength of 0.1783 A) made it possible to obtain diffraction patterns from the bulk material in
transmission geometry. A square beam size defined by slits with a dimension of 50x50 um?* was chosen
in order to illuminate a small amount of grains within the cylindrical bar-shaped sample. For this
experiment, a two dimensional CCD detector (FRELON) [24] and a prototype HIZPAD 1 mm CdTe pixel
detector with 256x256 pixels covering an area of 14x14 mm? [25] were placed behind the sample at

251.619 mm and 3239.136 mm, respectively.

Figure 8.1: Optical micrograph of the low-alloyed TRIP steel. The room temperature multiphase
microstructure contains a metastable austenite phase (white) within a matrix of ferrite (dark brown) and
bainite (light brown) phases.
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8. Tensile deformation: Subgrains experiment

8.2.3 Experimental procedure
To study the mechanical stability of retained austenite, the sample was mounted on a 2 kN micro tensile

tester placed on a Huber diffractometer that allowed w-rotations around the cylindrical axis of the
sample. For each deformation step the strain was held constant during a complete set of X-ray

diffraction measurements, where the diffracted beam was recorded consecutively on both detectors.

After each deformation step the sample alignment was checked using the reflection of an
untransforming ferrite grain within the illuminated sample volume. For the medium-field (MF) detector
data, the sample was continuously rotated during exposure around the cylindrical axis of the sample
(perpendicular to the X-ray beam) in steps of 0.2° covering an angular range of 90°. For the far-field (FF)
detector data, the {111}, reflection of austenite (face-centred cubic structure) and the {110}, reflection
of ferrite (body-centred cubic structure) have been monitored simultaneously in the horizontal

scattering plane.

During the experiments, 4 individual austenite peaks on the {111}, ring have been selected from the
medium-field X-ray diffraction data. These grains were selected by first creating a 2D map of the {111}
ring intensity collected using a vertical translation of the far-field detector covering an angular range of
about 1 degree combined with a sample rotation of 6 degrees. From this 2D map of the {111} ring
intensity the 4 most intense austenite reflections located in the central part of the 2D map were
selected. The selected peaks have been monitored at high resolution using the same method as the
medium-field detector but using smaller rotation steps of 0.002° and covering an angle range between
0.8° and 2.8°, depending on the peak studied. The long sample-to-detector distance for the FF detector

allowed us to separate the {111}, and {110}, reflections, which are overlapping on the MF detector.

Assuming an average austenite grain radius of about 3 um and a transforming blocky-type austenite
phase fraction of f = 3% (these are the largest grains) the expected number of austenite grains within
the illuminated sample volume of 50x50x1000 um? is N = 700. These grains will produce 2xmpexN =

8400 reflections on the {111} austenite ring.
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Figure 8.2: Schematic representation of the experimental setup used for the high-energy microbeam X-ray
diffraction experiments in transmission geometry. Two separate 2D detectors were used.: a medium-field

CCD detector (MF) and a far-field CdTe pixel detector (FF). The sample was under a tensile stress (o)

and continuously rotated around the vertical axis during exposure.

The average solid angle per reflection AQ = 41/8400, results in an angular spacing between the (111)

V222 degrees. This average angular spacing is sufficient to obtain

austenite reflections of (180/m)x(AQ)
well distinguishable individual peaks. The corresponding number of grains that are placed in the central

volume that remains illuminated for all sample rotations (10> pm?) is about 30.
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8. Tensile deformation: Subgrains experiment

Fig. 8.3a displays a 2D diffraction pattern of TRIP steel from the MF detector. From this diffraction
pattern, the {111},, {200},, {220}, and {311}, austenite reflections have been studied. Each austenite
diffraction ring consists of a number of single spots originating from individual austenite grains in the
TRIP microstructure, together with a powder signal stemming from austenite grains, whose volume falls
below the experimental detection limit of about 5 pm? for individual grains [3]. Fig. 8.3b shows a high
maghnification of the region of interest on the MF detector (resolution is around 0.007 A*) and Fig. 8.3c
is the corresponding XRD pattern for the same grain monitored on the FF detector. The longer sample-
to-detector distance provides a higher resolution of 0.0006 A™. The image obtained from the FF detector
permits us to evaluate the subgrain structure within an individual austenite grain. The instrumental
parameters of the 3D X-ray diffraction microscope for both detectors were determined using a CeO,

calibrant.

Fig. 8.4 shows the one-dimensional XRD patterns of CeO,, resulting from an integration over the
azimuthal angles at constant scattering angle of the two-dimensional XRD image measured on the MF
and FF detectors. The 20 values measured on the MF detector ranges up to 10.7° while a single image
on the CdTe detector covers only 0.25°. The far field detector has been translated horizontally to
monitor a range from 5.248° to 8.913° in order to cover 6 CeO, reflections. The FWHM of the {311}
reflection determined from a Pseudo-Voigt profile fitting decrease from 0.0382(2)° to 0.004903(3)° for
an increasing detector sample-to-distance, corresponding to a decrease in resolution from 6.10(3)x10°
to 7.845(5)x10™. Changes in the sample-to-detector distance during straining were determined using a

Ce0, calibrant placed on the sample.
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{111}, {110},

Figure 8.3: Two-dimensional X-ray diffraction pattern of the TRIP sample. The pattern monitored on the
medium-field (MF) detector (a) shows both ferrite and austenite reflections on separate diffraction rings.
(b) A zoom of the medium-field data that shows a single austenite diffraction peak from the {111} ring
and part of the ring {110} of ferrite. (c) The corresponding image monitored on the far field (FF) detector

provides a higher resolution.
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Figure 8.4: One-dimensional X-ray diffraction pattern of the CeQO, calibrant measured with both

detectors.
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8.3 Data analysis

8.3.1 Powder data analysis
The wide w angle range monitored on the MF detector was used to perform an accurate powder XRD

data analysis. The measured data consisted of a series of two-dimensional diffraction patterns as a
function of sample elongation and w-angle. The two-dimensional diffraction patterns for the complete w
range covered in this experiment were summed. Afterwards, an integration over the azimuthal angles at
constant scattering angle was performed using the FIT2D software package [26] to obtain the
corresponding one-dimensional diffraction patterns at different strain steps. A Rietveld refinement of
the resulting one-dimensional X-ray diffraction patterns was performed using the Fullprof package [27]
in order to determine the phase fraction and lattice parameter of the constituent phases as a function of

the macroscopic strain.

8.3.2 Data analysis of single grains on the near-field detector
The volume, crystallographic orientation, centre-of-mass position and strain state of the 4 monitored

individual grains have been determined. For the data analysis the algorithms recently developed by
Sharma and co-workers were applied [28,29]. The first step consisted of a peak search of the austenite
peaks where the detection threshold has been scaled with the structure factor of the studied {hk/} plane
because of their relatively weak intensity. The next step consisted of the assignment of diffraction spots
to individual grains and refining them to obtain accurate values. The volume of a grain was obtained
from the integrated intensities of the corresponding diffraction spots. Full grain illumination was

checked by evaluation of the grain position from the reflections on the medium-field detector.
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8.3.3 Data analysis of single grains on the far-field detector

The grain volume Vg of the 4 monitored diffraction peaks has been determined from integrated

intensity /g of the single grain reflection on the FF detector by a scaling to the powder intensity of the

corresponding diffraction ring I, on the MF detector:

1 1
V, = EmAa) cos(@)nygauge I_g (1)

¥4

where mpy is the multiplicity factor of the {111}, ring of austenite, Aw is the angular range over which
the grain is rotated, f” is the volume fraction of the austenite phase determined from the powder data

analysis from the MF data and Vgayge is the gauge volume, which is defined by the beam size and the

thickness of the sample.

8.4 Results and discussion

8.4.1 Macroscopic mechanical behaviour
Fig. 8.5a shows the macroscopic (engineering) stress-strain curve of the low-alloyed TRIP steel. Two

tungsten wires glued on the surface of the sample perpendicular to the loading direction acted as an
accurate strain gauge during deformation. Each data point on the curves represents a set of X-ray
diffraction measurements, while the macroscopic strain is held constant. We recorded the diffraction
patterns for a series of elongation steps up to the yield strength. The stress-strain data provided a yield
strength of 425 MPa and an ultimate tensile strength of 624 MPa at strain levels of 0.83% and 5.95%,

respectively. These values are in good agreement with values obtained on macroscopic samples.

8.4.2 Austenite phase fraction evolution
A powder analysis of the XRD data indicated a austenite volume fraction of 8.5(3) % at room

temperature. By increasing the macroscopic strain, the mechanically induced transformation starts well
before the macroscopic yield stress is reached. The fraction decreases continuously to 5.6(2)% for

strains up to 0.8% and then remains roughly constant until the maximum applied strain (see Fig. 8.5b).
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8. Tensile deformation: Subgrains experiment

Table 8.2: Grain characteristics for the 4 grains studied on the medium-field detector before deformation.

Grain Lattice Parameter Carbon concentration
(A) (wt.%)
1 3.6015(1) 0.757(2)
2 3.6039(1) 0.809(2)
3 3.6031(1) 0.791(2)
4 3.6120(1) 0.987(2)
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Figure 8.5: (a)Macroscopic (engineering) stress-strain curves of TRIP steel measured step-wise during

the in situ X-ray diffraction experiments and (b) the austenite fraction as a function of the macroscopic
strain.
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8.4.3 Single grain analysis
The 4 reflections monitored on the FF detector have been tracked back to the MF diffraction data. For

the 4 individual grains of interest a collection of austenite peaks on different diffraction rings was
identified and indexed to obtain the grain orientation. At zero deformation the grain volume, the lattice

parameter and derived carbon concentration of the 4 indexed grains have been reported in Table 8.2.

The relationship between the austenite lattice parameter and the grain’s chemical composition is given

by [11,30]:

a, =3.556+0.0453x, +0.00095x,,, +0.0056x,, )

where @, is the austenite lattice parameter in Aandx,, x,, and X, are the alloying concentrations in

wt.%. The presence of Si and P is considered to have a negligible effect on the lattice parameter of
austenite. The studied grains are blocky-type austenite grains, which constitute the remaining parts of
the intercritical austenite grains after the partial bainitic transformation. Both the carbon enrichment

and the grain volume are significant parameters to retain the austenite stability at room temperature.

These microstructural parameters have been intensively investigated to establish their relation to the

martensitic start temperature of the austenite-to-martensite transformation [3,9-11]:

1
_ _ _ 3
M =M, - Ax, BV7 (3)
The first two terms of this expression reflect the well-known Andrews’ empirical relation between the

martensitic start temperature, MS and the carbon content with A4 =425 K/wt.% [31], while the third

term was recently introduced to quantify the effect of the grain volume on its stability, where Mm:

702 Kand B =475 um K for the current TRIP microstructure [3].

The derived grain orientation has been used to map the tensile direction in the inverse pole figure
represented by the stereographic triangle in Fig. 8.6. The background colour in the inverse pole figure
corresponds to the theoretical Schmid factor for a face-centred cubic system. The Schmid factor

represents the relative strength of the maximum resolved shear stress along the relevant slip system
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8. Tensile deformation: Subgrains experiment

that drives the austenite-to-martensite transformation. The 4 selected grains present a Schmid factor of

about 0.45, which is close to the highest theoretical value of 0.5.

001

111

A

110

Figure 8.6: Stereographic triangle representing the grain orientation with respect to the loading direction
at no deformation. The white spheres indicate the relative orientation of the 4 grains studied. The colour
scheme represents the theoretical Schmid factor for the most favourable slip system in a face-centred
cubic system.

8.4.4 High resolution data analysis

The integrated radial peak profile has been fitted with a Pseudo-Voigt function where the resulting

parameters of the 4 austenite grains have been reported in Table 8.3.

Table 8.3: Grain characteristics for the 4 grains studied on the far field detector before deformation.

VR

Qo <q)>" T <A26> <ha> <e’>” Volume  Radius  Subgrains
A" (10°AT)  (10°AT)  (deg) (deg) (%) (um?®) (um)  (number)
3.0248 0.7056 12.463 0.0011 0.0035 0.023 1426 6.98 1066
3.0248 0.9096 6.175 0.0015 0.0011 0.030 369.3 4.45 263
3.0260 3.3801 52.414 0.0055 0.0150 0.112 658.1 5.40 422
3.0243 1.0271 5.679 0.0017 0.0014 0.034 2511 3.91 82
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Fig. 8.7 shows the projection of the 2D intensity distribution on the plane perpendicular (g,,q,) to the
scattering vector at no deformation. This 2D projection of the 3D diffraction peaks in reciprocal space
shows a complex variation in the diffracted intensity originating from a single grain. For grain 1, it is
clearly observed that the peak shows one central peak with a rich substructure. In high resolution the
pronounced substructure of the reflection is observed even before applying any macroscopic tensile
load. Several small sharp peaks, slightly misoriented with respect to the main peak, are observed
indicating the presence of subgrains within the grain. The presence of a rich dislocation structure within
the austenite grain before applying a tensile deformation may find its origin in the TRIP heat treatment,
where a certain amount of dislocations are expected be induced by the bainite formation and the
resulting inhomogeneous residual stresses. Such a pre-existing substructure has been observed for all

the 4 grains.

0.053

AQ, (A1)

Grain 4

0.00 AQz (A1) 0.154  0.00 AQz (A1) 0.154

Figure 8.7: Projection of the 3D reciprocal space intensity distribution on to the azimuthal plane (Q,, Q.)
at no deformation.

For grain grain 3 besides the central peak a disconnected more diffuse contribution is observed. It

cannot be excluded that the intensity of the diffuse contribution in Fig. 8.7c originates from a different
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8. Tensile deformation: Subgrains experiment

grain. However, the {111} austenite reflections are generally well separated under the current
conditions. An alternative explanation is that during the bainitic transformation in a limited number of
cases two spatially separated units origination from the same grain are generated [3]. In this case these

retained austenite units can have a slightly different orientation.

To obtain a better insight into the substructure representing the dislocation network, each subpeak with

a local maximum in intensity within the 3D peak profile presented in Fig. 8.7 has been studied

independently and compared to the centre of mass of the total reflection. The scattering vectors é of
each subpeak and éo of the full peak have been compared. In Fig. 8.8, the resulting difference vector

‘}:Q—Qo:qpm"‘qmp has been decoupled in ZIW andc}perp, corresponding respectively to the

component along and perpendicular to Q).
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Figure 8.8: Scattering vectors of the subpeaks of grain 1. The scattering vector is é=éo+&
decomposed in the central vector éo and the deviatory vector ¢. The vector qis decomposed in a

component §, along and {, perpendicular to éo: respectively.
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The maximum misorientation for the subpeaks amounts to A, = 0.0336 A*. The variation in lattice
parameter, represented by Aqp,,, is significantly smaller. In Table 8.3 the grain volume and the number
of assigned subgrains is listed for the studied grains. When the grain volume is divided by the number of
identified subgrains an average volume of about 1 pm? is obtained for all 4 grains. This value should be
regarded as an upper bound for the average subgrain size as the smallest subgrains cannot be identified
due to the overlap of subgrain diffraction peaks: the weakest peaks are indistinguishable when they fall
inside the tails of the more intense peaks from larger subgrains. That the average subgrain size is
significantly smaller than 1 um is consistent with typical experimental dislocation densities of the order

of 10* m™[32,33], which corresponds to an average subgrain size of about 0.1 pm.

The characteristics of the subgrain structure can be quantified in more detail using an autocorrelation
function of the 3D high-resolution peak structure represented in Fig. 8.7.The correlation function
reflects the nature of the spatial correlations within the material [34-36]. The used reciprocal-space

autocorrelation function corresponds to:

(4)

. 21(5)1@}

1(0)1(0))
where Z[ is the difference vector in reciprocal space and I((}) is its corresponding intensity. The

resulting curves for grain 1 are shown in Fig. 8.9. Two types of contributions are present in the
autocorrelation function: one sharp initial decrease in the first displacement step, followed by a smooth

continuous decrease. The overall behaviour closely follows an exponential of the following form:
C(q,)=(1-A)+ Aexp(—clq ) (5)
where g; is the component of Z[ along (gpar) and perpendicular (Gperp) to QO. This autocorrelation

1 r/2
function reflects a Lorentzian distribution —4 —— for a symmetric real-space displacement x

T x*+(T/ 2)2
with a full width at half maximum I" [37]. The constant c is linked to the distribution with by ¢ = nl". In

our case the constant c has been calculated in both dimensions: ¢, =70.6(2) A and 0 =33.2(5) A.
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8. Tensile deformation: Subgrains experiment

The corresponding correlation distance for the displacement fields is as low as FW ~1nm. This

confirms earlier observations that the subgrains within a single grain form a hierarchical structure with

characteristic sizes ranging from the nanometer up to the micron range [33,34].

8.4.5 Strain effect on the sub structure of individual austenite grains
Fig. 8.10 shows a projection of the 3D diffraction peak of grain 4 for both detectors as a function of the

stress state. The sequence illustrates the power of high-resolution diffraction to study the evolution in
subgrain structure during tensile deformation [38]. It is observed (on both detectors) that the single
grain reflection remains essentially unchanged for increasing strain levels well below the macroscopic
yield strength until a critical stress is reached and the reflection disappears. The tensile load required for
macroscopic yielding to induce plastic deformation is not reached at this stage. The reason the peak
intensity disappeared for 382 MPa is that the critical stress level to activate the martensitic
transformation has been reached. As shown in Fig. 8.10, the high resolution data indicate that the peak
position is only weakly affected by the tensile load. In the macroscopic elastic regime the grains,

embedded in the multiphase microstructure, are indeed not expected to show a significant rotation.

Even though this may not be anticipated, it is important to check that the disappearance of the
austenite reflection originates from a martensitic transformation and is not caused by a sudden grain
rotation (potentially caused by the transformation of a neighbouring austenite grain). This cannot be
excluded from the limited angular view probed by the FF detector. Therefore, the MF data were used to
index multiple peaks originating from the same grain. Using the 3DXRD method [28,29] the orientation
matrix of the 4 individual grains was obtained for each deformation step from the combined set of
reflections collected on the MF detector over a wide angular rotation range. The grain orientation of the
4 grains has been tracked for increasing stress. The resulting stereographic projection was found to be
equivalent to initial representation shown in Fig. 8.6. No grain rotation has been observed in the

macroscopic elastic regime for the 4 grains of interest.

As explained in a previous study on the thermal stability [9], different types of transformation behaviour

exist: (i) no transformation, (ii) a complete transformation (in a single cooling step) and (iii) an partial
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transformation (in more than one cooling step). Under tensile deformation we find that most grains
show a complete martensitic transformation is a single strain step. In Fig. 8.11, the grain volume as a
function of the macroscopic strain has been presented. Grains 2 to 4 transformed in one step, while
grain 1 shows a partial transformation in the first step. The grain volume reduced significantly in the first

strain step and disappeared in the second strain step.
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Figure 8.9: Correlation function of the 2D peak of the grain 1 over as a function of (a) qper, and (b) qpar.
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8. Tensile deformation: Subgrains experiment
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Figure 8.10: Projection of the 3D reciprocal space intensity distribution of the grain 4 on to the azimuthal
plane (0,,Q.) . A series of projection for both detector and 5 stress states is presented.
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Figure 8.11: Grain volume as a function of the applied macroscopic stress from the medium-field single
grain data analysis.

8.5 Conclusions

We have performed in-situ high-resolution X-ray diffraction experiments at a synchrotron source in
order to obtain a full characterization of individual metastable austenite grains within a multiphase TRIP
microstructure. A multi-method approach focussing on the phase averages (powder data), single grains

(micro-beam data) and subgrains (high-resolution data) has been performed. The main conclusions are:

1. the presented method of using a far-field detector allows us to study individual Bragg reflections at
high resolution. This makes it possible to resolve subgrains in austenite grains prior to the martensitic

transformation.

2. We have observed that the austenite grains already contain a pronounced initial substructure before
applying any mechanical load. The corresponding dislocations are expected to be the result of local

transformation strains during the TRIP heat treatment.

3. Austenite grains have been tracked during tensile deformation at stress level lower than the
macroscopic yield stress. Most austenite grains show a complete martensitic transformation in a single

strain step.
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8. Tensile deformation: Subgrains experiment

4. A full grain characterisation from the medium-field data shows that the grains are not rotating before

reaching the required critical resolved shear stress for transformation.
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Summary

TRIP steel is a material providing great mechanical properties. Such steels show a good balance
between high-strength and ductility, not only as a result of the fine microstructure, but also because of
the well-known TRIP effect. The Transformation Induced-Plasticity (TRIP) phenomenon is the
transformation of the soft metastable austenite phase to the hard martensite phase due to a
mechanical or a thermal stimulus. Already developed in the 1980s, these materials gained new interest
since their fabrication has been achieved via a considerable reduction of relevant alloying element
concentrations. The mechanical response of such steels, intended to be used in the automotive industry
to decrease the gas emission of vehicles, remains difficult to predict. The reason is that the stability of
austenite simultaneously depends on a number of intrinsic and extrinsic parameters. As a result, limited
in-depth information can be obtained using conventional characterization techniques. Some progress
has been made by means of micromechanical models developed to tailor the TRIP effect. These
advanced multi-scale models that consider both the macrostructure and microstructure are valuable
tools, but have so far been based on limited experimental input for validation and are likely to be not

correct.

Improved physical characterization methods based on synchrotron radiation make it possible to
study the transformation behaviour of the metastable phase in-situ during mechanical or thermal
deformation both macroscopically and at the level of individual grains. The aim of this thesis is to
qguantify the microstructural parameters controlling the mechanical and thermal stability of austenite at
an individual grain level using synchrotron X-ray diffraction. This thesis presents the results from
experiments probing the transformation behaviour at a macroscopic scale, at a grain level scale and

even at a sub-grain scale.
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In Chapter 3 | report in-situ magnetization and high-energy X-ray diffraction measurements on
two aluminum-based TRIP steels during cooling from room temperature down to 100 K in order to
evaluate amount and stability of the retained austenite for different heat treatment conditions. | found
that the bainitic holding temperature affects the initial fraction of retained austenite at room

temperature but does not influence significantly the rate of transformation upon cooling.

In Chapter 4 the stability of the retained austenite has been studied in-situ in low-alloyed TRIP
steels using high-energy X-ray diffraction during tensile tests at variable temperatures down to 153 K. A
detailed powder diffraction analysis has been performed to probe the austenite to martensite
transformation by characterizing the evolution of the phase fraction, load partitioning and texture of the
constituent phases simultaneously. Our results show that at lower temperatures the mechanically
induced austenite transformation is significantly enhanced and extends over a wider deformation range,
resulting in a higher elongation at fracture. Low carbon content grains transform first, leading to an
apparent increase in average carbon concentration of the remaining austenite. At higher deformation
levels the average carbon content saturates while the austenite still continues to transform. In the
elastic regime the probed {hkl} planes develop different strains reflecting the elastic anisotropy of the
constituent phases. The observed texture evolution indicates that the austenite grains oriented with the
{200} along the loading direction are transformed preferentially as they experience the highest resolved
shear stress. For increasing degrees of plastic deformation the combined preferential transformation
and grain rotation results in the standard deformation texture for austenite with the {111} component
along the loading direction. The mechanical stability of retained austenite in TRIP steel is found to be a
complex interplay between carbon concentration in the austenite, grain orientation, load partitioning

and temperature.

In Chapter 5 the microstructure evolution during shear loading of a low-alloyed TRIP steel with
different amounts of the metastable austenite phase and its equivalent Dual Phase (DP) grade has been
studied by in-situ high-energy X-ray diffraction methods. A detailed powder diffraction analysis has been

performed to probe the austenite-to-martensite transformation by characterizing simultaneously the
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Summary

evolution of the austenite phase fraction and its carbon concentration, the load partitioning between
the austenite and the ferritic matrix and the texture evolution of the constituent phases. My results
show that for shear deformation conditions the TRIP effect extends over a significantly wider
deformation range than for simple uniaxial loading. A clear increase in average carbon content during
the mechanically-induced transformation proves that austenite grains with a low carbon concentration
are least stable during shear loading. The observed texture evolution indicates that under shear loading
the orientation dependence of the austenite stability is relatively weak. Earlier work had shown that
under a tensile load the {110}<001> component transforms preferentially. The mechanical stability of
retained austenite in TRIP steel is found to be a complex interplay between the interstitial carbon

concentration in the austenite, the grain orientation and the load partitioning.

Chapter 6 focuses on the determination of the local retained austenite-to-martensite
transformation behaviour in an inhomogeneous yet carefully controlled shear loaded region of double
notched TRIP and DP steel samples. A detailed powder analysis has been performed to simultaneously
monitor the evolution of the phase fraction and carbon enrichment of metastable austenite and the
local strain components in the constituent phases as a function of the macroscopic stress and location
with respect to the shear band. The metastable retained austenite showed a mechanically-induced
martensitic transformation in the localized shear zone, which is accompanied by an apparent carbon
enrichment in the remaining austenite. At the later deformation stages the geometry of the shear test
samples results in the development of an additional tensile component. The experimental strain field
within the probed sample area is in good agreement with the predictions from finite-element
calculations. The strain development observed in the low-alloyed TRIP steel with metastable austenite is
compared to that of steels with the same chemical composition yet containing either no austenite (a DP
grade) or a stable (i.e. non-transforming) retained austenite fraction (a TRIP grade produced at a long
bainitic holding time). The transformation of metastable austenite under shear load is a complex

interplay between the local microstructure and the evolving strain fields.
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In Chapter 7 the stability of individual metastable austenite grains during tensile loading has
been studied in-situ. A new analysis method based on Friedel diffraction pairs has been developed to
correlate the macroscopic behaviour of the material to the microstructural parameters of individual
grains. The carbon concentration, grain volume and orientation have been determined from single
peaks of the diffraction pattern. My results show that these three parameters control the mechanical
stability, while the grain volume was found to be the dominant parameter. The orientation-dependent
stability of the austenite grains with respect to the tensile axis shows a transformation sequence that is
in line with their Schmid factor. It has been observed that for increasing tensile load most austenite

grains transform into martensite in one step.

In Chapter 8 the martensitic transformation behaviour of the meta-stable austenite phase in
low-alloyed TRIP steels during deformation has been studied in more detail. The stability of austenite
has been studied at different length scales during tensile tests. A powder diffraction analysis has been
performed to correlate the macroscopic behaviour of the material to the observed changes in the
volume phase fraction. Moreover, the austenite transformation behaviour has been studied at the
length scale of individual grains, where an in-depth characterization of four selected grains has been
performed including grain volume, local carbon concentration and grain orientation. For the first time, a
high resolution far-field detector was used to study the initial and evolving structure of individual
austenite grains during uniaxial tensile deformation of the sample. The sub-grain size in austenite is
found not to change significantly during the deformation. The final transformation to martensite

occurred in either one or two loading steps.
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Samenvatting

TRIP staal is een materiaal dat uitstekende mechanische eigenschappen vertoont. Het
belangrijkste voordeel is de goede balans tussen een hoge sterkte en een goede vervormbaarheid, die
veroorzaakt wordt door zowel de kleinschalige microstructuur als het bekende TRIP effect. Bij het
Transformation Induced-Plasticity (TRIP) effect transformeert de zachte metastabiele austeniet fase in
een harde martensiet fase onder de invloed van mechanische of thermische stimuli. Oorspronkelijk
ontwikkeld in de 1980s, trok dit materiaal hernieuwde aandacht toen de fabricatie ervan tot stand
kwam met een aanzienlijke reductie in legeringselementen. De voorspelling van het mechanisch gedrag
van dergelijke stalen, bedoeld voor toepassingen in de auto industrie om de CO2 emissie van voertuigen
te verminderen, bleek moeilijk. De reden hiervoor is dat de austeniet fase gevoelig is voor een reeks van
intrinsieke en extrinsieke parameters die gezamelijk bepalend zijn voor haar stabiliteit. Hierdoor kan er
maar beperkte informatie worden verkregen via de gangbare fysische karakteriseringsmethoden voor
meerfasige staalsoorten. Enige voortuitgang is geboekt dankzij micromechanische modellen die
ontwikkeld zijn om het TRIP effect te optimaliseren. Deze geavanceerde modellen, die diverse lengte
schalen bestrijken en zowel de macrostructuur als de microstructuur in beschouwing nemen, zijn
waardevolle gereedschappen maar zijn tot nu toe gevalideerd op basis van beperkte en relatief

ongedetailleerde experimentele data.

Verbeterde geavanceerde karakterisatiemethoden maken het mogelijk om de metastabiele fase
in-situ tijdens deformatie te bestuderen. Het doel van dit proefschrift is om de microstructurele
parameters die de mechanische stabiliteit van het austeniet bepalen te kwantificeren met behulp van

synchrotron Rontgen-diffractie. Dit proefschrift presenteert de resultaten van experimenten op zowel
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macroscopische schaal als op de schaal van individuele korrels enzelfs op sub-korrel nivo, het

presenteert daarmee een unieke beschrijving over meerdere lengteschalen.

In Hoofdstuk 3 worden in-situ magnetisatie en Rontgendiffractie metingen gepresenteerd aan
twee aluminium-houdende TRIP stalen tijdens afkoeling vanaf kamertemperatuur naar een temperatuur
van 100 K om de hoeveelheid en stabiliteit van het rest-austeniet te bepalen als functie van de eerder
opgelegde warmtebehandeling. Gebleken is dat de bainitische transformatietemperatuur van invloed is
op de initiéle fractie rest-austeniet, maar niet significant van invloed is op de mate van transformatie

tijdens verder afkoelen naar temperaturen onder kamertemperatuur.

In Hoofdstuk 4 is de stabiliteit van het rest-austeniet in laag-gelegeerde TRIP stalen tijdens
mechanische vervorming bij temperaturen variérend van kamertemperatuur tot 153 K bepaald . Een
gedetailleerde analyse van de poederdiffractie is uitgevoerd om de transformatie van austeniet naar
martensiet te karakteriseren via de gelijktijdige evolutie in de fasefractie, de spanningsdeling over de
aanwezige fasen en de textuur binnen elk van deze fasen. De resultaten laten zien dat bij lagere
temperaturen de mate van mechanisch geinduceerde austeniet transformatie significant toeneemt en
zich uitstrekt over een breder deformatiebereik, resulterend in een hogere rek bij breuk. Korrels met
een lage koolstofconcentratie transformeren als eerste waardoor het resterende austeniet een
schijnbare toename laat zien in de gemiddelde koolstofconcentratie. In een later stadium bereikt de
koolstofconcentratie een constant waarde, terwijl de austeniet blijft transformeren. In het elastische
regime laten de gevolgde {hkl} vlakken een verschillend verloop zien in de ontwikkelde rek, wat een
gevolg is van elastische anisotropie binnen de aanwezige fasen. De waargenomen evolutie in textuur
geeft aan dat de austeniet korrels met een {200} oriéntatie langs de trekrichting als eerste
transformeren aangezien zij de hoogste opgeloste schuifspanning ondergaan. Voor toenemende
plastische deformatie leidt de combinatie van selectieve transformatie voor specifieke oriéntaties en
korrelrotatie tot de gebruikelijke deformatie-textuur voor austeniet met {111} component langs de

trekrichting. De mechanische stabiliteit van rest-austeniet in TRIP staal blijkt een complex samenspel
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Samenvatting

tussen de koolstofconcentratie in de austeniet, de korreloriéntatie, de spanningsdeling en de

temperatuur.

In Hoofdstuk 5 wordt de evolutie in de microstructuur in een laag-gelegeerd TRIP staal als
gevolg van afschuifbelasting bestudeerd middels in-situ hoge-energie Rontgen-diffractie. De resultaten
worden vergeleken met de data voor een overeenkomstige Dual Phase (DP) staalkwaliteit. Een
gedetailleerde poederdiffractie analyse is uitgevoerd om de austeniet-naar-martensiet transformatie te
bestuderen door gelijktijdig de evolutie van de austeniet fasefractie, de koolstofconcentratie, de
spanningsverdeling en het textuurverloop van de aanwezige fasen te volgen. De resultaten laten zien
dat onder een afschuifbelasting het TRIP effect over een aanzienlijk groter deformatie-bereik plaatsvindt
dan voor simpele uniaxiale trekbelasting. Een duidelijke toename in de gemiddelde koolstofconcentratie
gedurende de mechanisch geinduceerde transformatie geeft aan dat de austeniet korrels met een lage
koolstofconcentratie het minst stabiel zijn tijdens een afschuifbelasting. De waargenomen
textuurevolutie geeft aan dat onder afschuifbelasting de oriéntatie-afhankelijkheid van de austeniet
stabiliteit relatief gering is, terwijl eerder gevonden was dat onder trekbelasting {110}<001> component
bij voorkeur transformeert. De mechanische stabiliteit van rest-austeniet in TRIP staal blijkt een complex
samenspel tussen de initiéle koolstofconcentratie in het austeniet, de oriéntatie van de korrel en de

spanningsverdeling.

Hoofdstuk 6 richt zich op de bepaling van de lokale transformatie van rest-austeniet naar
martensiet in een gebied met een inhomogene maar nauwkeurig gecontroleerde afschuifdeformatie in
TRIP en DP preparaten met een dubbele insnijding. Een gedetailleerde poederanalyse is uitgevoerd om
gelijktijdig de evolutie van de fasefractie en koolstof concentratie van het metastabiele austeniet en de
lokale rekcomponenten van de aanwezige componenten als functie van de macroscopische spanning en
locatie ten opzichte van de afschuivingsband te bepalen. De metastabiele rest-austeniet vertoont een
mechanisch geinduceerde martensitische transformatie in de gelokaliseerde afschuifzone, welke
samengaat met een toename in gemiddelde koolstofconcentratie van de overgebleven austeniet. In de

latere deformatiestadia leidt de geometrie van de proefstukken gedimensioneerd voor zuivere
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afschuifvervorming tot de ontwikkeling van een aanvullende axiale rekcomponent. Het experimenteel
bepaalde deformatieveld in de onderzochte preparaten is in goede overeenstemming met de resultaten
van eindige-elementen berekeningen. De ontwikkeling van de vervorming in het laag-gelegeerde TRIP
staal met metastabiel austeniet is vergeleken met dat van staalsoorten met dezelfde chemische
samenstelling die geen austeniet (een DP staal) of een stabiele rest-austeniet fractie bevatten (een TRIP
staal geproduceerd met een langere bainitische transformatietijd). De transformatie van de metastabiel
austeniet onder een afschuifbelasting bleek het resultaat te zijn van een complex samenspel tussen de

lokale microstructuur en de zich evoluerende deformatievelden.

In Hoofdstuk 7 is de stabiliteit van individuele austenietkorrels in metastabiele conditie tijdens
trekbelasting in-situ bestudeerd . Een analysemethode gebaseerd op het gebruik van Friedel gepaarde
diffractiespots is ontwikkeld om het macroscopische gedrag in het materiaal te correleren aan de
microstructurele parameters van individuele korrels. De koolstofconcentratie, het korrelvolume en
oriéntatie zijn bepaald op basis van individuele pieken in het diffractiepatroon. Onze resultaten laten
zien dat de drie eerder genoemde parameters de mechanische stabiliteit bepalen, waarbij het
korrelvolume een dominante rol speelt. De oriéntatie-afhankelijke stabiliteit van de austenietkorrels ten
opzichte van de trekrichting laat een transformatievolgorde zien die in overeenstemming is met de
waarde van hun Schmid factor. De meeste austenietkorrels transformeren in één enkele stap bij
toenemende trekbelasting, maar ook twee-traps transformatiegedrag is waargenomen. Ook dit
onderzoek laat zien dat de mechanische stabiliteit van individuele austenietkorrels een complex

samenspel is tussen de microstructurele parameters en de extern opgelegde vervorming.

In Hoofdstuk 8 wordt het transformatiegedrag van de metastabiele austenietfase in laag-
gelegeerde TRIP stalen in situ tijdens axiale deformatie beschreven. De stabiliteit van austeniet is
onderzocht op verschillende lengteschalen. Een poederdiffractie analyse is toegepast om het
macroscopische gedrag van het materiaal te correleren aan de waargenomen veranderingen in de
volume fractie. Daarnaast is het austeniet transformatiegedrag bestudeerd op de lengteschaal van

individuele korrels, waarbij er een diepgaande karakterisatie van vier geselecteerde korrels voor wat

140



Samenvatting

betreft het korrelvolume, de lokale koolstofconcentratie en oriéntatie van de korrels is uitgevoerd. Voor
het eerst is er een hoge-resolutie detector-op-grote afstand gebruikt om de initi€le en de zich
ontwikkelende struktuur van individuele austenietkorrels te bestuderen tijdens axiale deformatie. De
metingen lieten zien dat de afmetingen van sub-korrels in afzonderlijke austeniet korrels niet significant
veranderen tijdens de deformatie. De uiteindelijke transformatie naar martensiet vindt in één of twee

stappen plaats.
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